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ABSTRACT
This project contributes to the understanding of the effect of alloying elements on the deposit
characteristics, microstructure and matrix stability, and wear resistance of iron, cobalt, and nickel-
based hardfacing alloys deposited by fusion welding processes. Its primary purpose has been to
establish the relationships between microstructure and abrasive wear properties. The effects of arc
welding process variables on weld bead dimensions, dilution and microstructure of iron-based
hardfacing alloys have been studied using heat flow theory. Theoretical results were compared
with experimental data and the agreement was found to be reasonably good.
The microstructure and partitioning ratios of high-chromium and high-carbon hardfacing alloys
have been examined experimentally using transmission electron microscopy and microanalytical
techniques. The results show that the austenitic matrix is metastable and transforms to ferrite of
reduced chromium content, and M7C3 carbides. Therefore, the matrix was stabilised by the
addition of manganese and nickel. Although this increased the chromium concentration in the
matrix, the volume fraction of the primary carbides decreased.
To improve the high-temperature stability, oxidation and corrosion resistance of such
hardfacing alloys, the role of Si on their microstructure, phase chemistry and abrasive wear
resistance has been examined.
Si is found to partition strongly into the liquid during solidification; Si concentrations of up to
18at% have been found in the matrix, even though the average concentrations used were far less.
Si is found to influence significantly the morphology of M7C3 carbides, possibly by reducing the
orientation dependence of interface energy. This is believed to be beneficial in enhancing the
toughness and hence, impact wear resistance of the alloys. A further effect of Si is to reduce the
Cr concentration of the austenite in these alloys. This reduction is advantageous because the Cr is
used more effectively in the formation of M7C3 carbides. The results indicate that high Si alloys
have a better abrasion wear resistance, and on the basis of these results new welding electrodes
and deposits have already been prepared.
The effect of carbide forming elements (Mo, V, W, Nb, and Ti) on the microstructure and
abrasive wear resistance of MMA weld deposits has also been studied. Their partitioning ratios
between the matrix and carbide phases and volume fractions of phases have been determined
experimentally and the relationship between the microstructure and abrasive wear resistance of
these alloys has been analysed.
The microstructure of cobalt-based hardfacing alloys deposited by manual metal arc (MMA)
welding, tungsten inert gas (TIG) welding and laser cladding has been investigated to establish
the relationship betwen microstructure and abrasive wear properties. For typical deposition
conditions, the differences in freezing rates associated with the three processes are found to give
rise to large differences in microstructure. The manual metal arc welding process is found to lead
to the largest degree of dilution of the hardfacing deposit; the tungsten inert gas and laser clad
deposits exhibited much lower levels of mixing with the base plate. For the deposition conditions
used in this study, and for the alloys examined, the scale of the microstructures decreases in the
Hi
order MMA, TIG and laser cladding, leading to an increase in the deposit hardness in the same
order. Other detailed differences in microstructure and phase compositions are discussed and
rationalised in terms of process variables.
Abrasive wear test experiments were carried out on these deposits using SiC and AI203. With
alumina, the wear rate is found to be persistently higher with the MMA deposits which have the
coarsest microstructure, the weight rate being constant The laser and TIG deposits which have
more refined microstructures and slightly higher carbon concentrations, have both been found to
exhibit lower wear rates. The TIG samples initially have been found to be the most resistant to
abrasion, even though their microstructure compares with that of the laser samples; this is a
consequence of their higher ductility associated with a lower rate of strain hardening. With the
much harder silicon carbide abrasive, all samples were found to show similar constant wear rates.
The wear data are found to correlate with scanning and transmission electron microscopy
observations. The stability of the microstructure at high temperatures has also been examined.
The MMA welding technique was also employed for the deposition of nickel-based alloys.
The effect of adding AI and Ti to such alloys on volume fraction and other characteristics of
gamma prime precipitates has been studied using a theoretical model capable of accounting for
the simultaneous effect of several alloying additions. The experimental results were found to be in
agreement with the theoretical approach.
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1. AIMS AND SCOPE OF THE PROJECT
Abrasive wear is defined as "wear by the displacement of materials, the displacement being
caused by hard particles or protuberances".o) This definition indicates that abrasion is a part of
daily life and is in many cases inevitable. A recent report estimates the losses per annum by
friction, wear and corrosion at about 4.5% of the gross national product.(2) The economic
importance of wear and the great need for systematic research and a fundamental understanding
of wear process has been well recognized.
A knowledge of the microstructure and its influence on wear resistance is of importance for
both material selection and alloy development. In other words, the ultimate goal is to predict the
changes in microstructure during abrasion, as a function of the wear conditions and initial
chemical composition.
Among the wear resistant alloys, hardfacing materials, deposited using one of a wide range of
welding processes are used extensively in the form of coatings on a low-cost base material since
they improve the desirable properties of a whole component without impairing its bulk properties.
This project aims to lead to an understanding of the microstructure and its influence on
abrasive wear resistance, matrix stability, and oxidation and corrosion resistance of iron, cobalt,
and nickel-based hardfacing alloys. The flow diagram in Fig. 1.1 illustrates the aims of the
project.
Abrasion involves a great number of variables and parameters (e.g. hardness, shape, and size
of the abrasives) which make the understanding of the wear phenomena rather difficult. These are
examined in Chapter 3, and this knowledge is used for an interpretation of the experimental
results in the chapters that follow.
Welding conditions and alloying element additions are the major parameters which control
microstructure. The influence of the welding parameters on the deposit characteristics is therefore
reviewed (Chapter 2, and 4) and investigated, with the results being presented in Chapters 4 and
5.
It is now becoming widely accepted that in order to further the development of hardfacing
alloys one needs a basic understanding of their microstructure. Therefore, the effect of
microstructure on abrasive wear, oxidation, corrosion resistance and matrix stability is reviewed in
Chapter 6.
On the basis of a detailed literature review in Chapter 6. Chapter 7 aims to understand the
microstructural properties of Fe-Cr-C hardfacing alloys, and the effects of a wide range of
alloying elements, and subsequently to establish the relationship between abrasive wear resistance
and the microstructure. Theoretical calculations are also essential for any alloy design procedure
in order to rationalise the effect of alloying elements on the volume fraction and equilibrium
compositions of carbide and matrix phases.
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MICROS1RUCTURAL CONTROL AND
DEVELOPMENT OF HARDFACING ALLOYS
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Fig. 1.1: Flow diagram illustrating the aims of the project. Where MMA, TIG, and PAW refer
to the manual metal arc, tungsten inert gas, and plasma arc welding processes respectively.
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2. HARDFACING PROCESSES AND ALLOYS
2.1 Hardfacing
Hardfacing is the application of a hard, wear, oxidation and corrosion resistant material to the
surface by welding, spraying, or allied welding processes to decrease wear or destruction of a
material under different sorts of service conditionsY> Fig. 2.1 illustrates the schematic
representation of the hardfacing process. This process is more economical than improving the
desired properties of the entire component, because hardfacing involves the application of a
coating to a low cost base material. The surfaces are generally modified by using welding or
allied welding processes excluding the use of extra heat treatments after the deposition.
c
Fig. 2.1: Schematic representation of the hardfacing process. Hardfacing alloys are deposited
onto a substrate either as a single (a) or multiple layers (b). In some applications a buffer layer is
first deposited and then a hardfacing alloy is added (c) to minimize the difference in thermal
contraction between the deposit and base metal.
4
Since hardfacing is used to improve the selVice life of the components, the alloys to be deposited
should have certain desired properties, as summarised below.
1) Hardness
- macrohardness,
microhardness, (the hardness of the individual components in a
microstructure, e.g. hardness of the carbides)
hot hardness, (elevated temperature hardness)
creep resistance (for high temperature applications) .
2) Abrasion resistance
- under low-stress abrasion,
under high-stress abrasion,
under corrosive, and oxidative conditions.
3) Heat resistance
- oxidation resistance,
- resistance to thermal fatigue.
4) Corrosion resistance.
5) Tribological properties
- friction coefficient,
- surface films,
- lubricity,
- plasticity.
2.2 Hardfacing Alloys
Conventional surfacing materials are generally classified as steels, or low-alloy ferrous
materials, irons or high-alloy ferrous materials, cobalt-based alloys, nickel-based alloys, copper-
based alloys, carbides, and chromium boride paste.(2) The classification of weld deposited
hardfacing alloys based on their compositions has been proposed by the Hardfacing Working
Party of British Steel, and the procedure is summarised in Table 2.1. This table also includes the
deposited hardness of each alloy and the most commonly used welding technique. The
comparison of properties of hardfacing alloys is represented in Fig. 2.2.
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Fig. 2.2: Comparison of properties of hardfacing alloYS.(3)
2.2.1 Low-alloy Ferrous Materials
2.2.1.1 Martensitic Steels
These steels are designed to form martensite during the normal air cooling of the weld
deposits. These alloys contain up to O.5C, 3.4Mo, W, Ni and 15Cr (wt%) in order to increase
hardenability and strength, and to promote martensite formation. The carbon in these alloys is the
major alloying element which influences the mechanical properties. For example, the lower carbon
containing alloys are tougher and more crack-resistant than the higher carbon variants. The
deposits have high strength with some ductility. However, their abrasion resistance is low
although it can be increased with carbon content The deposits are used for the reinforcement of
shafts, rollers and other machined surfaces.
2.2.1.2 High-Speed Steels
These alloys are basically martensitic steels modified with tungsten, molybdenum, and
vanadium which form stable carbides so that the alloys remain hard to temperatures as high as
600°C. They are used in the applications where high-speed tool steels are used.
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2.2.1.3 Austenitic Steels
The austenitic phase in these steels is stabilised by manganese additions. The steels can be
categorised into two groups; the low-chromium, and high-chromium alloys. Low-chromium alloys
(up to 4.0Cr, 12-15Mn, Ni, Mo wt%) are tougher due to the absence of hard chromium carbides
and are used under high impact service conditions. High-chromium austenitic steels (l2-17Cr,
15Mn wt%) are used for rebuilding manganese steel and carbon steel parts which experience
metal-to-metal pounding, as well as for joining manganese steels. Although these alloys are
relatively soft in as-deposited condition, they rapidly work-harden as a consequence of surface
deformation.
2.2.2 Ferrous Materials
High alloy irons contain large amounts of chromium and/or molybdenum additions which form
the carbides that impart abrasion resistance. The matrix may be austenitic, martensitic, pearlitic,
ferritic or some combination of these phases. The high carbon (2-6, wt%) and high chromium (up
to 40 wt%) concentrations provide a large volume fraction of hard M7C3 carbides which enhance
wear resistance and the chromium also promotes the formation of oxide layers (e.g. Cr203) so
that these alloys are occasionally used in situations requiring oxidation resistance (e.g. rolling mill
guides(4»). Some iron-based hard facing alloys contain up to 5.0Ni and 8.0Mn (wt%) to stabilise the
austenitic phase and to reduce the tendency of cracking during coolingY)
Low-alloy hardfacing irons contain up to 15Cr (wt%) and some molybdenum and nickel in the
austenitic matrix. They show excellent low-stress abrasion resistance since thay have a smaller
volume fraction of brittle carbides.
Martensitic irons which are cheaper show good high-stress abrasion resistance primarily
because of the high hardness of the martensitic matrix.
2.2.3 Nickel-Based Hard/aGing Alloys
These alloys are generally deposited to improve the wear resistance during service at high
temperatures. Carbon containing Ni -Cr-Mo- W-C alloys are also gaining popularity as a
replacement for the more expensive cobalt-based alloys. The carbon forms M7C3 and/or M6C
type carbides which precipitate in a fcc matrix phase which is solution strengthened. Molybdenum
and tungsten additions improve the hot hardness and high temperature strength.
Boron containing Ni-based alloys are also available in which the presence of very hard
chromium borides provide exceptional abrasion resistance.
Laves phase containing nickel-based alloys (Ni-32Mo-15Cr-3Si wt%) have also been
succesfully used in situations where metal-to-metal wear takes place. They unfortunately have
poor impact resistance due to the large volume fraction of hard intermetallic precipitates.
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2.2.4 Cobalt-Based Hardfacing Alloys
Cobalt-based hardfacing alloys have been used widely for over 50 years because of their good
wear, oxidation, and corrosion resistance combined with high hot hardness at temperatures
sometimes approaching 980°C.<'lThe most commonly used Co-based hardfacing alloys are of the
"Stellite" variety, with a nominal composition of Co-28Cr-4.0W-1.1C (wt%). First Stellite alloys
were developed in 1900 by Elwood Haynes and since then intense efforts have been made in
order to modify these alloys.
2.2.5 Copper-Based Alloys
These alloys are used primarily to improve corrosion, cavitation erosion, and metal-to-metal
wear resistance although they have poor abrasion resistance.
2.2.6 Tungsten Carbide Composites
Tungsten carbide containing alloys are especially good for heavy abrasive wear conditions. In
welding processes, filler material is provided in the form of mild steel tubes containing a mixture
of WC and W2C carbides. The resulting deposits contain undissolved carbides which provide
excellent abrasive wear resistance.
2.3 Applications of Hardfacing Alloys
Tha applications vary widely, ranging from the most severe, such as rock crushing, to those
which minimize metal-to-metal wear such as control valves where a few thousandths of an inch
of wear is intolerable.
Typical applications of hardfacing alloys having a high volume fraction of primary carbides
are illustrated in Fig. 2.3a,b. The shovel teeth are made of low-alloy cast steel, and on rare
occasions of Hadfield steel. The service life of new teeth and repaired teeth can be increased
significantly by hardfacing. The alloys also provide very good abrasion resistance in applications
where the leading edges are subject to heavy wear.
Cobalt and nickel-based hardfacing alloys are used extensively at elevated temperatures and in
corrosive environments. Hot shear-blades (Fig. 2.3c) and valve seats (Fig. 2.3d) are hardfaced by
Stellite type cobalt-based and Hastelloy type nickel-chromium alloys which provide high strength
at temperatures above 800oC.
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Fig. 2.3: Typical applications of hardfacing alloys. Iron-based hardfacing alloys with a high
volume fraction of carbides are used extensively under very severe service conditions, a) shovel
teeth; b) trencher teeth. Cobalt and nickel-based hardfacing alloys are preferable for high
temperature applications where high temperature strength is very important, c) hot-shear blades; d)
valve seats.(6)
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2.4 Hardfacing Alloy Selection
Alloy selection is generally considered in tenns of a compromise between wear and cost.
Other important parameters which must be taken into account are the base metal, deposition
process, corrosion and oxidation capacity. In general the following steps should be considered
when choosing an alloy:(1)
1) the service conditions,
2) selection of the hardfacing alloy,
3) compatibility of the hardfacing alloy with the base metal,
4) hardfacing process,
5) the level of dilution and the overall cost
2.5 Property and Quality Requirements
The choice of a hardfacing material usually depends on the deposition process, the component
geometry, and the deposition rate, rather than microstructural advantage.
The alloys can be deposited by gas and arc welding, manual metal arc welding, flux-cored arc
welding, submerged-arc welding process and spraying techniques. Research comparing the
methods is rather limited.
Dilution is a most important parameter which influences the properties of the deposit and
substrate. It is defined as the percentage of the base metal that mixes with the hardfacing
deposit.(l)A dilution of 30% thus means that the deposit contains 30% base metal and 70% of the
original hardfacing alloy. Wear resistance and other desirable properties dependent on dilution,
service perfonnance decreasing with dilution. Welding processes and techniques have to be
selected so as to control dilution to less than 20%. Hardfacing alloys can be deposited in several
layers to minimise the effect of dilution.
2.6 Metallurgical Characteristics of the Base Metal
The choice of a base metal depends upon its composition, melting temperature range,
contraction and thennal expansivity.
Steels are generally selected as a most suitable base metal for hardfacing. Medium carbon
steels (up to O.4C wt%) can be hardfaced by most welding processes. For higher carbon steels,
austenitic stainless steels, nickel-based alloys, martensitic steels and die steels greater attention to
preheat, interpass temperature and stress-relief heat treatment is required.
The difference in thennal expansion coefficient between the deposit and base metal effects the
solidification strain. Workpieces have to be unifonnly heated to obtain a deposit without cracks.
Contraction and thennal expansion differences between the base metal and hardfacing alloy cause
the fonnation of shear failures in some circumstances. Buffer layers are deposited between the
base metal and hardfacing material to accommodate better any differences in expansion
characteristics.
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2.7 Surfacing Techniques
2.7.1 Surfacing by Arc Welding
There are many arc welding processes for hardfacing.(4) Some of them are suitable for small,
precise overlays, whereas others offer high deposition rates for surfacing larger areas. Large
components often have to be surfaced (e.g. blast furnace bell, pressure vessels) using a low heat
input to avoid distortion. The manual metal arc welding and tungsten inert gas welding techniques
will be summarised here since these processes are extensively used and also are examined in this
thesis.
2.7.1.1 Manual Metal Arc Welding (MMA)
The manual metal arc welding is an arc welding process in which coalescence of metals is
produced by heat from an electric arc that is maintained between the tip of a covered electrode
and the surface of the base material in the deposit being welded (Fig. 2.4). The arc power may be
from a direct or alternating current. The arc and the weld pool are shielded by the slag formed
from the electrode coating and by the gases evolved from the decomposition of coating materials
in the first layer. The thickness of a deposit varies from 3rnm upward and dilution may be 10-
30% depending on the welding conditions.(4)
A wide range of alloys can be deposited including low and high alloy steels, stainless steels,
nickel-based and cobalt-based alloys.
The detailed effects of heat input, travel speed, electrode diameter etc. on deposit properties
will be discussed in Chapters 4 and 5.
Transfer of melted
coating to weld pool
Parent metal
Fig. 2.4: The manual metal arc welding process.(4)
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2.7.1.2 Gas Tungsten Arc Welding (GTAW) Process
In this process, an arc between a nonconsumable tungsten electrode and the workpiece
provides the heat source for melting a consumable filler wire (Fig 2.5).
High quality, reproducible deposits can be made using automatic GTAW by controlling filler-
metal feed rates, torch oscillation, and travel speed. Many different metals can be surfaced and
the base metal thickness changes from 6mm to lOOmm,but much thicker sections can be surfaced
by this process. Surfacing materials can be high alloy steels, stainless steels, nickel and nickel-
based alloys, copper and copper-based alloys, cobalt and cobalt-based alloys. The gas tungsten arc
process is basically a low deposition rate process that produces a high quality deposit with a
minimum of dilution and a low degree of distortion.
Current
~onductor
Gas
nozzle
Direction of travel
Nonconsumable
tungsten electrode
Welding ~ ~ ", , Gaseous shield
rod guide~ ~ ',i ",~
Welding rod ~\\~Arc
~ ~
Fig. 2.5: The gas tungsten arc welding process.
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2.7.2 Hardening of Metal Surfaces by Laser Processing
Laser processing techniques, used to improve the wear resistance of metals, became feasible
with the advent of high power continuous wave carbon dioxide lasers (CW-C02). The technology
has not yet been fully exploited by researchers in the area of tribology even though many
tribologically related surface failures can be minimized by laser surface modification techniques
such as laser surface alloying, laser cladding. m
From a tribological standpoint. these surface modification techniques can be useful in
applications where surfaces are subjected to severe environmental conditions and lubricating films
between contacting surfaces cannot be generated because of limited or no lubrication or because
of the kinematics or the geometry of the mating parts.
Examples of applications where surface modifications can play a dominant role include
stationary and seal components of gas turbines, components in nuclear reactors and internal
combustion engines, components in space and vacuum environments and barrels of guns and
cannons.
Process techniques include laser alloying, laser cladding, laser melt/particle injection,
transformation hardening and laser glazing.m
The main advantage of using laser heating is that the surface can be heated with minimal heat
transport into the bulk of the component while it reaches the required temperature, thus permitting
conduction quenching which hardens the surface to some desired depth. The other general
advantages are:
-treatment can be localized to the required area;
-heat input is low, giving minimum thermal distortion of the component;
-almost no machining is required after treatment;
-this process can be applied to complex shapes;
-the laser beam can be directed by mirrors to treat inaccessible areas of components;
-most treatments are rapid.
The methods of laser surface treatment of materials have been classified into three types, those
involving heating, melting and thermal shocking can be seen in Fig 2.6. They can also be divided
into those relying on a metallurgical change in the surface of the bulk material (Fig. 2.6).
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LASER SURFACE TREATMENT
Fig. 2.6: Methods of laser surface treatment of materials.(7)
2.7.2.1 Laser Cladding
Laser cladding differs from surface alloying in that only enough substrate material is melted to
ensure good bonding of the applied coating. It differs little in principle from traditional forms of
weld cladding, but its advantages are evident when thin claddings are desired or when access to
the clad surface can be achieved more readily by a laser beam than with an electrode or torch.
The potential for producing novel materials by this process are numerous because of the almost
infinite material combinations which can be used for coating.
Laser beams have the potential of applying cladding alloys with high melting points on low-
melting workpieces. The cladding alloys are usually cobalt, nickel or iron-based and are used for
applications involving metal-to metal wear, impact, erosion, corrosion and abrasion. A single
cladding alloy cannot satisfy all the applications mentioned above; consequently, selection of
cladding alloys is based on factors such as service conditions, base materials, cladding processes
and cost. Laser cladding by powder fusion has recently been used by Rolls Royce for hardfacing
turbine blades of aircraft engine.
Laser cladding has many advantages over alternative methods such as plasma spraying and arc
welding. These include a reduction in dilution, a reduction in waste due to thermal distortion, a
reduction in deposit porosity and machining costs because the material can be placed more
accurately. The process also produces good metallurgical bonds. The moderately high quenching
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rates inherent in this process offer the possibilities of producing novel microstructures.
There are two methods which are extensively used for cladding (Fig. 2.7). In the preplaced
powder method a powder for cladding is amalgamated with binders to form a paste which is
spread over the substrate. It has been demonstrated that surface layers having complex
microstructures with good tribological performance and strong bonds to the base material can be
obtained using this process. It is difficult to clad substrates of irregular shape by preplacing a
powder layer on the substrate because of the difficulty of maintaining a uniform layer at the
desired sight. Weerasinghe and Steen(8) studied another powder delivery method, where the
powdered material is directly delivered into the laser substrate interaction region, a process which
has more flexibility and versatility during production. They studied the effect of the process
parameters on the quality of the cladding layer and pointed out that the powder continuously
impinging on the melt pool appeared to give enhanced energy absorption.
lA,Ht If"'''·
O~Clll" '10rl
Jl(OUfU:;:'"
""'OlH
Beam
Screw Powder
Dispenser
~v
a b
Fig. 2.7: Schematic representations of laser cladding processes, a) preplaced powder; b) powder
injection method.
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A laser cladding process by powder fusion is mainly a heat transfer controlled process. The
laser beam heats and melts the powder and the heat transfers to the substrate until the molten
powder layer wets the substrate and bonds with it.
Laser cladding process at best requires both the clad layer and the substrate to maintain their
composition with minimum dilution except the small boundary layer.
In order to obtain a high solidification rate and thus a fine microstructure, and a low degree of
dilution the specific energy input for the process should be as low as possible. High specific
energy input leads to grain coarsening, dilution of clad layer and distortion. Low specific energy
input will also make this process more economical and competitive to other alternative methods.
2.7.3 Comparison of Surfacing Processes and Hardfacing Process Selection
In addition to the surfacing processes discussed in this section, oxyacetylene surfacing,
submerged arc welding, gas-metal-arc welding, thermal spraying, and plasma-arc-powder surfacing
techniques are used extensively. For many applications the appropriate welding method has been
established after many years experience. However, any welding process is easily adaptable to
more than one mode of application, since the deposit properties depend on the welding parameters
(e.g. the arc voltage, current, arc speed). Identical microstructures can be achieved with two
different surfacing methods by choosing the correct welding variables.
As a general guideline, hard facing property and quality requirements, physical characteristics
of the workpiece, metallurgical properties of the base metal, form and composition of the alloy,
and the required life of the alloy under the service conditions should be considered when
choosing the process.
2.8 Summary
Hardfacing materials are used extensively for applications where the surfaces are subjected to
wear, oxidation, and corrosion. This is highly economical since it improves the desired properties
of the surface of a component without influencing its bulk properties. A wide range of hardfacing
alloys are deposited including iron-based, cobalt-based and nickel-based alloys. Hardfacing alloy
selection needs careful assessment of the service conditions and a knowledge of material
properties specific for the application.
Control of wear starts with the choice of the correct deposition technique and its variables.
The alloys can be deposited by a wide range of techniques such as arc welding, plasma spraying
and laser cladding. It is not feasible to rank the processes in any order of excellence; such a
ranking would in any case be unsuccessful since the choice of process is highly application
dependent and any welding process is adaptable to more than one mode of application.
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3. TRIBOLOGY AND WEAR
3.1 Introduction
The development of new hardfacing alloys is potentially of large economic importance. In the
UK alone, some five hundred million pounds might be saved per annum if significant
improvements in wear resistance can be made.
In the past hardfacing alloys have been developed principally using semi-empirical techniques
and there is an increasing need for a more systematic approach, not least because of the high cost
of the large concentrations of alloying elements used. The best way to develop new hardfacing
alloys in the future is expected via a better knowledge of the wear-microstructure relationship.
3.2 Tribology
Tribology is the new name for any problem concerned with the carrying of load across
interfaces in relative motion.(1) Thus, although the word is new, the subject concerns itself with
such well known topics of friction, wear and lubrication. The name "Tribology" is derived from
the Greek words tribos meaning "rubbing" so that a literal translation would be the science of
rubbing. This interpretation is a little too narrow, so that the word is actually defined as: "the
science and technology of interacting surfaces in relative motion and of related subjects and
practices". Tribology is still one of the least developed scientific fields both because of the limited
attention it has received and because of its complex and interdisciplinary character.
3.2.1 Economic Aspects of Tribology
The lubrication report<l) estimated in 1966 that, within an error of 25%, an amount exceeding
five hundred million pounds per annum could be saved in the civilian sector of the UK economy
by improvements in education and research in tribology. Tribology plays a major role in material
and energy conservation. As wear is a principal cause of material wastage, any reduction of wear
can effect considerable savings. The wear problem may be solved by a better understanding of
the mechanisms involved and the parameters which affect wear.
3.3 Wear
Wear is one of the three most commonly encountered industrial problems leading to the
replacement of components and assemblies in engineering; the others are fatigue and corrosion.
Wear is rarely catastrophic, but it reduces operating efficiency by increasing the power losses, oil
consumption, and the rate of component replacement. There is some debate concerning the
classification of wear modes. However, most tribologists agree on the following classification of
wear.(2)
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- Adhesive Wear
- Oxidative wear
- Metallic wear
- Galling
- Abrasive Wear
- Low-stress scratching abrasion
- High-stress grinding abrasion
- Gouging abrasion
- Erosion
- Particle impingement
- Cavitation
- Fretting
3.3.1 Adhesive Wear
Adhesive wear generally describes wear due to the sliding action between two metallic
components where no abrasives are intended to be present. When the applied load is sufficiently
low, an oxide film is usually generated as a result of frictional heating accompanied by sliding.
The oxide film prevents the formation of a metallic bond between the sliding surfaces, resulting
in low wear rates. This form of wear is called oxidative or mild. If the applied load is high,
formation of a metallic bond occurs between the surfaces of mating materials. The resulting wear
rates are extremly high. This form of wear is called severe or metallic wear. Another form of
wear, called galling, is a special form of severe adhesive wear. Galling occurs if the wear debris
is larger than the clearance and if seizure of the moving component results. Frequently, only
small amounts of sliding result in galling and subsequent failure of a component. In situations
where lubrication is not possible, hardfacing is recommended to minimize adhesive wear, such as
in automotive exhaust valves that experience extreme temperatures at which many lubricants are
not stable. Generally most moving components should be designed to resist mild wear.
3.3.2 Abrasive Wear
Low-stress scratching abrasion occurs from a cutting action by sliding abrasives stressed below
their crushing strength. In this kind of abrasive wear, worn surfaces contain scratches and the
amount of subsurface deformation is minimal. High-stress grinding abrasion occurs under
conditions where the stress is high enough to crush the abrasive. In this type of wear, stresses are
high enough to cause gross plastic deformation of the ductile constituents. Gouging abrasion
describes high stress abrasion where gouges or deep grooves are created on the wearing surfaces.
Abrasive wear mechanisms and the effect of the abrasives will be discussed later on in detail.
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3.3.3 Erosion
Impingement erosion occurs under the cutting action of a fluid-borne moving particle. The
contact stress arises from the kinetic energy of a particle flowing in an air or liquid stream as it
encounters a surface. Impingement erosion varies with the angle of impingement Cavitation
involves the collapse of air bubbles caused by the turbulence. When these bubbles collapse on the
material surface, wear occurs by the resultant shock waves. This type of wear is called cavitation
erosion.
3.3.4 Fretting
This wear phenomenon occurs between two surfaces having oscillatory relative motion of
small amplitude. It is a combination of abrasive and oxidative wear.
3.4 Abrasion
Abrasive wear is the displacement of materials caused by the presence of hard particles,
between or embedded in one or both of the two surfaces in relative motion, or by the presence of
hard protuberances on one or both of the relatively moving surfacesY) Abrasive wear can be
classified as two-body or three-body abrasion (Fig. 3.1). The former describes the wear caused by
sliding on a material so that abrasive particles move freely (Fig. 3.la). The latter describes the
wear caused by abrasive particles trapped between two moving surfaces. It is well recognized that
the weight loss is about one to two orders of magnitude smaller in three-body abrasion than in
two-body abrasion. This is because in three-body abrasion a small proportion of the abrasives
cause wear, due to variations in the angles of attack.
2 - Body AbraSion 3 - Body AbraSion
Fig. 3.1: Abrasive wear modes; a) two-body; b) three-body abrasion.(IO)
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3.4.1 Mechanisms of Material Removal
There are three main mechanisms of material removal during abrasive wear: ploughing,
cutting, and spalling (Fig. 3.2). Ploughing occurs as a result of considerable plastic deformation
within the wear path and causes material to be heaped up on either side of the the wear groove
(Fig. 3.2a). Since this process involves fairly ductile plastic deformation at the surface, the
abraded material is not detached so that there is virtually no volume loss during a single-pass of
an abrasive particle. Volume loss does of course occur as a consequence of the action of many
abrasive particles since the material can only tolerate a finite amount of deformation before
fracture.
In microcutting, the material displaced from the groove is removed by fracture resulting in the
formation of machining chips, shavings, fragments, etc. (Fig. 3.2b), and there is an obvious
material loss corresponding to the volume of wear grooves. Although ploughing and cutting may
generally apply to ductile surfaces, this is not always the case.(4)It has been demonstrated that the
ratio of microploughing to microcutting, depends upon the attack angle, (J.* of the abrasive.(SllA
transition from microploughing to micocutting occurs when the attack angle exceeds the critical
attack angle (J.c' It has been shown that the (J.c for microchip formation varies widely, since it
depends on the friction between the leading face of the abrasive particle and the worn material.(6)
The effect of the attack angle on the ratio of cutting to ploughing is illustrated in Fig. 3.3. This
figure clearly demonstrates that an increase in the attack angle leads to a high weight loss, as
confirmed by experimental results.m The wear mechanism changes from pure microploughing to
microcutting by increasing the hardness of worn material. This is also consistent with the fact that
the critical angle decreases as the hardness increases (e.g. in steels).(8)This has been recently
shown in-situ observations in a scanning electron microscope using a single-point scratch test in
steels. The results showed that the abrasive wear mechanism changes from ploughing to a wedge
formation mode, and then to a cutting mode as the degree of penetration increases. Fig. 3.4
illustrates the wear mode diagram as a function of the hardness of a material, the attack angle,
and the degree of penetration. This diagram demonstrates that the value of Dp* (which
corresponds to the transition from ploughing to wedge mode) is independent of the hardness.
However, Dp** (which corresponds to the transition from wedge forming mode to cutting mode)
decreases with increasing hardness, indicating that the probability of cutting mode is higher than
the wedge forming as the hardness increases.
It has been concluded that if the local surface strain exceeds a critical value, then wear occurs
by relatively brittle fracture (spalling). With brittle materials, the critical strain can be rather low,
and spalling is a common mechanism of wear in materials which lack toughness; it can
sometimes be observed locally in the harder phase (e.g., carbides, intermetallic compounds) of
wear resistant alloys.
The anack angle describes the angle between the leading face of the abrasive particle and ungrooved surface (See
Fig. 3.3).
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Ductile
Cutting
Brittle
Fig. 3.2: Schematic illustration of the mechanisms of material removal during abrasion.
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3.5 Quantitative Expression for Abrasive Wear
There have been a number of models for the quantitative representation for abrasive wear.l'>
However, a simplified model(lO)and its application will be discussed in this section. In this model
the asperities carrying a load, M., penetrate the surface to an extent given by
M. = PM = P 1t -?- ..... (1)
where p is the hardness of the surface. When the abrasive moves through a distance dl, (see Fig.
3.5) it will sweep out a volume /lV, which is given by
dV= rxdl =.(1 tan9 dl = (Ill tan9 dl) / (1t p) .....(2)
and consequently
dV/dl = (M. tan 9 ) /1t P .....(3)
where x is the penetration depth, and the rx is the projected area of the penetrating abrasive. This
equation is re-written to represent the contributions of all the abrasives as follows;
dV/dl = L tan9 /1t p .....(4)
where tan9 is a weighted average value of the tan9 values of all the individual cones.
This equation has been applied to pure metals in two-body/U) and three-body<12)abrasion
representing variations of abrasive wear resistance (dl/dV) as a function of hardness (Figs. 3.6,
3.7). The correlation is found to be good for pure ~etals. but not for multiphase microstructures,
as will be discussed in Chapter 6.
_-----dl )
Fig. 3.5: A simplified model representing the material removal due to abrasion.oO)
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Fig. 3.6: Hardness versus abrasive wear resistance for pure metals in two-body abrasion.(11)
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3.6 Effect of Abrasive Properties
1. The Abrasive Hardness
It has been shown that abrasive wear resistance increases as the hardness of the worn material
approaches that of the abrasive.(6)This is illustrated in Fig. 3.8 for metallic materials and
ceramics. Several suggestions have been made to quantify the critical Hm/Ha (the ratio of the
hardness of the material to the hardness of the abrasive) ratio. A general conclusion is that the
hardness of a material should be adopted to the abrasive in order to provide the wear occuring in
the soft abrasivez region.
10~
;;;...z
;;)
>a::
10'<C:...
iD
a::
5.
•••...
<a::
a::
<...
;t...~
10°;;)...
0
>
10'
-,
10
. 10' 10' 10
HARDNESS OF WORN SURFACE/HARDNESS OF ASRASIVE
10'
Fig. 3.8: Effect of the Hm/Ha ratio on abrasive wear resistance in metallic materials and
ceramics. (worn on 80-100J.UI1 bonded abrasives at IMN/m2 load).(6)
2
If the hardness of an abrasive is equal to or less than that of the worn surface. it is called a "soft abrasive".
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2. The Abrasive Shape
It is now appreciated that sharper (angular) abrasive particles give rise to a higher weight loss
when compared with rounded particles. The wear rate with the angular crashed quartz abrasives
was found to be between 2 and 5.5 times greater than rounded Ottawa sand due to deteriorating
behaviour of angular abrasives.o3) It has recently been reported that the volume loss could be 10
times higher with the angular abrasives in plain carbon and low alloy steels.(14)The cross-sectional
area of a groove depends on the particle shape so that the ratio of cross-sectional to projected
area of contacts is higher for pyramidal or conical contacts than for spherical contacts. The higher
deteriorating effect of angular abrasives is important particularly in carbide containing alloys since
preferential abrasion of a matrix phase may lead to unsupported carbides. In addition to that, the
sharp edges of the abrasives can cause extensive carbide cracking which is not observed with
round abrasives.
3. The Abrasive Size
In a wide range of materials, the wear rate has been shown to increase with the abrasive
particle size (Fig. 3.9).(6)The effect is highest for non-metals. The predominant changes in
material removal mechanisms are suggested to be responsible for this consequence.(6)A number of
possible explanations have been made to, clarify the lower wear rate associated with a decrease in
the abrasive size. It has been suggested that only a lower fraction of the load is carried with the
fine abrasives.oS) The other possibilty is that loose wear debris prevents some abrasives from
contacting the material surface. It is quite likely that the worn surface is clogged by wear debris
as illustrated in Fig. 3.10. The probabilty for clogging is higher with fine abrasives, and therefore
the number of contacts between the abrasives and the worn surface is less than with the coarse
abrasives.
4. The Effect of Abrasive Degradation
During abrasion, it is common for the abrasive itself to degrade. This is illustrated in Fig. 3.11
which shows removed-mass as a function of the number of traverses of a steel on 220 grit SiC
abrasive paper.(7)The paper rapidly loses efficiency, and after about 1600 traverses it is no longer
effective. Experiments dealing with the effect of abrasive degradation on wear resistance showed
that the loss of efficiency depends upon the abrasives, and also on the target material.(l6)For
instance, when Co-based powder metallurgy alloys were tested a second time against Si02
abrasives 50 pct loss in abrasive efficiency was observed. However, the effect of the degradation
of the Al203 abrasives in the same alloys is negligible. On the other hand, the opposite results
were observed when 1020 steel was used as a target material.o7)
The experimental results indicate that degradation of the abrasives has a significant influence
and this makes it difficult to understand the effect of microstructure on abrasive wear resistance.
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Fig. 3.10: Schematic representation of the worn surface which is clogged by wear debris.
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3.7 Summary
The economic aspects of tribology and the great need for systematic research have been well
appreciated. It is necessary, therefore, to understand and improve the knowledge of wear
phenomena. Abrasive wear is regarded as being of the greatest industrial significance. The
material loss due to abrasion could be minimized if the understanding of the abrasIve wear
mechanism is achieved.
Material removal mechanisms are generally classified as ploughing, cutting and spalling in the
order of increasing brittleness. However, in practical environments it is quite likely that more than
one type of wear process occurs simultaneously, and also that each process may involve a number
of wear mechanisms.
Applied abrasives have a significant influence in the material removal mechanisms. The attack
angle could change the removal mechanism from ploughing to cutting. Abrasive hardness,
abrasive shape, and abrasive orientation also have effect on the material loss. These variables
could be so effective that they may make understanding of the fundamental aspects of wear rather
complex and difficult. Therefore, a great number of parameters have to be taken into account in
order to understand the wear phenomenon.
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4. THE EFFECT OF PROCESS VARIABLES ON DEPOSIT
PROPERTIES
4.1 Introduction
The properties and quality of the weld hardfacing deposits depend on welding techniques and
conditions so that it is necessary to understand the effect of welding variables on hardfacing
deposit characteristics and properties. Typical variables in the usual welding techniques are arc
current, arc voltage, polarity, electrical stickout, travel speed, electrode angle, electrode diameter,
and preheat temperature. The effect of these variables on dilution, deposit geometry, penetration,
hardness, deposition rate, porosity, and microstructure have been examined by several authors.
In this section the influence of each variable for all combinations of the other variables will be
examined.
4.2 Deposit Geometry
The cross-sectional area of the bead reinforcement and of the fused nugget, along with their
dilution, width, heat affected zone, and the penetration are shown schematically in Fig. 4.1.
w
Dilution = A2/A1+A2
w = bead width
h = bead height
p = penetration
Fig. 4.1: Dimensions of weld bead
Experimental studies have shown that the arc voltage has the greatest effect in determining the
height and width of the deposit bead. Rense et al.(l)examined the effect of welding variables on
the chemistry, microstructure. and wear behaviour of high Cr and Mo containing white cast irons
deposited by arc welding, using a self-shielding flux-cored wire electrode. An increase in the
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voltage was found to widen the deposits. They suggested that an increase in potential (at fixed
current), leads to a corresponding increase in the arc gap,l and spreads the arc on the substrate,
resulting in wider beads. Similar results were found by Ellis and Garrett,(2) and Kuznetsov et al.,(4)
who found wider deposits with higher voltages, for the flux cored arc welding, and submerged arc
surfacing techniques respectively.
It has also been demonstrated that wider beads are obtained when the current is increased,
almost irrespective of welding techniqueY'S) However, other variables such as the arc polarity may
alter the influence of current levels on the width of the bead, as shown by Ellis and Garrett. (2)
They found that increasing the current has a more profound effect on the deposit width with the
direct current electrode positive (DCEP) operation than with the direct current electrode negative
(DCEN) operation.2 They suggested that most of the heat is generated at the cathode ( in the case
of DCEP this is the substrate), and subsequently a wider region of the substrate is melted. This
phenomenon was found to be more pronounced at higher voltages and currents. However, most of
the heat is generated at the electrode with DCEN, and an increase in the arc current has only a
small effect on the deposit width. In fact, they observed a decrease in the deposit width with
increasing the arc current at lower arc voltages (deposit width decreased to =9mm from =l1mm
when the arc current was increased to 360A from 240A at 24V). Although a decrease in the
deposit width was attributed to the distribution of heat in the arc, the reasons are not clear. On
the other hand, it has been shown that in the case of DCEN, the deposition rate is increased by
an appreciable amount, for example, in the submerged-arc welding surfacing technique.(6) For
instance, at 800A the deposition rate is about 9kglhr, with DCEP, but 13kglhr with DCEN.(6)
Since an increase in the deposition rate is accompanied by a reduction in the deposit height and
width, Ellis and Garrett's results could be explained on the basis of the effect of the deposition
rate.
Attempts have also been made to verify the effect of the travel speedC2.3,S,7)and preheat(2) on the
width of the deposit. Experimental results show that an increase in the travel speed leads to a
decrease in the deposit width regardless of the surfacing technique used. However, only relatively
little work characterising the effect of preheat on the deposit width has been carried out. Ellis and
Garrett(2) suggest that preheating slightly increases the deposit width, probably because more of
the heat input then goes into melting.
It is widely believed that the arc current, voltage, and travel speed are the parameters which
have a strong influence on the height of the weld bead.(I.s,7)Experimental observations clearly
show that the height of the bead is increased with arc current, irrespective of surfacing
technique.(2-S,7lThis effect is more profound (especially at high current levels), with the DCEN
operation in the flux cored arc welding process (FCAW),(2) since most of the heat is then
2
The arc gap is defined as the distance from the molten tip of the electrode core wire to the surface of the molten
weld pool.
In DeEP. the work is the negative pole, and the electrode is the positive pole of the welding arc. On the other
hand, the opposite is the case for DeEN.
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generated at the electrode leading to an increase in the bum-off rate (the weight. or the length of
electrode melted in unit time). Subsequently, when the molten metal falls into the melt pool,
spreading is inhibited due to surface tension, resulting in taller deposits.
Although the arc voltage is not found to have a great effect on the height of the bead
deposited using electric arc surfacing technique,m lower voltages tend to give higher deposits in
FCAW technique.(2) However, in submerged arc surfacing technique the bead height increased
with the arc voltage.(4l This discrepancy in the experimental results may arise due to the different
range of current and voltage levels used in the two studies.
It is now appreciated that travel speed has a significant influence on the bead height.
Experimental results have demonstrated a considerable decrease in the deposit height with
increasing travel speed. (2,3,5,7)
Since the heat input is directly proportional to the arc voltage and current, some authors have
attempted to establish a relationship between the deposit geometry and the heat input. Rense et
alY) showed that the bead height and area increase with current at constant heat input. In
addition. when the level of heat input was high (== 5MJ/m). it was found that the area per bead
increased more rapidly with current. probably due to the effect of deposition rate. which is a
function of both the current and travel speed. In fact. their results showed a linear relationship
between the cross-sectional area per bead and the wire speed/travel speed ratio, which is
proportional to the deposition rate.3 They suggested that the bead area is not only a function of
the heat input, but also depends upon the deposition rate. However, it should be borne in mind
that the linear effect of the heat input on the deposition rate is well established.(8) Therefore. the
apparent sensitivity of the bead area to the deposition rate could be explained by this linear
relationship. For this reason, it is possible to relate directly the influence of the heat input to the
bead area. This conclusion was supported by Oark.(9) who showed that the area of the bead is
directly proportional to the heat input. as confirmed by experimental results and theoretical
analysis.(9l There is considerable evidence that the bum-off rate (for a given electrode diameter) is
proportional to the welding current. and the relationship is given as follows:
1t~Lp / t = KI ..... (1)
where. r is the radius of the electrode core wire, L is the length of the electrode consumed in
time t. p is the density. K is a proportionality constanr and I is the welding current. The heat
input is represented by equation 2;
H=IY/v .....(2)
4
where Y is the arc voltage, and v is the travel speed. Combining the equations 1 and 2 gives;
H=1t~p Y/K LID ..... (3)
The correlation coefficient was found to be 0.98, indicating a perfect relationship between cross-sectional
area per bead, and deposition rate,
The proportionality constanl, K, depends upon different parameters, such as specific heal, density, and melting
point of the material.
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..... (5)
..... (6)
By considering the bead area A, equation 3 yields the following result;
H=p VA/K .....(4)
It is apparent from equation 4 that simple proportionality is present between the heat input and
the bead area, as supported by experimental results. An attempt has been made by Oark(9) to
correlate the relationship. between the heat input and width, and the height of the bead. His
regression analysis showed that the width and height of the bead are both proportional to the
square root of the heat input. This implies that the bead shape is independent of the heat input
over the range of experimental data used (heat input varied from 0.29 KJ/mm, to 3.0 KJ/mm).
Alberry and 10nes(lO)made a similar attempt with the manual metal arc welding technique, and
found very good correlation between the heat input and the single bead height, h, (with a
correlation coefficient 0.94) and the single bead width, w, (correlation coefficient 0.98) over the
range of 1-1.6 KJ/mm heat input. Their regression equations are given as follows;
h= 0.0014 11 (VI / v) + 1.09
w= 0.00825 11 (VI / v) + 3.26
where 11 is the arc efficiency.
ThOrpe(ll) examined the effect of the welding parameters on deposit characteristics, for the
automatic open-arc welding technique using high-er austenitic irons. The weld profile (Fig. 4.2.)
was expressed empirically as a function of the current-voltage ratio (IN).
I
I
",. ,
I- - --
SUBSTRATE
Fig. 4.2: The profile parameter, x/h, and contact angle, a.(ll)
Rather suprisingly, Thorpe found a good correlation, and also proposed the optimum conditions
that provide the desired microstructure for the best abrasive wear resistance. However, although
he found that the welding speed strongly influenced the weld profile (with an increase in the
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welding speed the profile was decreased), this has not been taken into account in determining the
optimum conditions.
Although the heat input influences the bead area, it has little effect on the contact angle (see
Fig. 4.2). The contact angle determines the tendency of a deposit to spall off under service
conditions. If this angle is small, then discontinuous penetration is inevitable, resulting in
subsequent spalling.(l,ll) It has been reported that the contact angle depends upon the current (an
increase in the current led to a decrease in the contact angle(l»). It is suggested that an increase in
current (when the heat input is maintained constant) in conjunction with a decrease in voltage
causes a decrease in the arc gap, and gives smaller arc spread, resulting in low contact angles.(l)
Thorpe(ll) suggested that the current-to-voltage ratio, IN, should be less than 10 AV-I, for
satisfactory results. In different work a 600 contact angle was considered as a lower limit for the
prevention of spalling,<1) although direct evidence of such an observation is lacking.
There have been numerous attempts to establish the relationship between the welding
parameters and the penetration depth. Although it is a matter of argument, the arc voltage, arc
current, travel speed, electrode stickout, polarity, and preheat are all found to influence the
penetration depth. Experimental results show that an increase in arc voltage and current (2-4,12,13)
(i.e., an increase in heat input) lead to higher penetration since more of the substrate reaches the
melting temperature.
Any increase in the travel speed causes the heat input to drop and leads to a reduction in the
penetration depth, (Eq. 2) as confirmed by experimental results.(2) Therefore, attention has been
confined to the parameters which involve the arc current, voltage, and travel speed. Jackson
introduced the "welding technique performance factor" (14 / vV2)1/3, which was found to be
proportional to penetration in the submerged arc, and MMA welding techniquesY4'16) This factor
was found to correlate well enough with Clark's experimental results.(9) In addition to this when
Clark compared his results with the work of Watanabe and Satoh,(l7,1S)who showed that the
penetration is proportional to I/"./v (for a given plate thickness), agreement was fairly good. From
these experimental results it is reasonable to assume that the penetration depth is a function of the
heat input, because (as seen from Eq. 2), the arc voltage, current, and the travel speed are all
involved in determining the heat input. This argument was supported by experimental results
which showed that penetration is approximately proportional to the square root of the heat
input. (ll,14)
The effect of the electrode stickout on the penetration depth was investigated by Baggerud.(19)
He found a significant decrease (from 4.8mm, to 2.8mm) in the penetration depth when the
electrode stickout increased (from IOmm to 40mm), probably through its effect on the welding
current (which decreased to 255A from 365A). The importance of the correct electrode stickout
was emphasized by Nugent,(W) who suggested that shorter extension gives less resistance heating
in an electrode, and leads to a deeper penetration. On the other hand, enlargement of wire
extension causes a subsequent increase of melting of the electrode by 15-100% (depending upon
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the welding current). leading to a lower penetration and an increase in the life-time of hard facing
alloYS.(ZI)
Although the contrary is claimed.(2Z) it is generally accepted that the negative arc polarity
decreases the penetration depth.a.6) probably through its influence on the deposition rate. which is
increased with negative polarity. leading to a decrease in the heat input
As one would expect. penetration increases with preheat temperature as confirmed by
experimental results.(1,9)
So far, attention has been confined to the influence of welding parameters on the deposit
geometry. However. optimum conditions have to be examined by considering the effect of these
parameters on different deposit characteristics. Therefore the following sections are aimed at this
problem.
4.3 Dilution
The composition of a weld is influenced by the mixing of the base material with the deposit
and this effect is called dilution. The dilution is generally measured by the percentage of base
material. or previously deposited weld material in the weld bead.
Many attempts have been made to establish the relationship between welding parameters and
dilution, since abrasive wear resistance is influenced strongly by the dilution. The implications of
different dilution levels in dealing with the abrasive wear resistance will be discussed in detail
later on. In this section the influence of the welding parameters on dilution. particularly for arc
welding techniques will be discussed.
Experimental results indicate that arc voltage, arc current. travel speed and polarity have a
significant influence on the dilution. whereas electrode stickout, electrode diameter and preheat are
found to have relatively little effect. Although there is considerable evidence concerning the
influence of the arc current. discrepancies between the experimental results have been so great in
many instances as to make a general conclusion impossible. One would think that higher currents
would give rise to more dilution, because the heat input then increases causing deeper penetration,
which in turn should mean a higher level of dilution. Direct evidence of such an effect has been
observed by a large number of investigators,0,5,7.13.19.23,ZA)and supported by others.(2j,26lHowever,
Ellis and Garrett('2) showed that the role of the arc current depends upon the arc polarity (whether
DCEP or DCEN). They found that an increase in the arc current significantly decreases the
dilution with DCEN operation (when the arc current increased to == 360 A, from == 240 A,
dilution decreased to 29%. from == 40%). One of the important features of the DCEN operation is
its significant influence on the deposition rate. There is considerable evidence that the negative
polarity increases the deposition rate of the electrode by a large amount,a.6.2j,Z7)which in turn
means that more material is deposited, giving a less dilution.(Z) In contrast to the DCEN operation.
only a slight increase was found in the dilution when raising the arc current in the DeEP
operation with FCA W technique ,(1) This is consistent with the fact that for the DCEN operation.
most of the heat is generated at the substrate. Therefore, a wider area is melted than with the
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DCEP operation, leading to a higher dilution. However, Thorpe(ll) has found no systematic
relationship between the arc current and the dilution (at each of the three deposited layers) with
either DCEN or DCEP operations, using austenitic Fe-Cr-C alloys. It should be noted that he used
the DCEP operation in the first layer in order to obtain good penetration and the DCEN technique
was used in the second and third layers to minimize remelting of the previous deposits. This
complexity in his experiments make results difficult to interpret. The recent results of Rense et
al.,(l) and Noble(28)are in conflict with these observations. They both found a decrease in the
dilution with increasing the arc current in arc welding techniques. Rense et al.(l) examined the
effect of arc-welding variables on the deposit characteristics, using a self-shielding flux cored wire
electrode, in high Cr iron base hardfacing alloys (Fe-22.1Cr-2.9C-3.0Mo-0.3Si-0.3Mn). They
found a linear decrease in the dilution with increasing the arc current (in the range of =200-
= 400A), at three different heat inputs (1, 2, 5 MJ/m). Although their statistical analysis showed
a good correlation (correlation coefficient 0.86), they suggested that the heat input dependence of
the data is not random. Similarly, dilution was found to decrease with increasing the current in
the work of Noble,(28)who examined the effect of welding variables in the flux-cored arc welding
technique, with iron base hardfacing alloys. He varied the current between 250-450 A, while other
parameters were kept constant (voltage at 24V, with 20mm electrode stickout, and at 1.8 mm/s
travel speed). Although he used the DCEP operation, the increase in the arc current led to a
decrease in dilution. He suggested that at high current a large weld pool develops, which lessens
the influence of the arc, resulting in a low penetration and less dilution. It is most probable that
discrepancies between the different experimental results occur due to the influence of other
parameters (e.g. electrode stickout, travel speed, preheat) on the dilution.
Dilution is found to increase with the arc voltage, as confirmed by a great number of
authors.(2.3·11,26,28.29>5This is expected since a higher arc voltage is associated with an increase in the
burn-off rate, and in the heat input. It should be pointed out that Ellis and Garrett(2)incorrectly
interpreted the data concerning the effect of the voltage on dilution. They wrote: "An increased
arc voltage tends to decrease penetration and (hence dilution)" (their references 20, 22, 25). In
contrast, Kuznetsov et al.(4)clearly showed an increase in the penetration depth with increasing arc
voltage in the submerged arc surfacing technique (their reference 25). In the work of Yuzvenko
and Kirilyuk(3O)(their reference 22) there was no direct study about the relationship between the
arc voltage and dilution. As a third reference they refer to Farmer's work(31)(their reference 20).
In this it is reported that if an excessively long arc is applied (which in turn means an increase in
the arc voltage), and molten metal is overexposed to the air, Cr and C can be lost giving a less
alloyed microstructure (similar to a highly diluted alloy). Apparently this study does not indicate
the effect of the arc voltage on the dilution level, because the molten weld pool is deliberatly
overexposed to the air causing less Cr and C concentration in the deposit.
It should be noted that the work of ThOrpe(ll) showed an increase in dilution up to 28V. and then it was found to
remain almost constant.
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Travel speed is determined by the relative velocity between the electrode, and the
workpieceY9) Increasing the travel speed leads to a decrease in the heat input (see Eq. 3),
penetration, and dilution.(26) However, experimental studies using the flux cored arc welding
technique show that an increase in the travel speed gives rise to higher dilutions.(2,23) This
discrepancy is not obvious, and indicates that further work is necessary.
Electrode stickout (or extension) is the distance between the electrode nozzle contact tip, and
the end of the electrode.(29) Electrical resistance of the electrode increases with this distance,
resulting in a decrease of the welding current Therefore, longer stickout gives smaller
penetration, and a lower dilution. In contrast, short stickout results in a greater penetration (and
dilution) than long stickout. It is now appreciated that too long an extension is associated with a
lower arc voltage. Therefore this leads to a poor weld-bead shape, and a shallow penetration.(29)
For these reasons, it is necessary to establish a quantitative relationship between the electrode
extension and dilution. However, many of the results are based on the qualitative comparisons.
For example, Baggerud(l9) found a significant decrease of the penetration (from 4.8mm to 2.8mm)
with increasing the electrode stickout, from lOmm to 40mm. Similarly, Thorpe(l1) found a
systematic increase of the volume fraction of the primary carbides with the electrode stickout
(when the electrode stickout increased to 80mm from 35mm, volume fraction of the primary
carbides increased to = 18% from =12%), indicating that a lower dilution is achieved with a
longer stickout. He proposed that the decrease in arc voltage with longer stickout is a major effect
for less dilution. Noble(28)observed the same phenomenon in the flux cored arc welding technique
with high Cr austenitic iron deposits. He found a slight increase in the primary Cr carbide volume
fraction with electrode stickout, indicating a lower dilution. Although the influence of the
electrode stickout is well established, various stickout lengths are reported for better results (e.g.
less dilution, higher wear resistance). This conflict could be explained by the influence of the
stickout on the dilution. For instance, Noble(28) found a decrease in dilution with increasing
stickout. However, his experiments showed better wear resistance with a higher dilution.
Apparently, his choice for the best stickout length would be the one, which gives a relatively low
dilution. On the other hand, in many cases a lower dilution led to higher wear resistance. In these
cases, obviously different stickouts would be suggested. This discussion suggests that in order to
chose the optimum conditions the effect of microstructure on the deposit properties (e.g.
oxidation, corrosion, and wear resistance) should be discussed.
The influence of the wire feed rate (for a given electrode diameter), is well established through
its effect on the arc current. The results show that increasing the wire feed rate leads to higher
current levels, resulting in more dilution.(29.32,33)
Also the electrode diameter has an influence on the dilution. If two wires with different
electrode diameters are operated at the same amperage, the smaller will give a greater dilution,
and a higher deposition rate than the larger, because of its higher current density (amperages per
unit of cross-sectional area).(33)Therefore, the choice of the size of electrode wire depends upon
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unit of cross-sectional area).(]])Therefore, the choice of the size of electrode wire depends upon
the required properties such as the deposition rate and bead profile.
Preheating is generally preferred in the high carbon equivalent steels, (C content exceeds about
0.30%) in order to eliminate crack formation in the heat-affected-zone (HAZ). It also decreases
the cooling rate, and promotes transformation of austenite to soft pearlite instead of hard
martensite.(S)Dilution was found to increase with preheating temperature,(2,.S,9)due to the fact that
preheated substrate increases the amount of base metal melted at the same heat input. As one
would expect, the greater the amperages with preheating gave rise to a much higher dilution.(S)
4.4 Deposition Efficiency and Deposition Rate
Deposition efficiency is the ratio of weight of metal deposited to the weight of electrode
consumed.(]])It depends on the welding processes and welding parameters such as the arc current,
voltage, polarity, and electrode stickout. The influence of these parameters was examined by Ellis
and Garrett,(2)for flux cored arc deposition of hardfacing alloys. They showed that the deposition
efficiency significantly increases with the arc current, probably due to an increase in metal
transfer across the arc. Conversely, increasing the arc voltage led to a substantial drop in the
deposit efficiency. They suggested that at higher arc voltages the amount of spatter increases,
resulting in a lower deposition efficiency. Also, increasing the electrode stickout gave rise to a
slight drop in the deposition efficiency (when they increased the stickout to 36mm from 24mm,
deposition efficiency reduced to::::: 69% from::::: 72%). Although this effect is not significant, it is
well known that an excessive stickout leads to spatter, and irregular action in the flux cored arc
welding process.(29)
The weight of material deposited per unit of time is known as a deposition rate.(33)During
surfacing by a variety of arc welding processes the arc current, voltage, polarity, travel speed,
preheat, electrode diameter, electrode composition, and electrode stickout are all found to have a
great effect on the deposition rate. The influence of the arc current on the deposition rate is well
established, through its increasing effect on the burn-off rate at higher amperages.(29)Furthermore,
there is considerable evidence that an increase in the deposition rate is associated with higher arc
currents, irrespective of welding techniques.(2,6,7.23.29,3])At the same welding currents, the deposition
rate was found to increase when the DCEN operation is used in the flux cored(2)and submerged
arc welding<6)techniques. This is because, most of the heat is concentrated at the electrode with
the DCEN operation resulting in a higher melting rate, and higher deposition rate. In FCAW
technique the influence of the arc voltage was studied by Ellis and Garrett,(2)who found a
decrease in the deposition rate with increasing the arc voltage. They suggested that this decrease
is associated with increasing the dilution and reducing the deposition efficiency at higher voltages.
When the travel speed is decreased, the amount of filler metal deposited per unit length
increases,<2li.29)giving a higher deposition rate as confirmed by experimental results.(2)
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It is of interest here, to examine the influence of electrode size, and electrode stickout on the
deposition rate. For a given amperage, if two electrodes have the same mode of metal transfer,
the electrode with a small diameter will have a higher current density and a higher deposition rate
than a larger diameter electrode.<29·33)6This conclusion was supported by experimental results as
well.(29)
The influence of the electrode diameter can be explained through its effect on the electrode.
Increasing electrode extension leads to a greater amount of heating, higher melting, and higher
deposition rate.(33)
In addition to the parameters discussed above, surfacing with two electrodes,(33)and alloyed
wires(23)(for a given electrode stickout) are reported to have an increasing effect on the deposition
rate.
45 Microstructure
It is appreciated that the microstructure of iron-based hardfacing alloys has a significant
influence on the oxidation, corrosion, and abrasive wear resistance. Therefore, it is vital to
establish the effect of the welding parameters on the microstructure for achieving the best
performance of hardfacing alloys during service. The variation of the microstructure in these
alloys depends primarily on the Cr/C ratio. The liquidus surface and the phase relationships
between the liquid phase and the primary solid phases have been investigated in the Fe rich
region, C<6wt% Cr<4Owt%, of the Fe-Cr-C system.<34,37)Thorpe and ChiCCO<34)studied a large
number of alloys in order to establish the Fe-Cr-C liquidus surface and solidification sequences.
They have shown that different solidification sequences are observed by the variations in total
composition. In regard to iron-based hardfacing alloys, two different solidification sequences are
most commonly observed. High Cr and high C containing alloys give a typical solidification
sequence in which (Fe,Cr)7C3 carbide is the first phase to solidify in the absence of any stronger
carbide forming elements such as Nb and Ti. As the temperature decreases, a eutectic reaction
occurs with the liquid phase transforming to austenite and more M7C3 carbides. After this stage,
solid-state phase transformations may occur depending upon the chemical composition and
cooling conditions. In the second category (generally low Cr and low C containing alloys),
austenitic dendrites are the first crystals to separate from the melt. As the temperature decreases,
either M7C3 or M3C eutectic carbides may form together with more austenite, depending upon
the actual alloy composition. Although the liquidus surface and equilibrium solidification
sequences in Fe-Cr-C system are well established, it is quite difficult to predict the final
microstructure that results from arc welding. These alloys are deposited in several layers in order
to prevent dilution, and to provide a buffer effect which accommodates differences in thermal
expansion between the substrate and the top layer. Martensite formation has been observed in the
6 It should be noted that a larger diameter electrode can carry more current and therefore allow a higher deposition
rate.
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highly diluted areas at and near the weld meta1/base metal junction.(38,39)The formation of
martensite can cause an expansion in volume, leading to a significant compressive stress(4O)and
catastrophic failures.(38)A typical example of martensite formation is illustrated in Fig. 4.3.
Fig. 4.3: Optical micrograph of the first layer in the Fe-23.llCr-3.75C-9.38Nb-0.42Mn-1.29Si
(wt%), containing a high amount of martensite.(41)
The magnitude of the martensite formation depends upon welding technique and welding
parameters, as well as thermal and mechanical properties of the substrate and deposit materials.
Factors such as thermal conductivity, thermal expansion coefficient, hardness, and yield strength
of the base metal and the deposit material are known to influence the formation of martensite. (40)
A substrate with a higher thermal conductivity and heat capacity increases the probability of the
martensite formation at the interfaces (substrate/deposit interface).(40) Similarly a base metal with a
low yield strength may contribute to stress relaxation, reducing the chance of the stress-induced
martensite formation. Although the deposition of further layers reduces the stresses in the surface
of the deposit, thennal expansion coefficients of these layers should be between the base metal
and top layer. Otherwise, intennediate layers cannot maintain their cushion effect.
In Fe-based hardfacing alloys there is a strong influence of the welding variables such as, the
arc current, voltage, polarity, electrode stickout on the microstructure of multilayer deposits.
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Among these variables, the arc current and voltage were reported to have the most significant
influence. For instance, increasing the arc voltage changes the microstructure of Fe-Cr-C
hardfacing deposits by influencing dilution.(9) It was found that for almost all the welding
conditions used, the7 first layer revealed hypoeutectic microstructure containing cellular dendrites
in a matrix of austenite and M7C3. The second layer was found to be strongly dependent upon
the arc voltage and current, through the effect of these variables on the dilution. At the highest
voltage and lowest current levels (34V, 250A), the second layer was found to be fully eutectic
having a cellular growth of the fibrous of y +M7C3 phase. However, at a lower voltage and
higher current conditions, hypereutectic microstructure (containing primary needle type
M7C3 carbides in a matrix of eutectic mixture of austenite, and more M7C3 ) was found.
Thorpe observed some undisolved Cr-rich particles at the top layer. Similar particles were
observed by PoweUl42)with the MMA welding process. He found that M7C3 carbides grew (in a
spine like manner) from these particles, causing a nonuniform carbide distribution. Also, giving a
slightly hypoeutectic, or even eutectic alloy, rather than hypereutectic, due to reduced total Cr
content in the deposit. It was suggested that the increase in the amount of undissolved Cr rich
particles was accompanied by an inhomogenous weld pool occuring as a result of lower inputs
and faster welding speeds.(42)The effect of the arc current and the heat input on microstructure
was investigated by Rense et al. ,(1) in Fe-Cr-C type hardfacing alloys with an arc-welding process.
They observed that the heat input caused a coarsening of the primary austenite dendrites.
However, the volume fraction of the eutectic microconstituent (austenite/M7C3 interdendritic
network) was found to be strongly dependent upon the current, rather than the heat input. At
higher currents (lower dilution) microstructure was observed to contain large M7C3 primary
carbides, but hypoeutectic microstructure was found at lower currents (higher dilution). These
results are consistent with the work of Noble,(28)who examined the effect of the arc current and
voltage on the microstructure of high Cr austenitic iron base deposits with the FCAW technique.
He observed hypereutectic microstructure with higher currents, through both layers. In contrast, an
increase in the voltage gave rise to a less volume fraction of the primary M7C3 carbides,
implying a higher dilution.
The effect of the electrode stickout was studied by Noble,(211)and ThOrpe.(ll)They both found
that volume fraction of the primary M7C3 carbides increased with the electrode stickout length.
This is because, lower stickout decreases the arc voltage and dilution, as discussed previously.
The results show that the microstructure of iron-based hardfacing alloys could be controlled by
welding parameters. The significance of these results is obvious since an understanding of the
influence of welding parameters on the microstructure is of great importance for material selection
in hard facing applications.
7 In this work four voltage levels (25, 28, 31, 34V), and four current levels (250, 280. 310 and 350A) were
chosen.(9)
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4.6 Conclusions
Hardfacing materials may be deposited by a wide range of welding processes, and their
properties depend strongly on the welding procedure and conditions used. For example, the arc
voltage and current have a significant influence in detennining the deposit geometry. Although an
increase in these variables leads to the fonnation of wider and taller deposits, other parameters
such as the arc polarity, the travel speed, and the preheat are also found to affect weld bead
geometry. The heat input, which is a function of the arc current, voltage and the travel speed is
found to increase the weld bead area.
An understanding of the effect of the variables which influence the penetration depth is
particularly important for hardfacing alloys since the level of dilution is detennined by the degree
of penetration. Ideally, dilution should be kept to a minimum in order to optimize the properties
of the c1added material. Results have shown that the penetration increases with the arc voltage
and current, and decreases with the travel speed. Even though the effects of the electrode stickout
and the arc polarity have been reported, more work is needed to establish a relationship between
these variables and the penetration depth.
The hardfacing material is mixed with the molten base metal during welding leading to a
certain degree of dilution. An increase in the arc current, and the voltage gave rise to a high level
of dilution, as expected. However, the arc polarity was found to play a significant role. For
instance, the dilution was found to decrease with increasing the arc current when the direct
current electrode negative technique was applied. This is because the deposition rate of the
electrode is increased leading to a high deposition rate and therefore less dilution. A quantitative
assessment of the influence of arc polarity would also be very useful so that the deposit geometry
and the level of dilution can be simultaneously controlled.
The microstructure of hardfacing alloys is primarily influenced by the dilution since the
mixing of the original material with the base metal changes the composition, and consequently the
properties. As an example, the wear resistance in high chromium containing iron-based harfacing
alloys was found to decrease with increasing dilution. So, for a given electrode, the welding
parameters should be chosen to provide the best possible microstructure for any given application.
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Nomenclature
The following nomenclature is used throughout this Chapter.
t
a
pc
q
u
z
y
T
e
w
h
P
d
time (s)
thermal conductivity (J s-l m-1 K-1)
thermal diffusivity (m2 s-l)
specific heat per unit volume (J m-3 K-1)
( S-l)arc power J
arc velocity (m s-l)
radius of heat source (m)
depth below plate surface (m)
distance from the centre of the heat source (m)
temperature (K)
peak temperature in thermal cycle (K)
preheat temperature (K)
melting temperature (K)
time constant (rb2 / 4a)
length constant, given by Equation 4
base of natural logarithms (2.718)
weld bead width (m)
weld bead height (m)
penetration depth (m)
electrode diameter (m)
area of bead reinforcement (m2)
total melted area (m2)
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5. THE PREDICTION OF WELD BEAD DIMENSIONS AND
DEGREE OF DILUTION IN ARC WELDING DEPOSITS
5.1 Introduction
It has been demonstrated in Chapter 4 that a wide range of weld bead morphologies and
microstructures can be generated in hardfacing deposits by altering the welding variables. The
welding conditions, and in particular the rate of cooling the deposited material, have an important
influence on microstructure altering the volume fraction of microconstituents, and their chemical
compositions. These changes will affect the abrasive wear resistance of the deposit It is therefore
desirable to quantify their effect on weld deposit chemistry, and microstructure in order to obtain
optimum wear resistance. An attempt is made in this chapter to predict the weld bead dimensions
and the dilution as a function of welding parameters (heat input, travel speed, etc.). The heat flow
equations originally derived by Rosenthal for a moving point source,(l) and later modified for a
circular disc source,(2)have been used. Rosenthal derived heat flow equations corresponding to
thick, fairly thick, and thin plates for a point source moving with constant velocity, u, along the
x-axis of a fixed rectangular coordinate (x, y, z) system, as a function of time t (Fig. 5.1).
For thick plates
for thin plates
q {V }T - To = -2r.-.-)..R- exp - 2a (c + R)
'r"" q {V (~' ')}.•. - J. 0 = , e:,<p - - i; '7 r
4 " Ape v r' 2.a
.....(1)
.....(2)
where To is the preheat temperature, A. is the thermal conductivity, q is the arc power, pc is the
specific heat per unit volume, ~ = ~2+y2+z2, r'2 = ~2+y2, a is the thermal diffusivity, and
~ = (x- ut).
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Fig. 5.1: Welding geometry and coordinate systems used for the analysis of Rosenthal
equations.(2)
5.2 Modified Rosenthal Equations for a Disc Source
The Rosenthal equations assume that heat is delivered from a point heat source. This means
that satisfactory results may not be achieved when large electrodes are used. This shortcoming
was overcome when the point source was replaced by a circular disc source of radius rbY) For
thick plates it was shown that the temperature cycle T(y,z,t) at a point (y,z) below the surface is
well-approximated by the following equations
where
T T q/v [ 1 ((z+zo)2 y2)]
= 0 + 27rA[t(t + to)]l/2 X exp - 4a t + (t + to) ..... (3)
..... (4)
..... (5)
The parameter to represents the time required for heat to diffuse over the radius of heat source,
rb' The length, zo' is a distance over which heat can diffuse during the interaction time r~u.
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Note that for thick plates when rb = 0, Equation 3 reduces to the original Rosenthal equation.
5.2.1 The Temperature-Time Profile
The temperature-time profile for a given point in the weld pool was calculated using Equation
3. Typical curves are given in Figs. 5.2a-d corresponding to the points in the weld bead (Fig.
5.2e), The data used for the calculations are given in Table 5,1.
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Fig. 5.2: a) Temperature-time profiles; b) corresponding points in the weld bead. The welding
conditions are: q = 15001/s, u= 4mm/s, rb = 4mm, and To = 293K.
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Table 5.1: Data used in the calculations for carbon steel base plate.
Property Symbols
Thermal conductivity A
Thermal diffusivity a
Volume thermal capacity pc
Melting Point Tm
Units
J~mSK
m /s
J/mK
K
Value
41
9.1 10-6
4.5 10-6
1810
5.2.2 Calculation of the Peak Temperature Achieved During Deposition
The peak temperature, Tp' reached in the thermal cycle for a given point, is calculated by
differentiating Equation 3 with respect to time, to give the following parabolic function
') t ('">t .• )(t . t) t 2 2 . (- • - )2(t .• \2
•••Q p - p or'O p or 0 = p y "7" '" or "'0 P "7" '0J
.....(6)
The time (which is the real root of the parabolic function) corresponding to the peak temperature
(lp). calculated when aT / at = O. The variations of the peak temperature with distance z is
given in Fig. 5.3.
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Ioi 2500..:
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Fig. 5.3: The variations of the peak temperature as a function of z along the weld centre-line.
The welding conditions are: q = 1500J/s, 'U= 4mm/s, rb = 4mm. and To = 293K.
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5.3 Calculations for Weld Bead Dimensions
1. Area of Bead Reinforcement
As discussed in Chapter 4, the area of bead reinforcement is directly proportional to the heat
input. This relationship was explained theoretically and the relationship between the heat input
and the area of bead reinforcement was represented in Chapter 4 (Eq. 4). In the arc welding
processes the area of bead reinforcement can be calculated by considering the total melted deposit
as follows;
A1 = (x d2 /4) x recovery x (feed speed / welding speed) ..... (7)
where d is the electrode diameter. The recovery is defined as the ratio of the weight of deposited
metal to the net weight of filler metal consumed. The accuracy of this equation was tested with
the experimental data of Oark on MMA deposits (for 5mm electrodes),Ol and by Alberry et al.(4)
for TIG deposits. The regression analysis were carried out, and observed values against those
calculated are represented in Figs. 5.4a,b. It is clear that the area of bead reinforcement could be
satisfactorily calculated through the Equation 7.
155 10
Observed Area, mm2
3015 20 25
Observed Area, mm2
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Correla lion Coefficient 0.94
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'"
.,
10., ~~ "Cl
"Cl 20
.,., +>..., «l
'" ;;'3 CJ
CJ <;jCilu 15 u
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Fig. 5.4: Calculated bead area versus observed bead area a) data after Oark for the MMA
deposits; b) data after Alberry et al. for the TIG deposits. During calculations the radius of the
disc source, rb is assumed to be equal to the electrode diameter for the MMA (5mm), and to the
wire diameter for the TIG (1.2mm), process.
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5.3.1 Width and Height of the Weld Bead
The width and height of the weld bead are both proportional to the square root of the heat
input.(3) This result was attributed 10 the linear relationship between the area of bead
reinforcement and the heat input.
In this work the width of the weld bead was calculated using Equation 3. The peak
temperature was calculated as a function of y distance (z=O), and the bead width was found when
the peak temperature became equal to the melting temperature of the substrate material.
Comparisons of the calculated bead width with the experimental data of Oark, and Alberry et al.
are given in Figs. 5.5a, b with the regression analysis results.
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Fig. 5.5: Calculated bead width versus observed bead width a) data after Clark for the MMA
deposits; b) data after Alberry et al. for the TIG deposits. During calculations rb is assumed to be
equal to the electrode diameter for the MMA, and wire diameter for the TIG, processes.
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The bead height was calculated using the simple geometry of the weld bead. Assuming that
the weld bead has a spherical geometry, and the bead is bounded by an arc of a circle of radius
r l' subtending at angle of 28 for the reinforcement, the area of bead reinforcement, A l' can be
calculated as follows;
..... (8)
where w is the bead width, and h is the bead height
Defining k = w / 2h, Equation 8 may be written
so that
. -1 ( tw ) . -1 ( wjh )e = sm h2 + tw2)j2h = sm 1+ iCw2 j h2)
. -1 ( 2k )
= sm 1+ k2
..... (9)
.....(10)
.....(11)
Having calculated the bead width and the area of bead reinforcement, the bead height is
calculated through Equation 11. This is carned out using the Newton-Raphson iteration method(6)
and the results which are compared with the experimental data of Clark for the MMA deposits
are given in Fig. 5.6.
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Fig. 5.6: Calculated bead height versus observed bead height, data after Oark(3) for the MMA
deposits.
5.3.2 Penetration Depth
Similar to the bead width calculations, an attempt has been made to predict the penetration
depth using the heat flow equations. The peak. temperature is calculated below the centre of the
arc (y=O) by increasing the z distance until the peak. temperature becomes equal to the melting
temperature of the base plate. The results are compared with the experimental data in Figs. 5.7a,b.
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Fig. 5.7: Calculated penetration depth versus observed penetration depth a) data after Clark for
the MMA deposits; b) data after Alberry et al. for the TIG deposits.
The results indicate that the penetration depth cannot be calculated accurately using the heat
flow equations. This is not surprising since no account is taken of factors such as convective
mixing in the pool, variations caused by a change in shielding gas, and flux, magnetic forces,
surface heat losses, impact of fused droplets on the pool, etc. Therefore, many empirical attempts
have been made to predict the penetration depth, some of them were discussed in Chapter 4.
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5.3.3 Melted Area and Dilution
During welding processes, the substrate material is melted to ensure good bonding of the
applied material. The total melted area depends on the welding conditions, and the melting
temperature of the substrate material. The composition of the weld deposit is therefore influenced
by the mixing of the base material with the deposit so that calculation of the total melted area is
necessary. The melted area has been calculated similar to the area of bead reinforcement.
Assuming the weld has a spherical geometry and bead is bounded by an arc of a circle of radius
r2' subtending an angle of 2a, the total melted area is written as;
.....(12)
where p is the penetration.
Defining I = hip
.....(13)
so that
. -1 ( 2kl )
B = sm 1+ k2[2
.....(14)
.....(15)
Dilutionl is one of the important factors influencing the properties of hardfacing deposits.
Therefore, calculations are compared with the experimental results of Alberry et al.(4)(Fig. 5.8).
Regression analysis results showed that the correlation coefficient is =0.89, indicating reasonable
agreement between the calculated and measured degrees of dilution.
The dilution is defined in Fig. 4.1 as A2/Al +A2'
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Fig. 5.8: Calculated dilution versus observed dilution. Data after Alberry et al.(4)
The welding variables in hardfacing alloys detennine the level of dilution. For example, Fig.
5.9 illustrates the influence of the arc power on the dilution. It can be seen that the dilution varies
from 6% to 50% when the arc power is increased to 375OJ/s from I25OJ/s. Furthennore, the
volume fraction of microconstituents in the deposited material are influenced by the welding
parameters primarily through the dilution. Carbides are the most effective phases in enhancing
abrasive wear resistance and therefore their volume fraction should be optimised. The influence of
the arc power on the volume fraction of M7C3 carbides (when the M7C3 carbide is in
equilibrium with austenite at 1373K) in Fe-34Cr-4.5C (wt%) is illustrated in Fig. 5.10. The
volume fraction of the carbides has been calculated using the thennodynamic program described
in Chapter 7. The figure clearly demonstrates that the volume fraction of phases, and therefore
wear resistance, can be controlled by adjusting the welding variables.
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Fig. 5.9: The influence of the arc power on the dilution. The welding conditions are assumed to
be q = I500J/s, rb = 2mm, '\)= 4mm, and To = 293K.
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Fig. 5.10: The influence of the arc power on the volume fraction of M7C3 carbides in Fe-34Cr-
4.5C (wt%) alloy. The volume fraction of carbides are calculated using the thermodynamic
program, outlined in Chapter 7. The alloy is assumed to be configurationally frozen at 1373K.
The welding conditions are; q = 1500J/s, rb = 2mm, '\)= 4mm, and To = 293K.
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5.4 Conclusions
Three dimensional heat flow equations for a circular disc source have been used to calculate
the weld bead dimensions and the degree of dilution for arc welding processes. Temperature-time
profiles were computed for a given point in the weld bead so that heating and cooling rates could
be calculated as a function of welding parameters. This is particularly important in hardfacing
alloys since the cooling rate has an important influence on carbide precipitation, and on the
morphology and composition of phases. The area of bead reinforcement, total melted area,
dilution, the height and the width of the weld bead were calculated. The results obtained were
compared with the data in the literature and the agreement was found to be excellent The
influence of arc power on the volume fraction of carbides was determined, and the results suggest
that abrasive wear resistance of the hardfacing deposits could be optimised by adjusting the
welding variables.
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6. THE EFFECT OF MICROSTRUCTURE ON ABRASIVE WEAR
RESISTANCE
6.1 Introduction
In this section the effect of microstructure on abrasive wear, oxidation, corrosion resistance
and matrix stability will be examined.
6.2 Effect of Hardness
It is known that there is a significant effect of the second phases, such as precipitates, carbides
and soft microstructural constituents (e.g. residual austenite) on abrasive wear resistance. The
influence of hard particles on wear resistance partly depends on their hardness. Soft particles
(coherent or semicoherent) are sheared by dislocations and hence, there is usually only a slight
increase in wear resistance as a consequence of the presence of soft particles, especially under
heavy abrasive conditions. It has been confirmed that there is no simple proportionality between
abrasive wear rate and overall hardnessY·3) In fact it is the hardness of the worn surface which is
regarded as an important factor in determining abrasive wear resistanceY·3) Fig. 6.1 shows the
variations of the gouging wear ratio as a function of the hardness of the initial and of the worn
surface in a wide range of ferrous alloys. It is evident from Fig. 6.1 that materials surface harden
to different degrees, as evidenced by the differences in the length of the horizontal junctions
between the corresponding data points. For example, austenitic stainless steels and austenitic
manganese steels reveal relatively large ranges of work hardening due to their high deformation
absorption capacity and in some cases due to strain-induced martensite transformation. In Fig. 6.1
the points A and B represent typical differences of the capacity to work harden between quenched
and tempered steel, and Hadfield steel. Good correlation between abrasive wear resistance and the
hardness of the worn surface supports the conclusion that wear resistance is a function of the
maximum hardness of the work hardened surface.
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Fig. 6.1: Gouging wear ratio versus initial hardness (open points), and work-hardened hardness
(full points) of a wide variety of ferrous materials.(4)
6.2.1 Effect of Carbides
Carbides are the most effective contributors to wear resistance due to their high hardness. The
hardness of carbides generally depends on their crystal structure, alloying elements(S)and their
concentration,(6)and as suggested by Maratray(7)and Su et al.,(S)their crystal faces. They showed
that the hardness perpendicular to the long axis of the M7C3 carbides is considerably higher than
that along their length. Although it is accepted that wear resistance increases with the hardness of
the carbide particles, experimental studies have shown that wear resistance is better related to the
difference between the hardness of material and that of the abrasives. If the two have a
comparable hardness, the rate of material removal decreases as the -2.5th power of the alloy
hardness, and when the material hardness is higher than the abrasive hardness, the rate decreases
as the sixth power.(8)As seen in Fig. 6.2 the wear rate of materials increases significantly when
the hardness of the abrasive is about one-half times harder than that of material.
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Fig. 6.2: Idealized diagram of wear rate of a variety of materials as a function of mineral
abrasive hardness.(9)
Several examples may be given in support of the data presented in Fig. 6.2. For example, Fulcher
et al.(lO)showed that wear resistance increased with the carbide volume fraction when they used
garnet, but decreased when SiC (which was thought to cause spalling and pitting of carbides) was
used. Fang et al.(ll) studied the abrasive wear resistance of white cast irons using pin-on-disc and
wet rubber-wheel-abrasion tests, and suggested that M7C3 carbides are particularly effective in
resisting wear due to their high hardness. They proposed that the matrix cannot easily be removed
in the case of primary carbides, which are firmly held and which resist being cut out by
abrasives, resulting in lower volume loss and higher wear resistance. They observed more
noticeable increases in wear resistance as a function of the Cr/C ratio (which was thought
proportional to hardness) when they used soft abrasive garnet compared with harder abrasive SiC.
Therefore, they suggested a critical value of Hc/Ha (hardness ratio of eutectic carbide to abrasive)
of 0.8. If the ratio is larger then an effective increase in wear resistance is observed.
Kretschmer,(lZ)Wahl(l3)and Su et al.(S)support this proposal. suggesting that a decrease in wear
resistance is observed with an increase in the hardness of abrasive. On the other hand. Berns and
Fischd14) have observed a decrease in the wear resistance with increasing bulk hardness of Fe-Cr-
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C based alloys after about 850HV, when they used SiC as an abrasive. They explained the
decrease in wear resistance by the formation of microcracks around the hard carbides. The same
researchers found an increase in wear resistance with increasing hardness when they used flint,
which is relatively soft. Similar results were obtained in high Cr cast iron by Xing et al.,(IS)who
observed effective cutting of M7C3 carbides by abrasives when they used SiC and Al203, but
with garnet, only the formation of scratches was observed and there was no indication of carbide
breaking and spalling. Kosel et alY6)demonstrated that carbides tended to protrude at the worn
surface when the carbides (= 2000 HV) were harder than the quartz abrasive (= 1040 HV).
Although some protrusion of carbides was observed when they used Al203 (= 2200 HV) this
was not as much as with quartz. All these results imply that the contribution of the carbides to
the abrasive wear resistance is a function of the hardness of the abrasives. If the abrasives are
softer than the carbides then carbides may not be deformed, resulting in relatively good wear
resistance. If on the other hand, the abrasives are relatively hard, the carbides may spall giving
poor wear resistance. Different test techniques also alter the influence of abrasives. For instance,
Sun(l7)examined the effect of M7C3 carbides on heat treated steel, ordinary white cast iron, and
high-chromium cast iron with a wet quartz sand rubber wheel abrasion technique. He observed
the formation and expansion of cracks and subsequent spalling of the M7C3 carbides, even in a
relatively soft quartz abrasive, concluding that some carbides are sufficiently brittle to fracture
due to indentation by soft particles. However, he did not take account of the difference expected
between dry and wet test conditions. For example, (as suggested by Un and Qingde(18»)in high Cr
alloys (= 28 wt%), Cr increases the wet wear resistance more than it increases dry wear
resistance implying that corrosion affects the wear characteristics of the alloys. They showed that
in corrosive conditions, if the matrix is corroded, its support to the carbides decreases and this
may lead to spalling. It is very likely that this mechanism is dominant in Sun's experiments since
spalling is unlikely with the relatively soft quartz, which has a hardness (= 900 HV) much lower
than that of the M7C3 (= 1800 HV). On the other hand, Fulcher et al.(10) supported Sun's
experiments and showed that weight loss begins to increase as soon as the alloy content exceeds
the eutectic composition, and that primary M7C3 carbides are formed when they used
semirounded quartz in the rubber-wheel-abrasion test (RWAT). Their observations showed
cracking and spalling of the primary carbides, and they concluded that when this happened the
matrix was worn to a higher degree. Although large carbides resisted better than the matrix, this
only continued until the cracks started to form. Since carbides protruded at the wear surface, with
the reduced support from matrix, they were more vulnerable to cracking, and this phenomenon
was thought primarily responsible for low wear resistance in hypereutectic cast irons when using
semirounded quartz abrasivesYO)The opposite results were observed by Prasad and Kosel,(19)who
suggested that protruding carbides protect the matrix from direct contact with the quartz abrasives,
and since the carbides concerned have a higher hardness than quartz, no noticeable damage was
observed. These experiments clearly indicated the material removal mechanisms in hypereutectic
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white cast irons containing primary M7C3 carbides when they performed in situ scratch testing
using rounded quartz particles as scratch tools in a scanning electron microscope. During multiple
scratch testing of prewom hypereutectic alloys containing pits and cracks (which probably formed
in pre RWAT abrasion), cracks were found to develop near the entrance region of the pre-existing
pits, with no sign of carbide removal. As the multiple scratches progressed along the same path,
small carbide fragments began to appear near the pre-existing pits, implying the gradual
enlargement of pits rather than catastrophic damage of primary carbides. Prasad and Kosel(19)also
tested the same alloys in the absence of pre-existing pits, and groove cracking, and showed an
increase in the amount of debris particles with the passes. These debris particles were found to
contain a significant amount of Si, implying that they are mainly quartz fragments. Indeed energy
dispersive X-ray analysis showed that there was no sign of carbide debris in the particles.
Additionally, they observed no pit formation on the carbide beneath the quartz particles. These
results indicate that rounded quartz particles are not capable of causing spalling in the primary
carbides, contrary to Sun(l7) and Fulcher's et alYO>observations. Prasad and Kosel suggested that
the matrix was not directly attacked by the abrasives until some carbide removal had occurred,
following which, cracks were observed at the carbide/matrix interface due to reduced support
from the matrix. They deliberately deep etched the alloys (hence removing the matrix) and it was
then possible to observe the material removal mechanism for unsupported carbides. Their results
showed the formation of cracks at the leading edges of the primary carbides. Although Fulcher et
alYO)agree with this observation (that less supported carbides are more vulnerable to cracking),
initial cracking and spalling off the carbides in their experiments are not consistent with Prasad
and Kosel's direct, in situ experimental results. Carbide removal under the quartz particles may be
attributed to a difference in the abrasive shapes. Prasad and Kosel suggested that some rounded
quartz particles can be fractured, and these may initiate carbide fracture due to their greater
angularity. This proposal is quite likely to be correct and in fact Moore et al.(20)showed between
2 and 5.5 times greater wear rate with the angular crashed quartz than rounded Ottawa sand,
probably due to the deteriorating behaviour of angular abrasives and because of high contact
distance. A similar conclusion was reached by Swanson and Klann,(Zl) who showed an increase by
a factor of ten in the volume loss when they used angular abrasives on plain carbon and low
alloy steels. Since both plastic deformation and fracture mechanisms cause material removal of
brittle solids during wear, and material loss is an order of magnitude greater when fracture
mechanisms are dominant,(22) poor wear resistance could be explained by the sharp abrasives,
which lead to carbide cracking and subsequent spalling. Although these results may explain the
difference between the work of Sun,(17)Fulcher et alYO>and that of Prasad and Kosel,(19)(since the
former investigators used sub-angular quartz abrasives, but in the latter's work a rounded quartz
abrasive was used), more work definitely needed to verify whether angular quartz abrasives cause
formation of cracks and spalling off the primary M7C3 carbides in hypereutectic iron-based
hardfacing alloys.
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As far as the hardness of the carbides is concerned, it is feasible to suggest that maximum
hardness should be considered to be the hardness of the undefonned carbides, as Richardson(23)
has proposed.
6.2.2 Effect of Carbide Size
It has been suggested that carbide hardness is an insufficient indication of wear resistance,
because a decrease in hardness is accompanied by a rise in particle size, at constant volume.(2A)
However, the material removal mechanisms for fine and coarse carbides have been found to be
associated with the increasing ratio between average groove depth and carbide size as carbide size
decreases.(2.S-Z7)Shetty et al.(2S)examined the material removal mechanisms during the abrasion of
Stellite 6 and 19, with a scratch test using A1203 abrasive particles and Vickers diamond
pyramids. In the case of fine carbides, they observed the removal of entire small carbides within
primary chips, but for coarse carbides, abrasive particles had to cut the carbide phase to remove
either the carbide or matrix phases, since the scratch groove dimensions are then smaller than the
carbides. In these circumstances, coarser carbides cause an increase in wear resistance. Desai et
al.(26)studied the same alloys containing coarse carbides, using a low-stress abrasion test with
A1203, and found the carbides to protrude from the worn surface. However, for fine carbide
specimens, carbides were abraded to the same level as the matrix, and there was no marked
indication of changes in the widths of wear grooves as they traversed the matrix and carbides.
This results in more frequent pit formation and poor wear resistance. Shetty et al.(2S)suggested
that the linkage of cracks along the carbide/matrix interface may play a secondary role in material
removal from fine carbide containing alloys. They showed crack propagation from carbide to
carbide and along the carbide/matrix interface resulting in the fonnation of pits which contain
several small carbides. They proposed that a strong carbide/matrix interface is also necessary for
enhanced wear resistance. Zum Gahr and Doane(28)agree with their proposal, claiming that early
crack formation at the carbide/matrix interface may decrease wear resistance. Junyi and YudintZ7)
examined the effect of carbide size on wear resistance in undirectionally solidified high er
(16.2Cr and 3.35C wt%) cast irons. They measured the average spacing between carbides,
representing average carbide thickness at constant carbide volume fraction. Consistent with Shetty
et al.,(2S)and Desai et al.(26)they showed that fine carbides are not resistant to abrasives, and wear
resistance decreases due to bending and defonnation. On the other hand, they observed spalling of
thick carbides, resulting in less protection being given by the carbides to the matrices, when they
used the rubber-wheel-test with wet sand. Therefore, they suggested that carbide fibers should be
of an optimum size, below which they are not defonned and above which they must resist
spalling.
Sun(l7)showed an increase in weight loss in the presence of coarse carbides due to spalling
when they applied the wet sand rubber-wheel-test in high Cr white cast irons, consistent with
Junyi and Yuding.(Z7)It should be noted, however, that both Junyi et al., and Sun's experiments
were carried out in wet sand. As discussed previously, the corrosive behaviour of the matrix can
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be important and may effect these results. Coarser carbides obviously have a more continuous
carbide/matrix interface. If the support from matrix is decreased due to corrosion of the matrix
this may lead to subsequent spalling. Garrett et al.(29)using the pin-on-disc technique, showed a
decrease in relative abrasion resistance as the total carbon concentration increased. They suggested
that the higher carbon concentration gave coarser carbides, resulting in a lower wear resistance,
but this is inconsistent with the work,(24-26)where better wear resistance was obtained with larger
carbides. One difficulty is that Garrett et al's(29)alloys covered a wide range of microstructures
(dendritic, eutectic, and primary carbides) which behave in different ways under the same test
conditions. Without taking into account microstructural factors, it is not feasible to represent the
abrasive wear resistance as a function of total alloy carbon concentration. Even so, the beneficial
effect of increasing carbon content of a wide range of ferrous materials has been demonstrated
(Fig. 6.3).
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Fig. 6.3: Weight loss versus carbon content of a wide range of ferrous materials after a wet
sand slurry abrasion test (4)
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6.2.3 Effect of Cooling Rate
Since wear resistance is strongly affected by the carbide size, the cooling rate apparently has a
significant influence. Gundlach and Parks°O)examined the effect of the cooling rate on abrasive
wear resistance in white cast irons (Fe-17.5Cr-1.5Mo-2.9C wt%) and observed an initial increase
in wear resistance with decreasing cooling rate, and subsequently a decrease. They suggested that
the cooling rate influences the carbon concentration of the austenite, and results to secondary
carbide fonnation upon slow cooling. On the other hand, a higher dissolved carbon content and a
higher volume fraction of retained austenite were observed with fast cooling rates. However, they
could not verify a relationship between the microstructure and abrasive wear resistance under
different cooling rates. As already discussed, the best explanation could be made by considering
the effect of the cooling rate on the carbide size. They may have observed the initial increase in
wear resistance with decreasing cooling rate because of the increase in carbide size which gives
higher resistance to cutting out by abrasives. Spalling of the carbides may be responsible for the
later decrease in wear resistance, but it is difficult to say without careful microstructural
observations.
The effect of the cooling rate on the abrasive wear resistance was studied by Kortelev et al.,(3l)
Popov et al.,(32)and Drzeniek et al.(33)in high Cr iron-based hard facing alloys. However.
explanation of the test results is a matter of conflict. For example, Kortelev et al.°l) examined
microstructural changes of Fe-(40-42)Cr-(4.0-4.3)C (wt%) hardfacing alloys under different
cooling rates. They found significant refinement of carbides with increasing cooling rate from 10
to 28.9 °C/sec, and a corresponding 30-35% increase in the abrasive wear resistance. Their
quantitative metallographic analysis showed that at 10 °C/sec cooling rate. 60% of the carbide
area was found to exceed 2500J.llIl2.whereas with a high cooling rate (28.9 °C/sec). the majority
of the carbides had an area between 250-l500J.llIl2. They carried out the abrasive wear tests
simulating the working conditions for rotary excavator cutters. Their test results showed a
continuous increase of the abrasive wear resistance with increasing cooling rate. They suggested
that grain refinement, and differences in the carbide lattice structure were probably the dominant
factors responsible for the improved wear resistance. Although the carbide refinement was
experimentally observed. there was no evidence for the changes in the carbide lattice structure.
Since they have not examined the worn surfaces. it is not feasible to directly correlate the
abrasive wear resistance with the carbide area in their work. On the other hand, an increase in the
abrasive wear resistance with cooling rate was explained on the basis of changes of matrix
structure by Drzeniek et al.(33)They studied the influence of the cooling rate in high Cr containing
iron-based alloy (Fe-22.05Cr-4.44C-1.6lMn-0.35Si wt%), with arc welding technique using self
shielded cored electrodes. The cooling rate was altered by adjusting the preheat temperature of the
substrate. With high cooling rates the austenite transformed to martensite. Whereas at lower
cooling rates the austenitic matrix decomposed into pearlite. Using the rubber-wheel-abrasion test
with quartz sharp edged sand, the weight loss was found to be about 3 times higher with the slow
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cooling rate. They suggested that pearlite formation is a major factor decreasing the wear
resistance although they did not analyse any changes in carbide particle size. As discussed earlier,
fast cooling rates lead to the formation of relatively finer microstructures. Although the abrasive
wear resistance of the austenitic matrix was reported to be superior than that of the pearlite,
influence of carbide size has to be considered for interpretation of the experimental results.
As far as the effect of carbide size on wear resistance is concerned, fine carbides tend to be
cut out by hard abrasives so that abrasive wear resistance increases with carbide size, particularly
in high Cr alloys having a large volume fraction of M7C3 carbides. Nevertheless, much coarser
carbides may be spalled off under certain abrasive wear conditions, implying that an optimum
size of carbides is desirable for best wear resistance. Since the size of the carbides has an
important effect on wear resistance, the surfacing process and its parameters should also be
chosen carefully in order to obtain the best abrasion resistance.
6.2.4 Effect of Carbide Spacing
Besides the effects of hardness and shape of the carbides, carbide spacing has an important
effect on abrasive wear resistance as well. Although Bhansali and Silence(34)suggested that
abrasive wear resistance increases when the average spacing between precipitates is increased, this
is contrary to experimental observationsY°,3.5,36)For instance, Fig. 6.4 illustrates the dependence
of wear resistance and hardness on the mean free path between carbides in different annealed tool
steels.(3S)As can be seen in Fig. 6.4 wear resistance increases as the mean free path between the
carbides decreases.
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Fig. 6.4: Dependence of wear resistance and hardness on the mean free path between carbides
in tool steel.(35)
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Fulcher et alYO) suggested that finely spaced eutectic carbides in hypoeutectic high Cr-Mo
white cast irons support the matrix and prevent penetration by the abrasive particles, and it has
also been suggested that the deformation of the matrix is decreased as the carbide spacing
decreases in white cast irons.(36)Mello et al.(36)emphasized the importance of carbide spacing in
abrasive wear resistance of Cr-Mo white cast irons when they carried out sclerometric
experiments.1 They estimated scratch hardness values of carbide and matrix phases from the force
data, (obtained by using a three-dimensional piezoelectric sensor) and the mean groove width
values.2They examined different areas with various carbide spacings, A, in the range 2 to 127J.Ull,
and measured the corresponding groove width in the matrix. The variation of scratch hardness
was represented as a function of the ratio LA, at two different loads (l.ON and 0.25N), and at a
constant scratch speed (l25J.lffis-l), in a high Cr iron-based alloy (Fe-21.4Cr-2.36C-2.98Mo-
l.04Mn-0.54Si wt%) having primary y dendrites, and 0.24 volume fraction of M7C3 eutectic
carbides. Their results showed three main regions: in the first region, the scratch hardness values
corresponding to the wider carbide spacing were found to be nearly constant, and close to that of
the matrix, implying no contribution of carbide to hardness. After a critical value of LA, the
scratch hardness started to increase with a decrease in carbide spacing, forming the second region,
and finally the hardness reached its maximum value, corresponding to the smallest carbide
spacing, and remained constant at a value close to the scratch hardness of the carbides. These
results quite clearly indicate that closely spaced carbides significantly support the matrix, and
reduce its ability to undergo plastic flow.
6.2.5 Effect of Carbide Volume Fraction
The influence of carbide volume fraction on abrasive wear resistance is controversial. This has
been studied by many researchers both in welding consumables and in cast structures. Rense et
al.(37)suggested that the volume fraction of primary carbides is of fundamental importance to
cornbatting abrasive wear. They showed that weight loss decreases until 0.5 carbide volume
fraction, but Zum Gahr and Doane(28)observed a decrease in volume loss after 0.3 carbide volume
fraction in austenitic as well as martensitic white irons in the rubber-wheel test. Noble(38)
suggested that the difference between the weld deposits and white cast irons may arise due to
different cooling rates, which leads to different carbide sizes and morphologies. Zum GahfC39)
showed that abrasive wear resistance increased with increasing volume fraction of carbides against
garnet in white cast irons. Similar results were observed by Xing et al.(40)who showed that when
alloys are tested against very hard abrasives, such as SiC and Al203, an increase in carbide
volume fraction increases wear resistance slightly. However, when tested against garnet (whose
2
Sclerometric experiments are single-point scratch test which simulates abrasive-target interactions.
The scratch hardness (Hs) was given by the following expression;
Hs = O.7FnL,2
where, Fn is the normal force and L is the mean groove width.
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hardness is much lower than that of M7C3 carbides) an increase in the volume fraction of
carbides cause a pronounced increase in wear resistance. Borik and Majetich(41)studied the effect
of volume fraction of carbides, and of bulk hardness, on weight loss in rubber-wheel-abrasion
tests and pin-on tests on iron-based hardfacing alloys. They observed that in the rubber-wheel
tests weight loss decreased with an increase of carbide volume fraction to 0.45 and later
increased, whereas the transition volume fraction was found to be 0.55 for the pin-tests. Similar
results were found by Zum Gahr and Eldis,(42)who showed the lowest wear loss with a carbide
volume fraction of 0.30 in the rubber-wheel-abrasion test, but in the pin abrasion test (using 150
mesh garnet) increasing carbide volume fraction up to = 50% gave rise to higher wear resistance.
He suggested that grooving was dominant in the pin-test, but grooving and spalling both occurred
in the rubber-wheel test. This could be explained by the effect of wet sands which were used in
both the works of Borik et al.,(41)and Zum Gahr et al.(42)These results quite clearly indicate that
the effect of volume fraction of carbides depends upon the applied wear test conditions. If the
applied abrasives are hard enough to deform the carbides, an increase in volume fraction may
lead to a great chance of formation of cracks or spalling, and subsequently a lower wear
resistance. Fig. 6.5 shows the effect of volume fraction of carbides on volume loss of high
chromium-molybdenum white irons. It is illustrated that if the hardness of the abrasive (garnet) is
less than that of the carbides the wear resistance increases with carbide volume fraction in both
austenitic and martensitic matrix. However, the opposite is the case when SiC abrasives are
applied. This occurs due to high hardness of the SiC abrasives which cause spalling off carbides
and results in more vulnerable matrix to fracture.
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Fig. 6.5: Effect of carbide volume fraction in the volume loss of high chromium- molybdenum
white irons due to abrasion with 150 mesh garnet and 180 mesh SiC abrasives.(4)
However, Fulcher et al.(10) found an increase in wear resistance in hypoeutectic alloys when they
used the both abrasives, proposing that eutectic carbides support the matrix, and any increase in
volume fraction of carbides provides better support and wear resistance. Noble(43)examined the
effect of microstructure on abrasive wear resistance in steel and high Cr austenitic alloys which
were deposited by the flux-cored arc welding technique. With the high Cr alloys he carried out
wear test experiments in wet and dry coke abrasives and showed a decrease in relative wear life
with increasing volume fraction of primary Cr carbides. He suggested that the carbides were worn
at the same rate as the matrix, and also the carbides may be brittle, and they cannot accommodate
plastic strain giving rise to a high weight loss. Finally, he suggested on the grounds of his
experimental results that it may be necessary to reduce the overall alloy content in order to obtain
less volume fraction of primary Cr carbides in the weld deposits. On the other hand. it would
seem that, there are some discrepancies in his experiments. First of all, with high er austenitic
irons, there is a high amount of NbC (from 6% to 12%), which strongly influences wear
resistance and this will be discussed later on. Without taking into account the effect of NbC on
wear resistance, it is not feasible to derive his final conclusion. Secondly, the alloys which were
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marked as a W116 (Fe-23.3Cr-5.IC-5.5Nb-1.04Si wt% and others) and W117 (Fe-23.4Cr-5.IC-
6.2Nb-1.ISi wt% and others) have quite similar compositions and the same volume fraction of
primary Cr carbides (43%). However, average wear life of the alloy Wl17 is == 58% higher than
alloy Wl16 when tested in the dry coke. When we consider the effect of NbC volume fraction
we can not find any correlation, because the NbC volume fraction is only 1.5% higher in alloy
W117. On the other hand, there is no significant difference in microhardness of the carbide and
matrix phases either. In addition to this, the relative wear life of Wl17 is much higher than alloy
W115, even though the Cr carbide volume fraction is significantly greater in the alloy W115. This
implies a discrepancy between his conclusion and the dry coke wear test results. A similar
example may be given for alloys Wl21 and W123, both having 37% Cr carbide and 9% NbC
volume fractions, where the wear life of the alloy Wl21 is 33% higher than alloy Wl23 in wet
coke experiments. If this error came from his experimental technique, his results are not good
enough to represent the dependence of volume fraction of Cr carbides on wear life; at least not as
good as to conclude that wear resistance decreases as the volume fraction of Cr carbides
increases. Perhaps the best explanation could be made by taking into account the important role
of matrix in giving support (the best wear resistance being obtained in the case of strongest
support from the matrix as he suggested). Although Garrett et a1.(29)made a similar suggestion by
concluding that the increase in the concentration of % total carbide forming elements does not
increase wear resistance in a wide range of iron-based alloys (hypoeutectic, eutectic, and alloys
with primary carbides), their results do not rely upon any microstructural observation. On the
other hand, they concluded that highly alloyed irons (which they refer to as expensive alloys) are
not necessary for good wear resistance. This conclusion seems to be quite unscientific and ignores
the importance of other issues such as the different abrasive wear behaviour of the same alloys in
different tests, changes in the wear mechanisms with test variety and other desirable properties
(e.g. oxidation and corrosion resistance, matrix stability) of the hardfaced alloys.
Before discussing the effect of other parameters on wear resistance, it is possible to conclude
briefly that the volume fraction of the carbides is one of the important criteria influencing wear
resistance in one way or another, but should be considered in conjunction with the other
variables.
6.2.6 Effect of Carbide Anisotropy
Wear behaviour of crystalline hard materials is generally anisotropic. For example, in SiC and
Ti02, experimental results have shown that wear depends on crystallographic orientation, since
wear resistance is higher on the planes of highest atomic density when sliding occurs in the most
closely packed direction.(44)As well as the crystalline anisotropy, structural anisotropy can occur,
and is generally observed in aligned fiber composites as a result of undirectional solidification.
For instance, in samples where the carbide fibers were undirectionally arranged, Junyi and
Yuding27) found better wear resistance, when the exposed surface was perpendicular to the carbide
fibers. This is because these fibers are firmly supported, not easily broken and not susceptible to
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spalling. Su et al.(S)support this proposal in their work on undirectionally solidified high Cr irons.
They found better wear resistance when the wearing surface was perpendicular to the carbide
fibers. It has also been reported that4S) the orientation of the [001] axis of the carbides, in a
direction normal to the wear plane gives a higher wear resistance than when the same axis lies in
the plane of wear and parallel to the wear direction.
6.3 Effect of Matrix Structure
Since the carbides are discontinuous in the structure a main role of the matrix is to support
carbides. For iron-based alloys the abrasive wear resistance increases progressively as the matrix
changes from ferrite to pearlite, bainite, and martensite.(46)Ferrite has a lower wear resistance due
to its low hardness. Gundlach and Parks(3O)showed that martensitic irons have better wear
resistance than austenitic irons. Diesburg and Borik,(47)and Dawson et al.(48)suggested that
martensite is the preferred structure for improving abrasion resistance in steels. The highest wear
resistance was found with a martensitic matrix, or a tempered martensitic matrix due to high
hardness values. However, at equal hardness, bainitic microstructures which isothermally
transformed to lower bainite were found to have a much better wear resistance than martensitic
microstructures. Zum Gaht46)contributed this behaviour to the presence of 20% retained austenite
in the bainitic structure. In fact other investigators have also observed enhancement in wear
resistance with an increase in volume fraction of retained austenite in steels.(49-S1)The following
general conclusions have been made in order to explain the beneficial effect of retained austenite:
- transformation induced plasticity may absorb energy which might otherwise have caused
fracture. The transformation may also induce compressive stresses in the surface and hence
retards microcrack formation;
- the increase in the work hardening rate with strain as a result of the austenite-martensite
transformation increases wear resistance;
- the presence of ductile austenite films around the martensite plates impedes microcrack
formation and growth.
Bhadeshia and Edmonds(S2)suggested that those alloys which have a mixture of bainitic ferrite
and stable carbon-enriched austenite give improved strength and toughness properties over those
of conventional tempered martensite microstructures, since in these alloys the cracks have to
traverse not only finely spaced interphase interfaces, but also different crystal structures.
Consistent with this, Salesky and Thomas(S3)showed better abrasive wear resistance with an
increased retained austenite content in martensitic steels. They proposed the existence of a
relationship between the continuous intedath films of retained austenite with increasing wear
resistance. However, the complexity of the relation between abrasive wear resistance and retained
austenite is present in other experimental results.(30,S4,SS)For example, Zum-GahtS4) studied the
effect of retained austenite (retained y) on the abrasive wear resistance of a Fe-Mn-Cr-V tool
steel, using pin-like samples abraded against 70J.lffi Al203 bounded abrasive discs, simulating
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high-stress or grinding abrasion test.(56)The best abrasion resistance was found at an intermediate
retained austenite content (between 16 to 26%), attributed to the formation of martensite during
wear, causing compressive stresses which retard the formation of microcracks. On the other hand,
Gundlach and Parks(JO)found that an alloy with a bainitic-like matrix had the poorest wear
resistance against SiC, Al203, and Garnet abrasives using the high stress AMAX pin test (APf).3
However, against SiC, and Al203, irons with retained austenite were found to be superior to
martensitic irons, but against the softer garnet abrasive, the martensitic irons had a better wear
resistance.
Besides the effect of different abrasives, the influence of various types of abrasive wear was
emphasized by Fiore et al.,<55)who studied low-stress abrasion, and gouging wear of Ni-Cr white
iron, which contained angular M7C3 carbides and retained y in the range of 5 to 85 vol%,
together with other decomposition products of austenite.4 Their low-stress RWAT abrasion tests
with Si02, Al203' and the gouging test results are given in Fig. 6.6, which includes high stress
AMAX pin test (APf) on Al203, and garnet papers.
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Fig. 6.6: RWAT, APf and GAWT abrasive wear test results of Ni-Hard samples (Fe-8.9Cr-
5.86Ni-3.22C-1.77Si-O.55Mnwt%).(56)
3 In this test, a pin.like sample traverses back and forth against a bonded abrasive paper. simulating grinding wear.
In gouging wear test experiments. abrasives are rigidly supported as they plough through the material which is
generally subjected to high impact conditions.
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As is seen in Fig. 6.6, the percentage of retained austenite decreases towards the right on
hardness axis. The minimum in weight loss occurs at 40% retained y with the RWAT test against
Si02. However, the worn surface examinations at four different retained austenite levels revealed
identical surface topographies. Observations showed a deep groove formation in the matrix, with
the carbides protruding and probably being worn gradually rather than by gross fracture. On the
other hand, with the harder Al203 as the abrasive the weight loss increased with hardness
(associated with the decrease in volume fraction of retained austenite); the harder alumina was
shown to be effective in cutting the matrix and carbide phases. They found almost identical worn
surface characteristics at different retained austenite levels. A similar conclusion was reached with
GAwr tests, in spite of the significant differences in weight losses. The chipping of material
from the leading edges of protruding carbides was considered to be the important parameter in the
RWAT Si02 test, since the matrix is abraded and cannot adequately support the carbides. With
Al203, there was no indication of carbide relief and both phases were almost worn at the same
rate. During the GAwr test, material is removed by a micromachining action. They also
suggested that the rake angle of the abrasive particles, the critical rake angles of the various
microconstituents, thermal effects on the microstructure, and stress-induced transformation of
retained austenite to martensite are important variables. Even though they concluded that retained
austenite content may optimise wear resistance in different abrasive situations, their explanations
on the basis of the effect of retained austenite is not convincing. For instance, to assume the
variation of total hardness only as a function of volume fraction of retained austenite means
ignorance of the contribution of other phases. This is because, it is reasonable to accept that total
hardness is a linear combination of the contribution from the individual components. It is
probable that the influence of the retained austenite is associated with other phases present in a
microstructure, and best understood by a careful examination of initial microstructure as well as
wear test conditions. As it has been shown by Bhadeshia and Edmonds(52) even different retained
austenite morphologies significantly influence impact properties of the bainitic steels. They studied
the alloys containing only bainitic ferrite, retained austenite, and some martensite as confirmed by
transmission electron microscopy. In such a microstructure, retained austenite was found either in
a blocky morphology bounded by crystallographic variants of bainitic sheaves or in films of
austenite between the sub units within a given sheaf of bainite. When the specimens were stressed
at various levels without fracture or necking, the thin films of austenite between the bainitic
ferrite subunits remained untransformed, but the irregular blocky austenite decomposed to
untempered martensite as a result of stress-induced transformation of the prior retained austenite.
This clearly indicates that the film austenite is more stable than the corresponding blocky
morphology, and beneficial as far as the toughness is concerned. Bhadeshia and Edmonds(52)
finally summarised the criterion for optimum properties by the following equation;
..... (2)
where
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Vy .f: volume fraction of the film type retained austenite,
Vy -B : volume fraction of the blocky type retained austenite,
VB : volume fraction of bainitic ferrite.
This equation indicates that the best properties for toughness is expected when the ratio of
((Vy -f / Vy -B) is a maximum. Considering the same phenomenon in wear resistance, blocky
morphology may be desirable. This is because, it is unstable under stress, and transforms to
stress-induced martensite, which generally increases low-stress abrasion, and grinding wear
resistance. On the other hand, under the gouging wear conditions blocky morphology may be
detrimental, since in these test conditions material is subjected to impact conditions. However,
optimum conditions have to be carefully examined for better wear resistance. In white cast irons,
the best abrasive wear resistance was obtained with the martensitic matrix, and the worst with an
austenitic matrix by Zum Gahr and Doane.(28)They suggested an optimum matrix as being hard
but not too brittle in order to prevent early cracking of the massive carbides, or at the
carbide/matrix interface during deformation.
6.3.1 The Role of the Carbide/Matrix Interface
It has been shown(S7)that there are three main considerations with respect to crack propagation;
the nature of the matrix, the carbide/matrix interface, and cleavage planes of massive carbides.
Fig. 6.7, shows schematically the strain energy release rate (crack growth rate) of white cast
irons, and of the proportion of the matrix, the interfaces, and the carbides as a function of
primary carbide volume fraction.
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Fig. 6.7: Schematic representation of strain energy release rate of white cast irons and of the
proportions of the matrices and the carbides as a function of % primary carbide vo1ume.(57)
At small carbide volume fractions matrix, but at medium volume fractions matrix and interfaces
are dominant phases at which the strain energy is released fast. The contribution of the carbides is
only significant at higher volume fractions. Since hypereutectic Fe-based hardfacing alloys contain
a volume fraction of primary carbides at a medium level, it is clear that carbide/matrix interface
has a considerable influence on the strain energy release rate and crack propagation. Therefore
strong interfaces (low carbide/matrix interfacial energy(46» are needed for better wear resistance.
Although the importance of the carbide/matrix interface on wear resistance is often emphasized
methods for controlling interface properties are not clear. In many cases, especially under heavy
abrasive conditions, cracks initiate at the interfaces due to high stress concentrations in these
regions. In addition to the high stress regions at the sharp interface edges, differences in the
thermal expansion coefficients of the carbide and matrix phases cause a buildup of substantial
residual stresses,(~8) which may reach a level high enough to break the interfacial bonds.(S9)For
example, the thermal expansion coefficient of M7C3 carbide is much lower than that of the
ferrite and austenite phases (e.g. for ferrite 12.3 10-6 K-1, and for M7C3 8.8 10-6 K-1 at
1000060» implying that the stresses arise at the interfaces. During wear, if the stresses increase in
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the interface debonding may occurs between the matrix and carbide phases. This leads to crack
formation along the debonded surface, and subsequently the cracks may propagate across the
whole carbide, resulting in a higher weight loss. In order to lower the residual stresses, the
quenched-and-tempered materials were thought to be beneficial, since volume expansion
associated with the transformation (e.g. martensitic transformation) tends to lessen the influence of
differences in the thermal expansion coefficients of phases.(S8)
Besides the effect of a difference in thermal expansion coefficients of carbide and matrix
phases, there is a strong influence of chemical segregation, which if it occurs at the interfaces, it
can reduce the surface energy and lower cohesive strength, or fracture stress of the interfaces.(61) It
is well known that cracks can propagate much easily in a cohesively weak interface, as confirmed
by experimental observations, which showed formation of interfacial cracks at the particle-matrix
interfaces at lower stresses and strains due to low cohesive strengths.(62-64)As far as the Cr
carbides are concerned, experimental studies show a strong tendency of segregation of solute
atoms at matrix/carbide interface (e.g P, C, Cr segregation to y /M7C3 interface(6S), Si
segregation to y /M7C3 (66)and Cr carbide/matrix interface(67)). Since it is well established that
segregation at the interfaces decrease cohesive strength and cause weak bonding and easy
fracture,(61.68)segregation should be kept at a minimum level, to avoid early cracking in carbide-
matrix interface. Unlike hardfacing alloys, interfacial phenomenon has taken great interest in
metal-matrix composites. In these alloys it is believed that the matrix with a higher yield strength
tends to reduce the interface crack displacement, leading to the low stress concentration factor at
the fiber end of the interface crack.(S8)This reminds us of the effect of martensite on abrasive
wear resistance. Experimental results showed that martensitic matrix was superior to other
matrices (e.g. pearlite, ferrite) and this was thought to be a result of the high hardness of
martensite. On the other hand, its high yield strength may play an important role on the abrasive
wear resistance similar to metal-matrix composites.
There is no doubt that good support from matrix for the more brittle carbides is necessary.
Fulcher et alYO)in high Cr-Mo cast irons, Noble(43)in low alloy steels and in high Cr austenitic
iron deposits, Rakayby and Mills(69)in high speed steels, and Un and Qingde(18) in high Cr cast
irons suggested that abrasive wear resistance is increased as long as eutectic or primary carbides
are well supported by the matrix to prevent cracking and subsequent material removal. Rakayby
and Mills(69)showed that when the matrix was in its strongest state it could not be ploughed by
the abrasives, and so, the matrix was able to hold carbides and prevent material loss.
On the other hand Un and Qingde's(19) results are in conflict as far as the effect of matrix
structure on abrasive wear resistance is concerned. They examined the corrosion-abrasion
resistance of cast iron containing up to 2%Cu, and the effect of austenitic, martensitic, and as-cast
matrices on abrasive wear resistance by using the pin-disk abrasion test with SiC and garnet.
They found higher wear resistance in the alloys having the austenitic matrix than martensitic
alloys when the hard abrasive (SiC) was used, but not when a softer abrasive (garnet) was used.
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When the abrasive was soft, an increase in volume fraction of carbides led to increased wear
resistance particularly when the matrix was austenitic. In the case of hard abrasives, the wear
mechanism corresponded to microploughing with its associated high rate of weight loss. When
soft abrasives were used, the carbides protruded during wear which was controlled by the matrix.
Although support from the austenite was inferior to martensite, it was shown that support from
austenite is increased by work hardening during wear, the work hardened layer having a depth of
501lffi.It should be noted that although the work hardened layer is beneficial in many cases, the
depth of the hardened layer is shallower than required for service applications(7O)(3-5mm in
austenitic balls in grinding mills). Shepperson and Al1en(71)proposed that high strain can be
accommodated with the stress induced transformation of austenite to martensite giving better wear
resistance in austempered spheroidal cast irons. Lenel and Knot(02) showed good relative wear
resistance of the austenitic steels because of their work hardening characteristics. They studied the
steels which have a composition around 12Cr-l0Mn-0.2N wt%, and found strong work hardening
as a result of transformation from unstable austenite to nitrogen-strengthened martensite and
therefore superior wear resistance.
These results clearly indicate that if the austenitic matrix has a work hardenable character, it
could be preferred to a martensitic matrix as long as sufficient work hardening depth is achieved.
6.3.2 Effect of Matrix Anisotropy
Abrasive wear resistance can be minimized by adjusting the plane and direction of sliding with
respect to the microstructure.(73)It has been reported that with an oriented structure, the long term
strength at high temperatures can increase by 50%, and the impact toughness by a factor of 2-3
can be improved in the cast gas turbine vanes.(74)Also, the total service life of these vanes
increased by 3-5 times that of a non oriented cast structure. However, there are only a few
experimental works concerning the influence of matrix anisotropy on wear resistance. Schmidt and
Hinsbergef1S) examined the isotropic and anisotropic ferrite-martensite microstructures in a Fe-
8Ni-0.37C wt% alloys for abrasive wear resistance. Anisotropy was characterised by the
orientation dependence of the mean intercept length of the martensitic regions. The anisotropic
microstructure was found to be better than the isotropic one and they observed significant
direction and orientation dependent differences in the wear resistance. They found no correlation
between the wear resistance and the corresponding intercepth length of both phases in order to
explain the directionality of the wear rate, and neither with hardness. They proposed that the
microstructure and its orientation dependence plays a major role in wear resistance. The wear
resistance was found to be a function of the orientation of the long axes of martensite plates with
respect to the sliding direction. The highest wear resistance arose when the long axe of martensite
plates was oriented normal to the sliding direction since this leads to higher energy dissipation.
Vasil 'ev(7.)studied the dependence of the wear resistance of the columnar structure on the position
of the crystal, related to the wearing surface, as determined by the contact angle, a, between the
axis of the columnar crystal and the normal to the wear surface. Test results showed that highest
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wear resistance is obtained when wear takes place against the direction of the columnar crystals
(a=O), whereas, when the direction of wear is perpendicular to the axis of the columnar crystal
(0.=900), minimum wear resistance is observed.
Although anisotropy has a great influence on abrasive wear resistance, it is quite difficult to
design complex microstructures in practice.
6.3.3 Effect of Subsurface Deformation Characteristics
When we consider the effect of matrix on wear resistance, its subsurface deformation
properties have to be understood since the effect is created by abrasives well below the surface.
Parameters such as strain, strain-rate, stress, and temperature vary with depth, and significantly
influence surface deformation characteristics.(56) For example, the strength of the matrix is reduced
by an increase in temperature, resulting in more ductile behaviour. Obviously a high plastic strain
rate ahead of an abrasive will cause a localised increase in temperature, and softening. Therefore,
further deformation is concentrated in this zone and material shears by forming the shear bands.
Subsequently, shear is activated on a new plane, starting from the edge of the abrasive tip, and as
this deformation mechanism continues, characteristic lamellar structures are finally observed.(56)
This is believed to be due to periodic shear localisation as a result of thermal instability. In the
case of high strain rates, there is not enough time for appreciable heat flow to occur and this may
lead to adiabatic shear conditions.(76) Soderberg et al.(77)observed segmented chip formation only
in the precipitation-strengthened material in 6061 Al alloy, along well-defined shear zones with
high strain densities. They suggested that in spite of the short time for heat flow, dynamic
dissolution may cause chip formation since material transport is provided by plastic flow, and
diffusion is not necessary. This conclusion was supported by their microhardness data which were
within the shear zones, similar to hardness of annealed material. However, microhardness of the
segments was found to be the same as that of the unaffected material. It has been demonstrated
that strain distribution and the depth of the deformed zone are both proportional to the depth of
the indentation of the abrasive particles. Fig. 6.8 illustrates the strain distribution below worn
surfaces of copper-silver solder as a function of D I (01/2 d), which is proportional to the depth
of indentation of a particle. As expected, a higher strain rate is observed at the extreme surface.
High strain rates and high strains accompanied by abrasion give rise to large differences in the
surface hardness and hardness profiles as a function of depth. Fig. 6.9 shows the variations of a
normalised hardness as a function of depth for some steels. The alloys show significantly different
profiles. This probably results from the combined effect of different processes (e.g., strain-induced
phase transformation, dynamic recovery and recrystallisation, strain softening) involved during
abrasion.
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Fig. 6.8: Strain distribution below the worn surfaces of copper-silver solder as a function of
D I (cr1(2 d), which is proportional to the depth of indentation of a particle. (78)
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Fig. 6.9: Nonnalized hardness variations as a function of depth for some steels.(78)
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It was shown that even under (50J.Ul1 depth) work hardened layer, under some circumstances,
matrix may not provide enough support to the carbides, and this leads to severe subsurface
cracking and breaking fragments.(70)These results clearly indicate that subsurface deformation
characteristics of the matrix phases play an important role in abrasive wear resistance. However,
much more work is needed due to the complexity of this phenomenon.
So far the effect of carbides and matrix phases on wear resistance has been examined. On the
other hand, it is well known that some other microstructural constituents such as inclusions, grain
boundaries and internal notches have an influence as well. However, in iron-based hardfacing
alloys, these parameters are not as effective as carbide and matrix phases on wear resistance.(3.5·46)
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6.4 Effect of the Microstructure on Oxidation and Corrosion Resistance
Most of the iron-based hardfacing alloys have a poorer corrosion, and oxidation resistance than
cobalt and nickel-based alloys and are therefore limited in their applications.(79) On the other hand,
their low cost and good wear resistance encourages research for new iron-based hardfacing alloys
as alternatives to the more expensive nickel and cobalt-based alloys. Iron-based alloys have been
particularly used in applications involving the handling of abrasive slurries in gas scrubber
installations used in coal-fired power stations, and for the high-speed, high-pressure pumps in coal
liquefaction projects. They are used because of their good abrasive wear resistance at high
temperatures at which many steels have a softening problem.(SO)
Corrosion can cause substantial material loss especially during abrasion. The intense
deformation and its associated dislocation activity at the abraded surfaces accelerates the corrosion
rate(81,82)so that wet wear is generally worse compared with dry wear.(83) Iron-based hardfacing
alloys, in applications such as track shoe materials in the water field, slurry pumps in corrosive
environments (e.g. mineral and coal mines) are subjected to corrosive-abrasive and blast furnace
liners for ball mills are exposed to high temperature (up to 1000°C) oxidative-abrasion conditions.
Also for all other applications atmospheric corrosion is inevitable.
The formation of corrosion pits is known to lead to an increase in material removal rates.(84)
This phenomenon can be explained in hypereutectic alloys by the lower electrode potential of the
matrix which corrodes faster than the carbides.(18) Once the matrix has corroded, its support to the
carbides is weaker giving poor wear resistance. Another detrimental effect of corrosion on wear
resistance is that it causes the removal of extensive corrosion products, and therefore results in
high volume loss and poor wear resistance.
Since the microstructure has an influence on corrosion reactions, and especially on the
distribution and path of the corrosion anack,(8S)any change that retards the anodic reaction gives
beneficial results. It is very well known that chromium is a key element for oxidation and
corrosion resistance in steels and in iron-based alloYS.(86,8'7)At least :::: 12 wt%Cr is needed for
good oxidation and corrosion resistance.(8'7) Although hypereutectic Fe-based hard facing alloys
contain up to 40 wt% Cr, the matrix itself contains much less chromium due to the high amount
of Cr-rich carbides. For instance an alloy having 34%Cr and 1%C does not rust when exposed to
the atmosphere in the cast structure, but as the C content increases, a rust film develops readily.(8,S)
This is believed to occur as a result of an insufficient amount of Cr in the matrix as a
consequence of Cr carbide fOImation. Although carbides act cathodically in a corrosion current
circuit, the corroded matrix decreases its support for the carbides resulting in spalling off the
carbides and poor wear resistance. It is well known that Cr-depleted regions are much more
vulnerable to corrosion.(88,89)In order to increase the oxidation and corrosion resistance of Fe-Cr-C
alloys the addition of other alloying elements has also been attempted. Copper is one of the most
effective alloying elements which increases corrosion resistance and has been successfully used in
the Cor-Ten weathering steels.(90)Cu promotes anodic passivity and forms protective corrosion
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products. A similar attempt was made by Un and Qingde(1B)in cast iron containing = 28%Cr, and
= 2.8%C by the addition of 2%Cu. They showed that M7C3 carbides rejected Cu during
solidification and subsequently, the Cr-depleted zone around the carbides became richer in Cu
which raised the electrode potential of austenite and eliminated intergranular corrosion.
Other alloying elements such as Si, Mn, Ni, and Mo have different effects in oxidation and
corrosion resistance and will be discussed individually later on.
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6.5 Conclusions
The literature concerning the effect of the microstructure on the abrasive wear resistance of
iron-based alloys has been reviewed. The results indicate that there is no simple proportionality
between abrasive wear resistance and initial hardness. However, the hardness of the worn surface
is regarded as an important factor in determining the wear rate and correlates well with abrasive
wear resistance. This suggests that wear resistance is a function of the maximum hardness of the
work hardened surface.
Among the microstructural constituents, the hard carbides play a major role in enhancing wear
resistance although their influence depends on the type of abrasives used. If the abrasives are
softer than the carbides, then the latter may not deform, resulting in relatively good wear
resistance. On the other hand, if the abrasives are harder than the carbides, they may deform
causing subsequent cracking and spalling off carbides, giving rather poor wear resistance.
Abrasive wear resistance is also found to depend on the carbide size. There is an optimum
carbide size at which carbide deformation and cracking are prevented. If the deposit cooling rate
influences carbide size then it is also expected to have an indirect effect. Variations in the cooling
rate can also alter the carbide volume fraction, the matrix microstructure, and therefore the
abrasive wear resistance. This suggests that abrasive wear resistance of the weld deposits could be
controlled to some extent, since the cooling rate depends on the welding parameters (e.g. heat
input, welding speed).
Wear resistance is also affected by the carbide spacing. It increases as the mean free path
between the carbides decreases. This is because finely spaced carbides support the matrix better
and reduce its ability to undergo gross plastic flow. However, it should be borne in mind that too
fine a carbide dispersion is undesirable due to carbide pull out during wear.
The volume fraction of carbides is a key factor influencing wear resistance. An increase in
volume fraction is expected to enhance wear resistance until an optimum value is reached. The
optimum value depends on process parameters, particle sizes etc. and may vary with abrasive
characteristics and the type of test used. The type of abrasive will influence the deformation
behaviour of the hardfacing deposit. With hard abrasives the carbides may be cut at low stresses,
but may spall at high stresses so that test conditions must be considered.
Crystalline and structural anisotropy and orientation of the carbides with respect to the wear
direction are all found to have an effect on wear resistance. Due to the lack of experimental
evidence, a simple correlation between those variables and abrasive wear resistance is not
possible.
There has been much work on the effect of the matrix microstructure on wear resistance. The
results show that the abrasive wear resistance increases progressively from ferrite to pearlite,
bainite and martensite. However, the contribution of the matrix is found to depend on other
factors such as its hardness, toughness, and retained austenite content.
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Carbide-matrix interfaces are also reported to have an influence on the strain energy release
rate particularly at medium carbide volume fraction (== 0.4-0.6) levels. Strong interfaces are
needed for better wear resistance. Differences in thermal expansion coefficients between the
carbide and matrix phases, and solute segregation at the interphases are detrimental factors for the
initiation of the cracks.
The work.hardening capacity of the matrix phase has a great influence on wear resistance, so
that a generally work.-hardenable austenitic matrix is preferred to a martensitic matrix due to
surface hardening and due to strain-induced martensite transformation.
Although matrix anisotropy has an influence on wear resistance. any rationalisation fails
because of the limited amount of available information.
Subsurface deformation properties of the matrix phase are an important factor in determining
abrasion resistance. Parameters such as strain, strain rate, stress and temperature have gradients
with depth and significantly influence the deformation characteristics of the alloys. These variables
determine the reactions below the surface. Strain-induced phase transformations, dynamic recovery
and recrystallisation, grain growth, and strain softening, are some of the consequences of abrasion.
Since the relationship between the applied test conditions, alloy chemistry, and deformation
mechanisms are not well established much more work is essential in order to determine
subsurface deformation characteristics of the matrix phases in abrasive wear resistance.
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7. MICROSTRUCTURE, ABRASIVE WEAR RESISTANCE AND
STABILITY OF IRON-BASED HARDFACING ALLOYS
7.1 Introduction
As discussed previously, Fe-Cr-C type hardfacing alloys are widely used because of their low
cost and good wear resistance. High chromium and high carbon concentrations (up to 40wt%Cr
and 6wt%C) provide large volume fractions of carbides which in turn are believed to impart the
necessary abrasive wear resistance. However, there is a large stimulus to develop new iron-based
hardfacing alloys in order to achieve better properties while using cheaper and more effective
alloy additions. Although there are many hardfacing alloys, only a small amount of work has
been carried out towards understanding the influence of microstructure on abrasive wear
resistance. Discrepancies between experimental results have been so profuse as to make the task
of reaching general conclusions impossible. One of the possible reasons for the occurrence of
these discrepancies is the absence of a standard wear test. Due to the differences between
experimental techniques, comparison is poor and therefore the interpretation of results can be
controversial.
This chapter aims to undertake a more systematic and quantitative approach towards assessing
the effects of microstructure on the abrasive wear resistance and stability of the matrix and other
phases.
7.2 Fe-Cr-C System
7.2.1 Experimental Technique
The microstructural characteristics and abrasive wear resistance of the alloy 78 (Fe-37.87Cr-
4.50C-1.41Mn-0.86Si wt%) are discussed here. This alloy was deposited by the manual metal arc
(MMA) welding technique. The weld was deposited in three layers in order to prevent a high
degree of dilution, and to avoid the effects of thermal expansivity differences between the base
plate and the alloy. 4mm diameter electrodes were used, the welding conditions being 160A, 23V
A.c., with a welding speed of about O.004m/s and an interpass temperature of about 3500C. Thin
foil specimens for transmission electron microscopy were prepared by spark machining from the
top layer of the weld deposit The thin foil preparation and microanalytical techniques are as
outlined in Chapter 10. More than 15 micro analysis determinations were carried out for each
phase. The following carbon corrections for the austenite were made;
if Ni is the number of atoms of elements i, with i= 1 for carbon, then Yi can be defmed as
follows;
n
y. = lOON· I L (N.) = 1/2 N·
1 1 2 1 1 .....(1)
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Yi thus represents the concentration of elements "i" in atomic percent when the presence of
carbon is ignored. It is necessary to define such a concentration because the microanalysis
technique used is not capable of recording light elements such as carbon. Then the true
concentration, Vi in atomic percent is given by the following equation
.....(2)
by substituting Ni into equation 2, we get
.....(3)
Ve can be deduced from the lattice parameter of austenite ao which is measured using X-ray
diffractometry and concentrations of substitutional alloying elements which are known from the
microanalysis experiments (assuming that the effect of carbon on these values is negligible). The
lattice parameter of austenite is given by Dyson and Holmes(l) as;
ao(0.OO21+) = 3.5770 + 0.oo65e + O.OOlMn + 0.OOO6er - 0.OOO2Ni+ 0.OOS3Mo + 0.0079Nb
+ 0.0032Ti + 0.oo17V + 0.ooS7W (at%).
and Ve and Ne are written as follows;
Ve = 100Ne / (Ne + 2(0) (4)
Ne = 200Ve / (lOO - Ve) (5)
Since Ne is calculated as above, in general case the true concentration of alloying elements Vi
is written as follows:
Vi = Yi ( 1 - (Ve / 100» ..... (6)
The carbon correction for the carbides is carried out assuming stoichiometry, as explained by
Svensson et al. (2)
Abrasion wear tests (pin-on-disc) were performed on Smm diameter cylindrical specimens
impinging vertically on a rotating disc coated with the appropriate abrasive. The specimens were
gravity loaded with a mass of 4S0g or 1000g. The cylindrical samples were spark-machined from
the weld deposits, so that the test surface was parallel to the layers of hardfacing material.
The weight loss due to abrasive wear was measured at various intervals during the test period.
The displacement resulting from the reduction in its length was also recorded by means of a
linear displacement transducer. A general photograph of the pin-on-disc abrasive wear tester and
its components is shown in Fig. 7.1.
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Fig. 7.1: a) The pin-an-disc abrasive wear tester; b) dimensions and identifications of the
components of the apparatus. After Mercer.(3)
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The effects of two kinds of abrasives were studied using the rotating coated-disc test: 280
mesh SiC, and 400 mesh A1203 with nominal particle sizes :::::40and ::::17IJI1l respectively (Fig.
7.2). The relative velocity of the disc and sample was 0.63 m/so In order to avoid spurious effects
due to the degradation of the abrasives during the wear tests, the abrasive paper was changed at 3
minute intervals.
b
Fig. 7.2: Scanning electron micrographs of the abrasive papers used in this work; a) 400 mesh
A1203; b) 280 mesh SiC.
In addition to the pin-on-disc tests, single and multiple scratch tests were carried out using a
Vicker's pyramidal diamond loaded at 500 and lOOOg.The scratch tool was in each case mounted
at the end of a balanced parallelogram-arm instrumented with strain gauges and loaded by gravity.
The specimen was then moved linearly by a geared electric motor at a speed of 0.25mms-1 for
a distance of 7mm. The scratch tester, its dimensions and identification of the components are
illustrated in Fig. 7.3. The worn surfaces were examined before and after the ultrasonic cleaning
and then examined using a scanning electron microscope.
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Fig. 7.3: a) A general photograph of the scratch tester; b) its dimensions and identification of the
components; i) upper plan, ii) lower plan. After Mercer.m
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7.2.2 Results and Discussion
If the effects of Mn and Si are ignored, the liquidus projection (Fig. 7.4) of the Fe-Cr-C
system for alloy 78 indicates that primary M7C3 carbides are the first to precipitate in the liquid,
followed by solidification as a eutectic reaction resulting in austenite and more M7C3 eutectic
carbides, as shown in isothermal phase diagrams (Fig. 7.4b-d). However, due to high levels of
dilution the microstructure is found to be of a hypoeutectic type in the first layer, containing
primary austenite dendrites (Fig. 7.5a). A carbon-enriched zone in the substrate near the first
layer,ibase metal interface suggests that a substantial amount of carbon diffuses from the cladding
material into the substrate. Carbon diffusion is probably most significant when the molten metal is
in contact with the substrate, because, the diffusion coefficient of carbon in the liquid iron is
much higher than that of in the austenite.(4) The major growth direction of the dendrites was
generally found to be perpendicular to the first layer,ibase metal interface due to the maximum
thermal gradient in this direction.! Martensite formation is apparent along the substrate/first layer
interface (Fig. 7.5b) where the high dilution makes the austenite unstable to such decomposition
during quenching. The microstructure of the undiluted top layer was found to be consistent with
the liquidus projection of the Fe-Cr-C system, showing large primary M7C3 carbides (Fig. 7.5c).
These carbides were found to be surrounded by precipitate-free-zones. Svensson et al.(%)suggested
that precipitate free zones occur due to Cr depletion of the liquid in the vicinity of the primary
carbides. This has been confirmed in the present work since the Cr concentration was found to be
the same in this area, as in the austenite of the eutectic mixture, implying that the former is not
supersaturated with respect to the carbide phase. These primary carbides grow initially by taking
the solute from the liquid and/or matrix until the matrix reaches its equilibrium composition.
The maximum thermal gradient is always normal to the solid/liquid interface. The major growth direction is
<100> in the case of face-centred-cubic (fcc) crystals.(S)
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Fig. 7.5: Optical micrographs of the alloy 78 (Fe-37.87Cr-4.5C-1.41Mn-O.86Si wt%). a) cross-
section showing the highly-diluted first layer/base metal interface region, the carbon enriched area
in the substrate along the boundary, and dendritic solidification of the first layer clad material; b)
higher magnification image showing lenticular martensite observed along the first layerjbase metal
interface; c) the top layer consisting of large M7C3 carbides surrounded by precipitate free zones
and the austenitic matrix with more eutectic M7C3 carbides.
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Transmission electron microscopy (TEM) and X-ray diffractometry results showed that the
eutectic matrix contains austenite and M7C3 carbides (Fig. 7.6) although the equilibrium
microstructure is a mixture of ferrite and M7C3 carbides below 700
0C (Fig. 7.4d). This
metastable microstructure arises due to the high cooling rates involved in the MMA welding
technique (typically 20-30 K!S(2».
• • •
• '. '. •.i' ..tI''. '. •'. 'O~I. " •
• • •
b
a
d
c
Fig. 7.6: a) Transmission electron micrograph of the austenitic matrix showing stacking faults; b)
corresponding <OI1>fcc electron diffraction pattern; c) transmission electron micrograph of the
M7C3 carbides; d) corresponding <ll.l>hcp electron diffraction pattern.
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Furthennore, the experimentally measured y/M7C3 partItiOn coefficient of chromium was
found to be 3.5, which indicates that the structure is configurationally frozen around 11000C (Fig.
7.7).2 Since the melting temperature of the alloy is around 13800C, the entire microstructure could
be considered to have fonned within the temperature range of 1380-1100°C.
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Fig. 7.7: Variation of the y/M7C3 partltIoning coefficient of chromium as a function of
temperature. CS) The point shows the experimentally calculated partition coefficient of Cr, indicating
that the microstructure is configurationally frozen around 1100°C.
2
A configuraJionaIly frozen microstructure is one which does not change during cooling from the temperature
at which it becomes configurationally frozen(7). The term frozen is not to be confused with the freezing of liquid.
In the present context, the alloy solidifies and then becomes configurationally frozen at some lower temperature
where the mobility of atoms becomes inadequate, for the given cooling rate, to support diffusional
transformation. It should be noted that a higher cooling rate should increase the temperature at which a
microstructure becomes configurationally frozen.
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The remaining microstructure consists of fine eutectic M7C3 carbides in the austenitic matrix
as confirmed by TEM and X-ray diffractometry (Fig. 7.6, Table 7.1). Microanalysis results (Fig.
7.8) showed that the M7C3 carbides are (Fe,Cr)7C3 type carbides, consistent with the fact that
M7C3 is known to dissolve up to 55wt% Fe(l\).The results also indicate that Mn preferentially
partitions into the carbide phase and Si is rejected by the carbides. The crystal structure of
M7C3 carbides is discussed in detail in Chapter 10.
TEM results showed that the matrix is fully austenitic and contains a high density of stacking
faults (Fig. 7.6). The faulting is promoted by Cr, which lowers the stacking fault energy (SFE) of
austenite and increases the stacking fault probability.(9)
Microanalytical results (Fig. 7.8, Table 7.2) showed that the austenite contains ==16.6Cr at%.
This is slightly above the critical value3 of Cr required to form a uniform Cr203 oxide layer for
good oxidation and corrosion resistance. However, at service temperatures below 700oC, the
austenitic matrix is expected to transform to ferrite and more M7C3 carbides, the ferrite having a
much lower Cr content. This obviously will decrease the oxidation and corrosion resistance of the
alloy. The implications of the austenite-to-ferrite transformation and its significance on oxidation
and corrosion resistance, and wear resistance will be discussed later.
Scanning electron micrographs of the worn surfaces after the pin-on-disc abrasion test using
SiC (220 mesh) at lkg and Al203 (400 mesh) abrasives at 450g load revealed that the abrasive
particles cut the primary carbide phase (Fig. 7.9). Also, there is no marked indication of any
change in the width of the groove as it passes from the matrix to carbide phases. These results
indicate that the carbides are worn almost to the same level as the matrix (eutectic mixture) under
these test conditions. Furthermore, carbide cracking and pit formation along the carbide-matrix
interface (Fig. 7.9) suggests that the interfaces are vulnerable to cracking probably due to high
stress concentrations in these regions. The debris particles around the pits were examined before
ultrasonic cleaning, using energy-dispersive-X-ray analysis. The results showed that these particles
contain a high amount of Cr, implying that these are Cr-rich M7C3 type carbide fragments. It is
a fact that carbide/matrix interfaces have a significant influence on strain energy release and crack
propagation during abrasion. The strain energy is released much faster at the carbide/matrix
interfaces at medium carbide volume fractions (==0.3-0.6)(11) than the other phases (e.g. matrix,
carbides) giving rise to a decrease in wear resistance. It is possible that the carbide fragments
may behave as abrasive particles themselves leading to a higher weight loss.
Minimum er concentration is suggested to be at least 12wt% for good oxidation and corrosion resistance.(IC)
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Table 7.1: X-ray diffractometry results; d spacings and corresponding Miller indices of present
phases in Alloy 78.
0
d (A) hkl
2.28 24.0M C7 3
2.076 111y
2.032 24.1M C7 3
1.807 002y
1.746 442M C7 3
1.274 220y
1.168 Ol.lM C7 3
1.088 47.2M C7 3
1.042 222y
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Fig. 7.8: Microanalytical data on primary M7C3• eutectic M7C3• near primary M7C3. and
austenitic matrix. when C is not included (continuous lines show the average values in each
phase) at%.
Table 7.2: Mean compositions of the phases. The results are quoted to three decimal places for
internal consistency; typical error bars are illustrated in Fig. 7.8. The results for the primary
carbides. and for the austenite near the primary carbides (Near P. Carbide) are obtained using
scanning electron microscopy.
Prim ary Carbide Near P. Car bide Austenire
y. V· y. V- y. ViI I I I I
Fe 33.050 23.140 78.110 76.133 78.750 76.170
Cr 65.240 45.680 17.350 1 6.780 16.620 16.070
Mn 1.490 1.043 1.740 1.683 2.050 1.982
Si 0.220 0.154 2.200 2.128 2.580 2.490
C 30 3.273 3273
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Fig. 7.9: Scanning electron micrographs of the worn surfaces of alloy 78 after the pin-on-disc
abrasion test using; a) SiC (220 mesh) abrasives at lkg load showing that carbides are worn to
the same level as the matrix; b) Al203 (400 mesh) at 450g, showing pit formation along the
carbide-matrix interface.
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Single-pass-scratch test results at 500g and lkg, using the Vickers pyramid scratch tool, show
that there is almost no difference in the scratch groove dimension for the carbide and matrix
phases (Fig. 7.10). Carbide cracking is also apparent at the two different loads. However, it is
more apparent with the higher load (Fig. 7.10). These cracks were found almost to be
perpendicular to the scratch groove direction. Also, it is clear that the matrix phase with eutectic
carbides are ploughed to both sides of the groove (Fig. 7.10). TItis suggests that the fine eutectic
carbides are entirely removed within the scratch.
Single-pass-scratch test and pin-on-disc abrasion test results indicate that the carbides do not
increase the abrasive wear resistance under heavy abrasive wear conditions. They cannot resist
being cut out by abrasives, and the carbide/matrix interfaces are extremely vulnerable to cracking
and spalling.
7.2.3 Conclusions
The top layer (undiluted) microstructure of alloy 78 (Fe-37. 87Cr-4.5C-1.4 lMn-0.86Si wt%)
was found to consist of primary M7C3 carbides in the eutectic mixture of austenite and
M7C3 carbides. Microanalytical results showed that the as-deposited microstructure is
configurationally frozen at about l100°C. TItis metastable microstructure arises due to high
cooling rates involved in the manual metal arc welding technique, and given sufficient thermal
activation, the austenite should transform to chromium poor ferrite and more M7C3 carbides.
Such a decrease in chromium level is expected to be detrimental to oxidation and corrosion
resistance of these alloys.
Abrasive wear test experiments using SiC and Al203 abrasives showed that the carbides wear
to the same level as the matrix phase. Extensive carbide cracking is observed. The cracks were
found to stop at the carbide/eutectic mixture interfaces. This is because the strain associated with
the deformation is relaxed into the matrix phase. Pits along the carbide/matrix interfaces were
observed extensively indicating that the interfaces are vulnerable to cracking probably due to high
stress concentrations in these regions.
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Fig. 7.10: Scanning electron micrographs after single-pass scratch tests; a) at 500g b) at lkg.
showing carbide cracks which stop at the carbide/eutectic interfaces since the deformation is
released into the matrix phase at these regions.
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7.3 Transformation of Austenite
7.3.1 Introduction
The microstructural characteristics of the Fe-Cr-C hardfacing Alloy 78 were discussed in the
last section. The microstructure was found to contain metastable austenite which should transform
to ferrite and more M7C3 carbides at extended service temperatures (below 700
0C). The ferrite is
expected to have a much lower chromium concentration. Hence, although transformation may not
significantly influence the wear properties of these alloys the oxidation and corrosion resistance
are expected to deteriorate. Therefore, the kinetics of this transformation and the properties of the
subsequent microstructure have to be understood.
732 E . t 17' h . c--o 1./O"''''_A \~I)C._O.OIl~t'\t\_O·OIOIS;~O'OClOO''''ll.. xpenmena Jec mque I\:. . <leo'-4 ". ~~
The transformation of austenite was studied in a Fe-29.19Cr-3.80C-1.32Mn-0.59Si-0.01Mo
(wt%) alloy deposited by the manual metal arc welding technique. Due to the difference in
chemical composition with Alloy 78, microanalysis experiments were carried out as explained in
the last section. Specimens for dilatometric experiments were machined from the top layer of the
weld deposit. The specimens were nickel-plated in order to prevent any surface nucleation and/or
surface degradation effects. Nickel plating was carried out in two stages; striking and plating.
Striking was carried out in a solution containing 250g NiS04, 27m1 conc. sulphuric acid, and
water, ammounting to 1 litre in all at 50°C. The plating solution is made up of 140g NiS04,
140g anhydrous sodium sulphate, 15g ammonium chloride, and 20g boric acid, made up to 1 litre
with distilled water. The plating was carried out at 500C, with a current density of =5OmNcm2
for 15 minutes. The dilatometer has been specially interfaced with a BBC/ACORN microcomputer
so that length, time and temperature variations can be recorded and stored at a rapid rate. The
relative length change (&/1...) during isothermal transformation was measured and the
corresponding length change versus time curve plotted after the experiments.
7.3.3 Results and Discussion
The top layer microstructure of the manual metal arc weld deposit was found to contain
primary M7C3 carbides in the eutectic mixture of austenite and M7C3 carbides. The results from
microanalysis experiments are shown in Fig. 7.11, and the mean concentrations are summarised in
Table 7.3 with a carbon correction as explained in the last section. The experimentally measured
partition coefficient of chromium (kCf' given by the ratio of wt%Cr in M7C3 to that in austenite
Fig. 7.12) was found to be =3.81 indicating that the as-deposited microstructure is
configurationally frozen from about l1000C resulting in a metastable austenitic matrix. It is
expected that the austenite should eventually transform to ferrite and more M7C3, as is evident
from the phase diagrams presented in Fig. 7.4.
106
2. "t.' lj !.
5 10 15 5 10 15 5 10 15
3.'" I..H .~ l
5 10 15
TEST NUMB£R
Fig. 7.11: Microanalytical data on primary M7C3, eutectic M7C3' the austenite near the primary
carbides and austenite when the carbon is not included (the continuous lines show the average
values in each phase) at%.
Table 7.3: Mean composition of phases. The results are quoted to three decimal places for
internal consistency. The results for the primary carbides and the austenite near the primary
carbides (Near P. Carbide) are obtained using scanning electron microscopy, whereas the others
are determined using transmission electron microscopy.
Primary Carbide Near P. Car bide Austeni te Eutectic Carbide
Y; Vi Y; Y. Y; V- '(; V-I 1 J 1 I I 1 I
Fe 34.433 24.112 80.794 76.070 80.806 76.080 37.617 26.340
Cr 64.141 44.910 15.636 14.723 16024 15.088 61.067 42.760
Mn 1.323 0.926 1.588 1.495 1. 390 1.308 1.231 0.862
Si 0.103 0.072 1.983 1.864 1.780 1.676 0085 0059
C 30 5.840 5.840 30
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Fig. 7.12: Variation of the partitIOning coefficient of chromium as a function of temperature. m
The point represents the experimental partition coefficient from which it is concluded that the
microstructure is configurationally frozen at a temperature above 1100oC.
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In order to understand the nature and kinetics of the transformation of austenite, isothermal
dilatometric experiments were carried out at 800, 750, and 700°C. The relative length change
versus time curves at three different temperatures are given in Fig. 7.13. The transformation
results in a volume contraction and this can be explained theoretically as follows;
..... (7)
..... (9)
o
3.620 A, measured by X-ray
where !J.VN is the relative volume contraction as a result of y+M7C3-u+M7C3 transformation,
Xa = mole fraction of metal atoms in ferrite,
NT = total number of metal atoms,
aa = lattice parameter of ferrite at the reaction temperature;
aa = aa [ 1 + la (T-25)] ..... (8)
o
aa = lattice parameter of ferrite at the ambient temperature = 2.8633 A, measured by X-ray
diffraction,
la = linear expansion coefficient of ferrite (Table 7.4),
T = temperature in °C,
Xy = mole fraction of metal atoms in austenite,
ay = lattice parameter of austenite at the reaction temperature;
ay = ay [ 1 + Ly (T-25)]
ay = lattice parameter of austenite at ambient temperature =
diffraction,
ly = linear expansion coefficient of austenite = 1.8431 10-5,(12)
yM C(2) = volume of a unit cell of M7C3 at the reaction temperature;7 3
aM C = lattice parameter (a) of M7C3 carbides at the reaction temperature;7 3
aM C = aM C [1 + lM C (T-25)]
73 73 73 0
aM C = lattice parameter (a) of M7C3 at the ambient temperature = 13.77 A,7 3
lM C = linear expansion coefficient of M7C3 (Table 7.4),7 3
CM C = lattice parameter (c) of M7C3 carbides at the reaction temperature;7 3
CM C = CM C 3[1 + lM C (T-25)]
73 73 73 0
CM C = lattice parameter (c) of M7C3 at the ambient temperature = 4.44 A,7 3
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.....(10)
.....(11)
..... (12)
XM C = mole fraction of metal atoms in M7C3,
yM
7cel) = volume of a unit cell of M7C3 before transformation = 2187.27 A3,7 3
2, 4 and 56 are the number of metal atoms in a unit cell of ferrite, austenite, and M7C3 phases
respectively.
Equation 8 can be rewritten as;
and
6.V
V ..... (13)
.....(14)
where Va, and V'Y are volume fractions of ferrite and austenite respectively.
After the transformation of austenite, the volume contraction as a function of the volume
fraction of ferrite at 7500C was calculated as outlined above and the results are compared with
the experimental observation in Fig. 7.14.
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Fig. 7.13: Relative length change versus time curves at a) 700; b) 750; c) 800°C.
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Table 7.4: Linear thermal expansion coefficients (106, K-1) for ferrite, and M7C3phases at a
variety of temperatures 0c. After Ershov.(I3)
Temperature 100 200 300 400 500 600 700
Ferrite 12.3
8.8
0.30
~ 0.25E-c-~
~
~
~
~ 0.20
0
Z
0-E-c 0.15u
<
~
~
~::g 0.10
:::>
...:l
0
>
0.05
0.00
13.3
10.4
-0.2
13.6
11.8
-0.3
14.4
12.1
-0.4
14.8
13.7
-0.5
15.7
13.8
16.3
15.3
VOLUME CHANGE x 100
Fig. 7.14: The volume contraction expected as a function of the volume fraction of ferrite at
7500C when austenite transforms to M7C3+a. The point (e) marked on the line shows the
experimentally observed volume contraction at 7500C suggesting that the microstructure after
about 3500 seconds contains ==15%ferrite.
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Thin foils for transmission electron microscopy were prepared in samples quenched after
holding at reaction temperatures for lOO, 500, 1000 seconds and 24 hours. After 100 seconds at
7500C, the matrix is found to be austenitic but containing fine carbide particles (Fig. 7.15). These
carbides were identified as M23C6 in a cube-cube orientation with the fcc matrix (Fig. 7.15b), as
is usually the case with such carbides. The M23C6 carbide is not a thermodynamically stable
phase for this alloy (as evident from the isothermal phase diagrams, Fig. 7.4). The nucleation of
these carbides could be nevertheless associated with a good match of metal atoms on the interface
between the austenite and M23C6 phases. A good match across the interface plane lowers the
interfacial energy for nucleation.(IS-l7) The bright field image of the carbides reveals fringes that
probably arise from the displacement associated with the precipitate misfitY4)These fringes are
similar to the stacking faults and this is demonstrated in bright field and dark field images which
reveal opposite fringe contrasts (Fig. 7.15a,c).
Besides the nucleation of M23C6 carbides in the matrix, protrusions were observed along the
eutectic-M7C3/matrix interface (Fig. 7.16). When the {242} M23C6 diffraction spot is used for
dark field imaging, these protrusions were illuminated (Fig. 7.16b) suggesting that they are
probably M23C6 which nucleated at the carbide/matrix interfaces.
The matrix was found to have transformed to ferrite after 500 seconds. The dark field images
(Fig. 7.17a,b) show that two ferrite grains surround the M23C6 carbides. After 24hrs at 7500C,
the microstructure revealed the presence of M7C3 carbides in the ferritic matrix (Fig. 7.18). This
indicates that M23C6 carbides transform to M7C3 which is the equilibrium phase. Optical
micrographs before and after the transformation are given in Fig. 7.19 to illustrate the effect of
this transformation on the microstructure.
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Fig. 7.15: a) Bright field transmission electron micrograph after 100 seconds at 7500; b)
corresponding electron diffraction pattern showing [012]'\( II [012]M C zone axis with a cube-
I 7 3
cube orientation relationship; c) dark field image using {220} matrix reflection the fringes
(indicated by the arrow) show opposite contrast compared with the bright field image; d)
corresponding dark field image using {242} carbide reflection.
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Fig. 7.16: a) Bright field transmission electron micrograph after 100 seconds at 7500C showing a
carbide protrusion into the austenite; b) dark field image of the protrusions using a (242) carbide
reflection.
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Fig. 7.17: Dark field images from ferrite grains. a) using a (110)a reflection; b) using a (200)a
reflection; c) corresponding electron diffraction pattern showing two ferrite patterns.
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Fig. 7.18: a) Bright field transmission electron micrograph after 24hrs. at 7500C showing the
transfonnation products of ferrite and M7C3 carbides; b) corresponding electron diffraction
pattern, showing <012>a // <1O.0>M C orientation relationship.7 3
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Fig. 7.19: Optical micrographs, a) before the transfonnation; b) following transfonnation of
austenite (after 24hrs. at 750°C). Note the change in etching contrast.
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7.4 Conclusions
Fe-29.l9Cr-3.80C-1.3lMn-0.59Si-0.OlMo (wt%) hardfacing alloy deposited by the manual
metal arc welding technique has a metastable austenitic matrix. The austenite tends to transform
to ferrite and M7C3 carbides as evident from the equilibrium isothermal phase diagrams below
8500C. The kinetics of this transformation were studied at 700, 750, and 800°C. The results
showed that M23C6 carbides form in the austenitic matrix. This carbide is not a
thermodynamically stable phase but forms because it is able to nucleate more easily with a cube-
cube orientation relationship with the austenite. A good match on the interface lowers the
interfacial energy and promotes the nucleation of the M23C6 carbides. As the reaction goes on,
the austenite transforms to ferrite which engulfs the M23C6 carbides, since they are in regions
which are depleted in carbon and chromium. The matrix was found to be completely ferritic with
M7C3 carbides after 24 hours indicating that M23C6 carbides eventually transform to
M7C3 which is the equilibrium phase. The dilatometric results are discussed on the basis of
theoretical calculations and an agreement was found reasonably well.
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75 Effect of Mn and Ni on the Microstructure and Abrasive Wear Resistance
7.5.1 Introduction
The microstructure of the Alloy 78, as deposited by the MMA welding technique, is
metastable and given sufficient thermal activation tends to equilibrate. Equilibration involves the
decomposition of austenite into ferrite and M7C3 carbides at temperatures around 7(XPC. As
discussed in the previous section the experimental results showed that this reaction is quite fast,
even though it involves long-range substitutional atom diffusion. Also, the diffusional
transformation of austenite leads to a ferrite matrix with a decreased Cr concentration, suggesting
an inevitable decrease in oxidation and corrosion resistance. Therefore, the matrix must be
modified. It is known that Mn and Ni are strong austenite stabilizing elements so that they
enlarge the austenite field in Fe-C phase diagram. Hence. attempts have been made to stabilise the
austenitic matrix of the Alloy 78 with the addition of Mn and Ni. These alloying elements are
generally added to the Fe-based hardfacing alloys in order to stabilise the austenite in a matrix,
and to reduce the tendency to crack on cooling in welding processes.(18)Mn is more commonly
added to hardfacing steels rather than high Cr irons. For instance, up to 15wt% Mn is added to
high chromium austenitic steels to stabilise the austenite and up to 5wt% Mn could be present in
martensitic steels to aid weldabilityY9) High strength is achieved in the Mn containing steels
which have been developed due to their high strain hardening character. Strain induced austenite-
martensite transformation and/or twinning give rise to an increase in the work hardening
characteristics of these alloys.(2O)
As far as the abrasive wear resistance is concerned, austenitic alloys which are capable of
transforming to strain-induced martensite show excellent wear resistance. In austempered spherical
cast irons,czl)in high Mn steels,(20)and in tool steels(22)very good abrasive wear resistance is
achieved as a result of strain-induced-martensite formation. It is suggested that the volume
increase as a consequence of martensitic transformation retards the formation of microcracks, and
subsequently leads to better wear resistance. Furthermore, it is believed that high surface hardness
due to work hardening significantly reduces weight loss. The beneficial effect of stabilising the
austenite in the matrix has been demonstrated in industrial applications. For instance, popet
valves, which are usually hardfaced by Co-based hardfacing alloys have been replaced by the Fe-
based alloy (Fe-28Cr-15Ni-(5.5Mo+W/2)-2.0C wt%) which contains 15wt% Ni.(23)In this alloy a
high amount of Ni provides excellent weldability, and also stabilises the austenitic matrix, which
is believed to have a higher degree of wear resistance than ferritic matrix. The austenitic matrix is
also strengthened with high interstitial levels of nitrogen with either Mn, or Ni. In a wide range
of work hardenable steels. the highest work hardening rate was reported in nitrogen strengthened
alloYS.(20)
Mn and Ni also have a beneficial effect on oxidation and corrosion resistance of high Cr irons.
For example, Ni is widely added to austenitic cast irons in corrosive conditions because it forms a
protective corrosion resistant film on the surface of the materialY") Ni-Cr white alloy,
120
commercially known as "Ni-Hard 4", has very good abrasion resistance in aggressive chemical
environments due to high levels of Ni content (between 3-7wt%). It has been shown that these
alloys have superior atmospheric corrosion resistance to both the Cor-Ten Weathering steels and
Hadfield manganese steels. Furthermore, resistance to pitting corrosion of abrasive wear resistant
steels is improved by the addition of Ni.
Although in low alloy cast steels the beneficial effect of Mo on atmospheric corrosion has
been reported, no significant effect was observed in cast irons.(~
Due to the reasons discussed above, the addition of Mo, and Ni are examined in this study.
7.5.2 Results and Discussion
The experimental casts were made from high-purity elements, in an argon-arc furnace with a
water cooled copper mould. It has been shown that the essential microstructures of these casts are
comparable with those obtained by manual metal arc welding.oo The chemical compositions of
the alloys Tl (Fe-Cr-C-~In), and 1'2 (Fe-Cr-C-Ni) are given in Table 7.5.
Table 7.5: Chemical compositions of the alloys Tl and 1'2 (wt%).
Tl
1'2
Fe
balance
balance
Cr
31.0
33.6
C
3.49
3.74
Mo
7.4
0.36
Ni
0.72
7.62
Si
0.46
0.25
The optical micrographs of the alloys Tl and 1'2 (Fig. 7.20) showed that the microstructure
consists of primary M7C3 carbides in the austenitic matrix with eutectic fine carbides as
confirmed by TEM, and X-ray diffractometry. Microanalysis results indicate that the addition of
Mo and Ni increases Cr concentration in the
austenitic matrix (Fig. 7.21-22, Table 7.6-7) compared with the Alloy 78. This is beneficial in
terms of oxidation and corrosion resistance. However, quantitative measurements and
thermodynamic calculations (which will be discussed later) showed that primary M7C3 volume
fraction is lower than that of Alloy 78 particularly in Alloy 1'2. It is probable that this decrease
gives rise to poor low-stress abrasion resistance. The results also show that Ni is completely
dissolved into the matrix, and it hardly dissolves in the M7C3 carbides. Although, Ni increased
the level of Cr in the matrix, compared with Alloy 78, this increase is not as much as with the
Mo addition.
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Fig. 7.20: Optical micrographs showing large primary M7C3 carbides in a eutectic mixture of
y +M7C3. a) Alloy T1; b) Alloy 1'2.
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Fig. 7.21: Microanalytical data on primary M7C3, the austenite near the primary carbides and
austenite in Alloy Tl when the carbon is not included (the continuous lines show the average
values in each phase) at%.
Table 7.6: Mean composition of phases in alloy Tl. The results are quoted to three decimal
places for internal consistency. The results for the primary carbides and the austenite near the
primary carbides (Near P. Carbide) are obtained using scanning electron microscopy.
Primary Carbide NGor P Car bide Austenite I
Yj Yi y. y. y. V I1 1 1
Fe 24.970 17.480 68.240 68.035 67.660 67.451 I
er I 69792 48.871 24.520 24420 22.980 22.410 I
Mn 5.220 3.650 I 7.240 7.210 9.360 9.320 I
C 30 0.386 0.3861
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Fig. 7.22: Microanalytical data on primary M7C3• the austenite near the primary carbides and
austenite in Alloy TI when the carbon is not included (the continuous lines show the average
values in each phase) at%.
Table 7.7: Mean composition of phases in alloy TI. The results are quoted to three decimal
places for internal consistency. The results for the primary carbides and the austenite near the
primary carbides (Near P. carbide) are obtained using scanning electron microscopy.
Primar)' Carbide I NeQr P. Car bide A\.!57 eni te
I v- I V· I '( ! y. Y. I V I' I J I ! I ' I 1
I 26935118.8701664271 IFe 64.530 70.1 S 5 I 66.180
er 172420150.7101196831 18.562 19.232118.140
Ni 0.6251 0437111.890 I 11.210 10 613 I '1C.Ol0
C 1 30 I I S 690 I 5.690I
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Pin-on-disc abrasion, and single-pass scratch tests were carried out on both alloys. However,
the results will be given for only the Mn containing alloy since detailed examinations of the worn
surfaces of the two alloys revealed similar characteristics. Scanning electron micrographs of the
pin-on-disc wear scars of the alloy T1 caused by SiC and Al203 abrasives are given in Fig.
7.23. The micrographs after single-pass scratch tests at 500g and 1kg using a Vickers pyramidal
diamond are shown in Fig. 7.24. The pin-on-disc abrasive wear test results showed that the
scratch groove dimension is the same as in the Alloy 78, implying no contribution of Mn and Ni
to abrasive wear resistance. SEM micrographs of the worn surfaces show that the carbides are
worn at the same level as the matrix, leaving pits at the carbide/matrix interfaces. Scratch test
results at 500g and 1kg using a Vickers pyramidal diamond showed that the matrix with eutectic
carbides are ploughed into both edges of the scratch groove. Furthermore, carbide cracking at the
carbide/matrix interfaces are extensively observed.
The results indicate that despite the beneficial effects of Mn, and Ni in increasing Cr
concentration of the matrix, these elements have almost no influence on abrasive wear resistance
of high Cr containing Fe-based hardfacing alloys particularly in heavy abrasive wear conditions.
7.5.3 Conclusions
An attempt has been made to stabilise the austenite in the matrix of high Cr containing iron-
based hard facing alloys. The microstructures of the experimental casts were found to contain
primary M7C3 carbides and the eutectic mixture of austenite and M7C3 carbides. Microanalysis
experiments showed that Mn and Ni increases the Cr concentration of the austenitic matrix
compared with the Alloy 78. However, the volume fraction of primary carbides is lower than that
of Alloy 78. This decrease is probably associated with either a thermodynamic effect of Mn and
Ni, or lower carbon concentration of the Mn and Ni containing alloys.
Pin-on-disc abrasion and scratch test experiments showed that carbides are spalled off leaving
behind a pitted surface. Scratch groove dimensions in the eutectic mixture and primary carbides
are the same indicating that primary carbides do not contribute significantly to wear resistance.
The results confirm that the effect of Mn and Ni are negligible, as far as the heavy abrasive wear
resistance is concerned.
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Fig. 7.23: Scanning electron micrographs of the worn surfaces of alloy Tl after the pin-an-disc
abrasion test using a) SiC (220 mesh) abrasives at lkg load; b) Al203 (400 mesh) at 450g,
showing that carbides are worn to the same level as the eutectic mixture.
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Fig. 7.24: Scarming electron micrographs of the alloy Tl after single-pass-scratch tests; a) at
500g showing carbide cracking (marked by arrow), also note that there is no difference in the
scratch groove dimension between the primary carbides and the eutectic phase; b) at lkg showing
carbide cracking which probably initiated at the carbide-matrix interface.
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7.6 Effect of Si on the Microstructure and Abrasive Wear Resistance
7.6.1 Introduction
The diffusional transfonnation of y to a +M7C3 in Alloy 78 may not significantly influence
the wear resistance, but it might alter the corrosion and oxidation resistance of the alloy since the
resulting a has a reduced chromium concentration. Of course, as far as the M7C3 is concerned,
its Cr concentration (=45at %) is more than adequate for corrosion and oxidation resistance. A
major aim of the present work was to design a Fe-Cr-C-based alloy which has a better matrix
corrosion and oxidation resistance at all service temperatures even following the inevitable
diffusional transfonnations. It was proposed to achieve this by adding high levels of silicon,
which is known to have a very low solubility in carbides(27)(and specifically, also in M7C3(28»).
Hence, most of the silicon in the alloy, should during solidification be partitioned into the liquid
phase, and subsequently (during the eutectic transfonnation) into the austenite, giving a much
enhanced level of Si. There are several advantages in this; Si is known to enhance the oxidation
and corrosion resistance of iron(29)and it increases the volume fraction of M7C3 carbides in high
Cr containing steels.(30)Furthermore, if the austenite subsequently transforms to ferrite and M7C3,
then the Si concentration of the ferrite should be even higher, so that oxidation resistance should
be enhanced. It was also anticipated that Si may refine the carbides in the microstructure; such an
effect is well established for high strength steels.(Z7)At the same time, any influence of further
alloy additions on the partitioning of Cr between the M7C3 and matrix also needed to be
investigated; any change may influence the volume fraction of hard phase and therefore wear
properties.
In an effort to improve the high-temperature stability, oxidation and corrosion resistance of
such hardfacing alloys, a systematic study has been carried out on the role of Si on the
microstructure, phase chemistry and abrasive wear resistance of Fe-Cr-C-based alloys. The
investigations have been carried out on model alloys cast by an argon arc melting technique,
which is in general found to simulate adequately the corresponding structures obtained by manual
metal arc welding. The chemical compositions of the alloys are given in Table 7.8.
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Table 7.8: Chemical compositions of Fe-C-Cr-5i alloys, in weight %.
No. C Cr Mo 5i
51 3.90 33.6 0.00 0.20
52 4.48 34.4 0.00 3.60
53 3.60 31.2 0.00 6.90
7.6.2 Results and Discussion
Much of the initial work has been carried out on the experimental 65g melts discussed earlier,
because the design of suitable welding electrodes is a more complex problem. It was therefore
felt necessary to check that the essential microstructures of experimental welds compared well
with those obtained by manual metal arc welding.
Alloy 51 is essentially of the same composition as Alloy 78; the slightly lower carbon and
chromium concentrations of 51 should not significantly influence the nature of the 'Yor M7C3,
although the volume fraction of M7C3 should be lower in SI. Optical microscopy (Fig. 7.25)
demonstrated that the alloys have identical microstructures; microanalysis results (Fig. 7.26, Table
7.9) show that the austenite in 51 has a higher Cr content, and this is consistent with the fact that
the casting technique involves a somewhat higher cooling rate than that associated with arc
welding. This would mean that the alloy becomes configurationally frozen at a higher
temperature, where the Cr concentration in 'Y in equilibrium with M7C3 is expected to be higher.
With this exception, the results show that argon arc melts can be used in simulating manual metal
arc weld deposits, especially for revealing trends in microstructure and phase composition.
Optical micrographs of alloys 51, 52 and 53 show that a major effect of silicon is to change
the morphology of the primary carbides. At very low silicon concentrations, the primary carbides
are elongated (Fig. 7.25a) and tend to become more equiaxed with increasing silicon
concentration (considerable microscopy confirms that this is not just a sectioning effect). The
changes imply that the orientation dependence of the liquid/M7C3 interface energy become less
orientation dependent with increasing 5i. A similar effect is evident for the eutectic
M7C3 carbides which also appear more globular in alloy 53 (Fig. 7.25c). These morphological
changes should be beneficial to the toughness of the alloy, perhaps imparting better impact
abrasion wear resistance.
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Fig. 7.25: Optical micrographs showing large primary M7C3 carbides in a eutectic mixture of
matrix+M7C3· (a) Alloy SI; (b) Alloy 52; c) Alloy 53.
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Fig. 7.26: Results of microanalysis experiments carried out in a transmission electron
microscope. The dashed lines refer to the average composition. a) Alloy 51; b) Alloy 52; c)
Alloy 53.
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Table 7.9: Mean concentrations (atomic %) of the phases found in various alloys. The
concentrations reported for regions near the primary M7C3 are probably unreliable due to some
overlap of infonnation from both primary M7C3 and matrix.
Alloy SI
Primary M7C3 Near Primary M7C3 Matrix
Cr 50.8 22.9 20.9
Si 0.1 0.2 0.2
C 30 2.4 2.4
Alloy S2
Primary M7C3 Near Primary M7C3 Y
Cr 48.9 11.5 11.5
Si 0.2 12.2 12.4
C 30 3.7 3.7
Alloy S3
Primary M7C3 Near Primary M7C3 y
Cr 50.5 10.9 14.3
Si 0.1 19.2 17.2
C 30 6.3 6.3
The microanalysis data (Fig. 7.26, Table 7.9) show that the silicon partitions strongly to the
matrix. This should considerably enhance the oxidation and corrosion resistance of the alloys.
The effect of Si is also to reduce the level of Cr in the matrix during the eutectic
decomposition of liquid. This may at first sight seem detrimental, but the austenite should in any
case eventually decompose to low-chromium ferrite. The decrease in the Cr level of the matrix
fonned during solidification should in fact be beneficial since the Cr is best used in fonning the
hard M7C3 carbides during solidification.
The worn surfaces after the pin-on-disc abrasion tests show that carbides are effectively cut by
the SiC and Al203 abrasives (Fig. 7.27).
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Fig. 7.27: Scanning electron micrograph of the worn surface of alloy S3 after the pin-on-disc
abrasion test using SiC abrasives.
7.6.3 Conclusions
An attempt has been made to rationalise the influence of silicon on the detailed microstructure
and phase composition of Fe-34Cr-4.5C alloys. The investigation has been carried out on model
alloys cast by an argon arc melting technique, which is in general found to simulate adequately,
the corresponding structures obtained by deposition during manual metal arc welding.
In all cases, Si is found to partition strongly into the matrix during solidification; Si
concentrations of up to 18 at % have been found in the matrix, even though the average Si
concentration used was much lower.
It is found that Si causes significant changes in the morphology of M7C3 carbides. Both
primary and eutectic M7C3 carbides tend to adopt more equiaxed morphologies and this has
been attributed tentatively to Si causing a decrease in the orientation dependence of the
liquid/M7C3 interfacial energy. In any case, the effect may be advantageous in enhancing the
toughness, and hence, impact wear resistance of the high-Si alloys.
A further effect of Si is to reduce the Cr concentration of the matrix in the as-cast alloys. This
is regarded as beneficial since the Cr is used better in the formation of M7C3 carbides, whose
volume fraction should therefore increase with Si level. It is pointed out that if the austenite
eventually decomposes to low-Cr ferrite, as required by equilibrium, then there is little point in
having a high Cr content in the y in any case.
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7.7 Comparison of the Wear Resistance
In this study, Al203 and SiC abrasives were chosen in order to compare the effect of the
hardness of abrasives at different applied loads and to examine material removal mechanisms
under each abrasive. Pin-on-disc wear tests were performed in each sample using 450g and lkg
loads for Al203 and SiC abrasives respectively. Weight loss versus time curves of the abrasion
test results with the Al203 abrasives for the alloys 78, Tl, TI, and S3 are given in Fig. 7.28.
The results show that alloy 78 has the lowest abrasive wear resistance among the four alloys. The
worn surface of alloy 78 revealed extensive carbide cracking and spalling of the primary carbides
(Fig. 7.9). Microanalysis experiments were carried out at the worn surface before the ultrasonic-
cleaning so that fragments were identified. Some of the fragments were found to contain a great
amount of Cr implying that these are Cr rich carbide fragments. It is well recognised that both
plastic deformation and fracture mechanisms cause material removal of brittle solids during wear.
However, material loss is an order of magnitude greater when fracture mechanisms are dominant
Therefore, the lowest wear resistance of Alloy 78 could be attributed to its highest volume
fraction of carbides even though the material removal mechanism is the same as it is in the other
alloys. Since primary carbides cannot firmly hold and resist being cut out by abrasives, the matrix
will be vulnerable to fracture resulting in a higher weight loss. This conclusion is supported by
the experimental results which show that Alloy Tl has a lower volume fraction of carbides than
Alloys 78 and Tt, subsequently better abrasive wear resistance. On the other hand, Alloy S3 was
found to have the lowest weight loss even though its carbide volume fraction is higher than that
of Alloys Tl and TI. This result is explained primarily by the different carbide morphology of
the alloy S3. Strain energy, accompanied by the deformation, is released preferentially at the
carbide/matrix interfaces due to high density of defects at these regions. This is consistent with
the experimental observations which show extensive carbide cracking along the carbide/matrix
interfaces. Therefore, it is feasible to suggest that carbides which have a more compact shape will
be better supported by the matrix. Subsequently they will be less susceptible to interfacial
cracking. The other advantage of the alloy S3 is that carbides are more closely spaced in this
alloy so that they significantly support the matrix and reduce its ability to undergo plastic flow.
Similar experiments were carried out using the harder (==2480-2600HV) SiC abrasive at lkg
load. The weight-loss time curves are given in Fig. 7.29. The results are found to be consistent
with the above discussion. Apart from minor fluctuations, all the samples revealed an
approximately constant wear rate indicating that strain hardening does not contribute to the wear
resistance. Weight-loss was found to be higher for each sample compared to the
Al203 abrasives. This is a reflection of a higher applied load and the higher hardness of the
abrasives.
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Fig. 7.28: Weight-loss time curves for the alloy 78, TI, TI, and S3 during pin-on-disc abrasion
test using A1203 abrasives at 450g.
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Fig. 7.29: Weight-loss time curves for the alloy 78, TI, TI, and S3 during pin-on-disc abrasion
test using SiC abrasives at lkg.
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Scratch test experiments using the Vickers diamond reveal the considerable deformation of
carbides in the form of cracks which are probably initiated at the carbide/matrix interfaces.
The results indicate that when the abrasives are hard enough to deform the carbides, they
cause significant deformation, and spalling of the carbides giving rise to a high weight loss. In
these conditions, alLhough an increase of the carbide volume fraction is expected to lead to a
greater chance of a lower wear resistance, the contribution of the carbide morphology and carbide
spacing should be taken into account.
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7.8 Thermodynamic Model
The condition for an alloy to be in equilibrium is that its Gibbs energy must be minimum. The
most reliable method for calculating equilibrium compositions of phases is to minimize the
Integral Gibbs Free Energy (~pt of mixing. Therefore, this model has been used in this study in
order to calculate equilibrium mole fractions of each element in the Fe-Cr-C-M' system for the
austenite/M7C3 equilibrium mixtures.
7.8.1 Computer Model for Minimization
The model presented here is based on standart methods available for the calculation of
minimization with the help of the NAG Fortran Library.()l)
7.8.1.1 Geometric Representation and Terminology
The nature of the minimization problem in two dimensions is illustrated in Fig. 7.30,
considering the following example
F(x) = eX1 (4x12 + 4xl + 4x1x2 + 2x2 +1 ) .....(16)
The contours labelled Fo,F1,... in figure 1 are isova1ue contours along which the function F(x)
takes specific constant values. The point x* is a local unconstrained minimum at which the value
of F(x*) is less than at all the neighbouring points. A function can have several such minima.
Therefore, the lowest of the local minima has to be represented and termed a global minimum.
For instance in the above figure x* is the only local minimum. The point x is called a saddle
point because it is a minimum along the line AB, but a maximum along CD. If the constraint
x1~ is added to the minimizing of F(x), the solution will not be altered. This constraint is
represented by the straight line passing through xl =0, and the hatching on this line represents the
unacceptable region. The region Rn satisfies the constraints of the minimization problem and is
termed the feasible region, and the point which satisfies the constraints is called a feasible point.
If the nonlinear constraint (represented by the curved hatched line in figure 1) Xl +x2-x1x2-1.5~
is added to the minimization, then x* will not be a feasible point. In this new constrained
problem the solution will be at point x which is the feasible point and corresponds to the smallest
function value.
4 The Integral Gibbs Free Energy (~tG) of mixing is the difference between the molar Gibbs free energy (Gm~
for one mole of the phase B, and the Gibbs free energy of one mole of unmixed component. Le. in the A-B
system
.....(15)
where x = mole fraction of component B, and °G A °GB are the Gibbs energy of pure A and B phases
respectively.
The M stands for the fourth alloying element (e.g. Ni, Mn, Si, Mo)
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7.8.1.2 Gradient Vector
The vector of the first partial derivatives of F(x) is called the gradient vector. and is denoted
by g(x)
g(x) = [ aF(x)/ax l' aF(x)/ax2.··.aF(x)/axnl ..... (17)
The gradient vector has significance in minimization because it must be zero at an
unconstrained minimum of any function with continuous first derivatives.
7.8.1.3 llessian kfatrLt
The matrix of the second partial derivatives of a function is termed its Hessian matrix which
is denoted by G(x). and its (i. j) (th) element is given by a2F(X)/aXiaXj' If F(x) has continuous
second derivatives. the G(x) must be positive semi-definite at any unconstrained minimum of F.
7.8.1.4 Sufficient Conditions for a Solution of kfinimization Subject to Bounds on the Variables
The minimization problem can be expressed mathematically as follows
minimize F(x).
subject to ~ ~xi ~ui i=I.2 •...,n
where li and ui are lower and upper boundaries respectively for each variable.
This kind of expression assumes that upper and lower bounds exist on all the variables.
Sufficient conditions for a feasible point x* at the solution of bounds-constrained problem are
given as follows
(i) g(x*) = 0
(ii) G(x *) is positive definite; and
(iii) gj(x *) < O. Xj=Uj;
*gjCx ) > O. xj=lj;
where g(x) is the gradient of F(x) with respect to the free variables6 and G(x) is the Hessian
matrix of F(x) with respect to the free variables. The third condition ensures that F(x) cannot be
reduced by moving off one or more of the bounds.
7.8.1.5 Quasi-Newton kfethod
The Quasi-Newton method approximates the Hessian G(xCk» by a matrix B(k) which is
modified at each iteration, including information about the curvature of F along the latest search
direction. It generates an iterative sequence {x(k)}that converges to the solution x*.
The iteration sequence is generated as follows
x(k+l) = x(k) + a(k) p(k) ..... (18)
where the vector p(k) is termed the direction of search. and a(k) is the steplength which is
6
Variables which are not on their bounds are termed free variables.
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chosen ensuring that F(x)(k+1) < F(x)(k). The minimum of a function is found in n iterations.
7.8.2 Total Gibbs Free Energy and Variables
In a two phase system the total Gibbs free energy is given by
GT = VAGA + (1-V A)GB
where GA and GB are the molar Gibbs free energies of the phases A and B respectively, and VA
is the mole fraction of phase A. This work aims to understand the effect of Ni, Mn, and Si on the
equilibrium concentrations of alloying elements in the austenite or ferrite and M7C3 carbides.
Therefore, the total Gibbs energy in this multi component system will be a function of each
element and is represented as follows
.....(19)
where
GT is the total Gibbs free energy of the system,
Va;y is the mole fraction of austenite or ferrite,
(I-a) is the mole fraction M7C3 carbides,
Gy/a is the Gibbs free energy of the formation of austenite or ferrite,
GC is the Gibbs free energy of M7C3 carbides,
xFeY is the mole fraction of Fe in austenite or ferrite,
xC? is the mole fraction of Cr in austenite or ferrite,
xCY is the mole fraction of C in austenite or ferrite,
xMY is the mole fraction of M (th) element in austenite or ferrite,
xFe c is the mole fraction of Fe in the M7C3,
xCrc is the mole fraction of Cr in the M7C3,
xcc is the mole fraction of C in the M7C3,
xMc is the mole fraction of M (th) element in M7C3.
Since the total mole fraction of each phase is equal to 1, the number of unknowns could be
directly reduced to seven from nine as follows
xMY=1-xFeY-xClxcY (20)
xMc=1-xFe c-xCrc-xCc (21)
The mole fraction of carbon in M7C3 is equal to 0.3 assuming stoichiometry. Furthermore,
two more unknowns could be represented by the others using the following mass-balance
equations
xFeT=xFeYa+ xF/(1-a)
xC?=xCrYa+ xCrc(1-a)
xMT=xMYa+ xMc(l-a)
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.....(22)
.....(23)
.....(24)
where xFeT, xCrT, and xMT are the mole fractions of total Fe, Cr, and M (Ni, Mn, Si) in the
alloy. The mole fraction of austenite or ferrite could be written using one of the above mass-
balance equations as follows
Vy = (xFeT - xFec) / (xFey,Cl-xFe c)
xCrcand xMc could be represented by the other unknowns using the equations 20-23.
..... (25)
..... (26)
XMC=XMT (xFeY-xFec) - xMY(xFeT-xFec)) / (xFeY-xFeT) .....(27)
Finally, minimization of the total Gibbs free energy of the system can be calculated
considering only four unknowns (xFeY, xC?, XcY, and xFec). A schematic example representing
the minimization of the total Gibbs free energy in two phase system is illustrated in Fig. 7.31.
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Fig. 7.31: Application of the Quasi-Newton model for finding the minimum Gibbs free energy of
the system containing two solution phases.CJ2)
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In Fig. 7.31 ~p is the integral Gibbs free energy of mixing and xB is the mole fraction of phase
B. The first guess values are used to construct the line A-B for a given alloy composition xO'
Since Gm has to be a minimum in equilibrium (~P has its least possible value) p must be at the
lowest possible point. The line A-B is later modified until the feasible point is reached.
Subsequently, the line H-I is found to be representing the common-tangent line which determines
the equilibrium compositions (x!l, x1).
The model which was originally suggested by Hillert and Staffanson,(33) and later modified for
quaternary system by Harvig04) is used in this study. This model was developed for ionic melts
and interstitial solutions and based upon the use of atomic ratios rather than atom fractions. The
concentration of an interstially dissolved element is expressed by the fraction of interstitial sites
occupied by that element. For instance, ferrite has three interstitial sites for carbon per metal atom
whereas austenite has only one.
c/a= 1 for austenite, c/a=3 for ferrite
where a is the number of metal atoms per mole, and c is the corresponding number of interstitial
sites which are available. The molar ratios are defined as follows
YM = xM I (I-XC) (28)
yc = alc Xc I (I-xC) (29)
where M stands for metal (in this work M refers to the Fe, Cr, and fourth alloying element e.g.,
Ni, Mn, Si). This model has been used successfully for solutions containing one interstitial and
one or two substitutional solutes and was later modified for quaternary systems by Harvig.(34)The
Gibbs energy per mole of metal atoms for austenite and ferrite is represented as follows
Gm =lIFe °GPe +L YMoGM + yc(°GPeCc _0 GPe
M
+ RT [lIFe In lIFe + L!IM In YM + eyc In Yc
M
+ e(l- Yc)In(l- YC)] +YC LYMLlGM
M
+ YPe L YM[YCL~eM + (1 - v)LFeM] + yc(l - Yc(lIFeL~~
M
+ LYML~v]
M
..... (30)
where M stands for Cr and the fourth alloying element. ~GM represents the difference between
four standard states and is given by
~GM= °GFe+ °GMC - °GM- °GFeC ..... (31)c c
This parameter is also the major parameter expressing the Cr-C interaction in austenite and
ferrite. L parameters are interaction parameters. For example, LcvFey describes the interaction
between carbon and vacant interstitial sites when the metal lattice is completely filled with iron
atoms in the austenite. °GFe and °GM are the molar Gibbs energies of pure elements in the same
state as the solution under consideration. °GFeC and °GcrC are the molar Gibbs energies of
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hypothetical cases assuming that all the interstitial sites are occupied by carbon atoms.
The Gibbs energy of the carbides was described by Nisruzawa and Uhreniuscm and the same
model will be accepted in this present work. The following equation expresses the Gibbs energy
per mole of metal atoms for carbides
Gm =YF/GFeC. + LyMoGMC. + RT[We In We
M
+E YM In YMl + WeL YMAFeM + ~I: I: YM!/N .4MN
M M M N~M .....(32)
where b is written for a stoichiometric compound MaCc as b=c/a. oGFeCb and oGMCb
are the
Gibbs energies of formation per mole of FeaCc and MaCc respectively. referring to the elements
in the same structural state. A is the interaction parameter (e.g. AFeCr describes the interaction
parameter between Fe and Cr in carbide).
7.8.3 Results and Discussion
The effect of Si. Mn and Ni on the equilibrium mole fractions of each element in the Fe-Cr-
C-M system has been studied. Fe-30Cr-4.5C (wt%) alloy was chosen as a reference alloy and the
results were compared at l273K. Fig. 7.32 represents the effect of Si on the mole fraction of Cr
in the austenite. The results are found to be consistent with the experimental observations
showing that an increase of Si content in the reference alloy leads to a significant decrease of Cr
concentration in the austenitic matrix. This may seem to be detrimental to oxidation and corrosion
resistance but as discussed earlier in any case austenite transforms to low chromium (=3wt%)
ferrite. Furthermore. calculations show that Si is rejected by the carbides resulting in a matrix
with l8at% Si in the 7wt%Si containing alloy. This result has significant consequences since it is
well recognized that Si greatly improves the oxidation and corrosion resistance by forming silicon
oxides. The other advantage of the Si addition is that it increases volume fraction of
M7C3 carbides. As it is illustrated in Fig. 7.32 the volume fraction of carbides increases from
about =0.54 to =0.68 when the Si content increased to 7wt% in the reference alloy. Since an
increase in carbide volume fraction generally leads to an increase of abrasion resistance
(particularly low-stress abrasion), Si addition has also a beneficial influence in abrasion resistance.
In contrast, 1'10 and Ni additions increased Cr concentration in the matrix and subsequently
decreased the volume fraction of M7C3 carbides (Fig. 7.33). This decrease could probably be
detrimental for abrasion resistance particularly when the abrasives are not hard enough to deform
the carbides.
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7.8.4 Conclusions
The minimization of the total Gibbs free energy method is used to calculate the equilibrium
mole fractions of each element in the Fe-Cr-C-M system (where M refers to the Si, Mn, and Ni)
when the austenite is in equilibrium with M7C3. The total Gibbs free energy of the quaternary
system is minimized using the Quasi-Newton method which minimizes the function in n
iterations. The thermodynamic model was developed for ionic melts and interstitial solutions that
were based on the use of atomic ratios rather than atom fractions.
The results showed that Mn and Ni additions increased the mole fraction of Cr in the
austenite. and decrease the volume fraction of M7C3 carbides. In contrast, the Si addition
decreased the Cr concentration of the austenitic matrix resulting in a Si enriched matrix and high
volume fraction of M7C3 carbides (=:G.7). The results are found to be reasonably consistent with
the experimental observations.
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8. EFFECT OF THE CARBIDE FORMING ELErv1ENTS Nb, Ti, Mo,
V, AND W ON THE MICROSTRUCTURE AND ABRASIVE WEAR
RESISTANCE
8.1 Effect of Nb and Ti on the Microstructure and Abrasive Wear Resistance
8.1.1 1ntroduction
Nb and Ti are often added to Fe-Cr-C alloys in order to obtain very hard MC (TiC, NbC)
type carbides.(t.9)These hard primary carbides (NbC=2300 RV, TiC=2900 HV(tO»are not easily
scratched by natural minerals. If there is uniform distribution of these carbides, and if they are
closely spaced, abrasives cannot effectively penetrate into the matrix phase, leading to higher
wear resistance. The abrasive wear resistance of NbC and TiC containing alloys has been found
to be better than that of M7C3 carbide containing alloys.(Il)This has been attributed to the high
hardness and uniform distribution of these carbides. Even though there is a considerable amount
of experimental evidence for the beneficial effect of NbC and TiC, no systematic research has
been carried out towards their microstructural control.
8.1.2 Experimental Techniques
Alloy 79 (Fe-23.llCr-3.57C-9.38Nb-1.29Si-0,42Mn-0.036P wt%) was deposited by the manual
metal arc (MMA) welding technique. The welding conditions were 200A, 23V with a deposition
rate of about O.OO4m/s. The interpass temperature was 500°C. The weld deposit consisted of three
layers so that the top layer microstructure was essentially undiluted by the mild steel substrate.
Alloy R3 (Fe-31.5Cr-3.69C-7.2OTi-1.0Mo-0.32Ni-0.27Si wt%) was cast by an argon arc
melting technique.
Microanalysis experiments were carried out using scanning electron microscope as outlined in
Chapter 10. The pin-on-disc abrasion tests were carried out using SiC abrasives (180 mesh) at a
2kg applied load on 3mm diameter specimens. The Vickers diamond was used for single-pass
scratch test experiments under 500g and 1000g applied loads. The worn surfaces were
ultrasonically cleaned and examined in a scanning electron microscope.
8.1.3 Results and Discussion
If the effect of Nb and Ti is ignored, one would expect the solidification sequence of the
Alloy 79 and H3 to be the same as in Alloy 78. However, since Nb and Ti are very strong
carbide forming elements, they form primary MC (TiC, NbC) type carbides as the first solid
phase during cooling. In addition, the microstructure also contains austenite dendrites with
interdendritic M7C3 carbides (Figs. 8.1a,b). Nb and Ti tie up a high amount of C and reduce the
amount of M7C3. The presence of NbC and TiC has been reported to be more effective in
increasing abrasive wear resistance than either raising the eutectic M7C3 content, or increasing
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the width of the M7C3 eutectic carbide particlesY> If, however, the MC carbides are not
uniformly distributed and finely spaced, abrasive particles easily penetrate into the matrix phase,
due to the relatively small size of the MC carbides when compared with the large primary
M7C3 particles of the type found in Alloy 78.
Microanalysis results (Figs. 8.2 and 8.3, and Tables 8.1 and 8.2) showed that the matrix
contained only small amounts of Nb, and Ti. The Cr concentration of the austenitic matrix of
Alloy H3 was found to be higher than that of the Alloy 79, consistent with the higher Cr
concentration in the former alloy.
Scanning electron micrographs of the worn surfaces after the pin-on-disc test using SiC
abrasive paper showed that NbC are cut by the abrasives, but to a lesser extent than the eutectic
areas (Fig. 8.4a,b). Furthermore, NbC particles were found to protrude from the surface, and the
scratch grooves decreased in width as they crossed the NbC particles (Fig. 8.4b).
In the Ti containing alloy, worn surface analysis suggested that TiC particles are occasionally
cut and broken (Fig. 8.5).
The single-pass scratch tests revealed that the eutectic regions are ploughed into both edges of
the scratch groove (Figs. 8.6a,b). Primary carbide cracking was also observed with two different
loads (500g and l000g), the cracking becoming more apparent at lkg load. Micromachining chips
in the eutectic areas suggest that those regions are easily deformed, and consequently provide
inefficient support to the primary MC carbides.
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ab
Fig. 8.1: a) Optical micrograph of the top layer of Alloy 79 consisting of primary NbC (black
particles), and eutectic M7C3 carbides (grey panicles) with pro-eutectic austenite dendrites; b)
optical micograph of Alloy H3 consisting of uniformly distributed TiC (black particles) and
M7C3 eutectic carbides and pro-eutectic austenite dendrites.
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Fig. 8.2: Microanalytical data from Alloy 79 at%. The continuous lines show the average
concentrations in each phase. The experiments were carried out using a scanning electron
microscopy and energy-dispersive X-ray analysis.
Table 8.1: Mean compositions of phases of Alloy 79 (at%). The results are quoted to three
decimal places for internal consistency..--_._- --
Matrix NbC
Fe 77.990 4.514
er 18.090 3. 420
Nb 0.252 84.290
Mn 0.786 0.043
Si 2.857 6.980
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Fig. 8.3: Microanalylical data from Alloy H3 at%. The continuous lines show the average
concentrations in each phase. The experiments were carried out using a scanning electron
microscopy and energy-dispersive X-ray analysis.
Table 8.2: Mean compositions of the phases of Alloy H3. The results are quoted to three
decimal places for internal consistency.
Ti Carbide Aust eni t e Eut eetic Carbide
y y. I y. y. Yj y.I I I I I
Fe 1,930 0.965 72.018 71.023 30.056 21.047
Cr 4.400 2201 27.656 27.270 68.113 47,690
Ti 92.984 46.492 0.326 0.321 1.831 1282
C 50 1.394 I 30
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Fig. 8.4: scanning electron micrographS of the worn surfaces of "'\toy 79 after pin_on-diSC
abrasion tests using SiC (\80 mesh) abrasives and a 2kg load. a) IoW magnification: b) high
magnif,catio
n
. It is clear that the abrasives arc able to cut the NbC particles. NonClh
clcSS
,the
scratch grO
OVC
width in NbC is sccn to be narrower than in the cutc
ctic
areas SUggcstingthat the
prin
1a
ry NbC improvc wear rcsistance.
Fig. 8.5: Scanning electron micrograph of the worn surface of Alloy H3, aftcr thc pin-on-disc
abrasion tcst using SiC (180 mesh) abrasivcs and a 2kg load, showing spalling and defoffi1ation
of TiC due to abrasion.
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Fig. 8.6: Scanning electron micrographs after single-pass scratch tests using a Vickers diamond.
a) Alloy 79; b) Alloy H3. The eutectic phases are seen to deform plastically and the primary
carbides within the scratch groove are cracked (indicated by arrows).
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8.1.4 Conclusions
An addition of Ti and Nb to Fe-Cr-C alloys significantly alters the microstructure. The MC
type carbides (NbC, TiC) solidify first, followed by the precipitation of austenite dendrites and
finally a eutectic decomposition to a mixture of austenite and M7C3 carbides. Nb and Ti tie up a
large amount of carbon, and decrease the possibility of obtaining a large amount of
M7C3 carbides. Microanalysis results showed that Nb and Ti are effectively used in the carbide
formation with their matrix concentration being very low.
Abrasive wear test experiments using very coarse SiC abrasives (180 mesh) and 2kg load
showed that the abrasives are able to deform and cut the carbides. However, scratch groove
dimension in the primary carbides was observed to be narrower than the eutectic region due to
the high hardness of MC carbides. A great number of work in the literature has shown that these
carbides improve abrasive wear resistance of Fe-Cr-C alloy through their high hardness. However,
the contribution of MC type carbides to wear resistance must also depend on several other factors
such as volume fraction, distribution of carbides, and the strength of the matrix. These factors
have not yet been investigated thoroughly.
8.2 Effect of Molybdenum
8.2.1 Introduction
Fe-Cr-C wear resistant alloys have in the past been alloyed with Mo in order to improve
abrasion resistance and fracture toughnessYl-lS) Although, the wear resistance of such alloys have
been studied by several researchers, as discussed in Chapter 6, few have examined the effect of
Mo on the microstructure. Even though Mo is a carbide forming element, the presence of
molybdenum carbides in high Cr containing iron-based hardfacing alloys is not reportedYl-l8)
However, Borik and Majetich(9) found very fine Mo2C carbides, which etched dark in optical
specimens of low Mo and high C containing alloys.l Energy-dispersive X-ray analysis (EDAX)
results from these areas revealed 21.6%Mo and the results were also confirmed using X-ray
diffraction. However, the X-ray diffraction results are doubtful since the claimed (10.1) M02C
carbide peak is (2.278A) in reality a (44.1) M7C3 peak (1.629A).(20)Hence, the only experimental
evidence supporting the M02C formation is the EDAX microanalysis results. Similar results have
been reported in high Mo and W containing alloys2 where EDAX microanalysis showed dark
etching areas contained 26.7%Mo, and 20.7%W. It was therefore suggested that these regions are
(Mo, W)2C type carbides. Since the probe size is not small enough in scanning electron
microscopes to give reliable results from very fine particles, direct evidence of molybdenum
carbide formation is not available.
Fe-19.7Cr-5.OC-3.0Mo-O.2Si-O.6Mn
Fe-24.2Cr-4.4C-3.7Mo-l.lSi-O.9Mn (wt%)
2
Fe-15.5Cr-4.2C-6.6Mo-3.0W -1.OSi-O.6Mn
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Mo partitioning during eutectic growth was studied in high Cr cast irons by Ogi et al.(21)in
two alloys containing around 1%Mo.3 They found that the concentration of Mo in the eutectic
M7C3 carbides is higher than in the eutectic austenite. They represented the variation of Mo as a
function of the ratio of the distance from the centre of the colony to the radius of the eutectic
colony. The results showed that the Mo concentration increased gradually from the centre towards
the outside and where it reached a maximum value in both the austenite and M7C3 carbides.
Although they reported that microanalysis experiments in the eutectic austenite and in the carbides
were carried out using a finely focussed electron beam there was no information about its actual
size.
The most reliable experimental evidence is that of De Mello et al.(19)who studied the
solidification sequence of Mo containing white cast irons using Thermal Differential Analysis
(DTA). The compositions of the experimental alloys in their work are given in Table 8.3. The
microstructure of all the alloys, with the exception of Alloys 5 and 10 revealed primary austenite
dendrites and eutectic M7C3 carbides. The latter alloys were found to contain primary
M7C3 carbides and a eutectic mixture of austenite and fine M7C3 carbides.
Unidirectional solidification was carried out using Alloys 4 and 7. The only difference between
these two alloys is that at the end of recrystallization, different phases, which are located between
the secondary arms of the dendrites, are detected. In the alloy 1 (which represents the series I)
fine carbides were identified as M02C, and for series 11 fish-hone-like carbides were identified as
M6C. They reported the presence of strong Mo segregation so that the liquid during dendritic
growth is enriched in terms of Mo concentration, promoting the formation of M02C carbides.
Note that the experiments were carried out using very slow cooling rates (==300oC/h) in order to
obtain coarse microstructures for easy analysis. Therefore, these results are not comparable with
the other experimental works which dealt with relatively high cooling rates.
Generally all the other works in the literature are concerned with the mechanical properties of
Mo containing alloys rather than detailed microstructural examinations. For instance, the effect of
Mo on hot-hardness was studied by Hagel and Ohrinerl8) in Fe-based hardfacing alloys. They
compared the hot hardness of Mo and W containing alloys with Co-based alloy which has been
extensively used for the hardfacing of poppet-valves. The chemical compositions of the alloys and
the hot hardness values as a function of temperature are given in Table 8.4.
The compositions of two experimental alloys in the work of Ogi et al.(21)
Fe-14.1Cr-D.83Mo-3.77C
Fe-3D.6Cr -D.94Mo-2.89C
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Table 8.3: Chemical composition of alloys used in the work of De Mello et al.(19)Alloys 1 to 5
represent series I, and alloys 5 to 10 represent series 11.
Alloy C Cr Mo Mn Si
1 1.32 6.80 2.38 0.74 0.23
2 1.92 9.65 3.25 1.04 0.45
3 2.74 12.45 3.84 0.92 0.22
4 3.26 16.10 3.14 1.04 0.45
5 3.91 18.75 3.00 1.10 0.61
6 0.92 11.35 2.95 0.74 0.33
7 1.65 16.05 3.20 1.03 0.56
8 2.36 21.40 2.98 1.04 0.54
9 2.74 26.60 2.94 0.98 0.54
10 3.38 32.10 3.01 1.07 0.55
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Table 8.4: Chemical compositions of Mo and W containing hard facing alloys and corresponding
hot hardness (RV) values as a function of temperatureYSl
Alloy ~ Mn Si er Ni Mo W
253 1.90 0.11 0.36 28.0 15.0 5.50
4%Mo 1.66 2.75 0.86 29.9 9.70 4.33
7%Mo 1.89 0.10 0.10 28.0 13.9 6.85
lO%W 1.84 0.10 0.15 27.8 15.7 9.83
242 1.20 0.50 1.00 30.0 2.25 4.50
Temperature, ~
Alloy 20 400 500 550 600 650 700
253 460 368 346 365 310 273 266
4%Mo 428 365 341 325 316 289 277
7%Mo 408 388 371 330 307 270 244
10%W 448 387 375 353 352 337 301
242 440 331 305 306 302 290 239
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The hot-hardness of the Mo and W containing alloys was generally found to be higher than that
of the Co-based alloy. X-ray diffraction analysis results showed the presence of M23C6 and
M7C3 carbides in an austenitic matrix. They suggested that this microstructure must provide a
greater wear resistance and hot hardness compared to the Co-based alloy. It is interesting to note
here that although the Mo content of each iron-based hardfacing alloy is different, there is no
systematic variation in hot-hardness values as a function of Mo concentration. Similarly, Charre
and De Mello(22)reported that Mo containing carbides (M6C and M3C) have a little influence on
hardness. On the other hand, it is now appreciated that Mo carbides (e.g. M02C) in steels give
rise to a significant increase in hardness. (23)This increase was attributed to the stress field around
these precipitates. Such an observation has not been reported in high Cr and high Mo containing
irons.
With respect to abrasive wear resistance, De Mello et al.(2A)examined variations of the abrasive
wear rate as a carbide volume fraction (Fig. 8.7). The abrasive wear rate was found to decrease
up to 0.3 carbide volume fraction then to increase. SEM micrographs of the worn surfaces of the
Alloys 1, 5, and 9 (Table 8.3) suggested that material removal is mainly a consequence of gross
plastic deformation. The results of their wear tests are presented in Fig. 8.7; the minimum in the
curve is difficult to understand, but could arise because at high volume fractions the brittleness of
the carbides becomes more dominant.
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Mello et alY")
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8.2.2 Experimental Results and Discussion
A molybdenum containing Alloy M4 (Fe-31.1Cr-3.61C-8.30Mo-0.32Ni-O.24Si-O.20Mn wt%)
was cast by the argon arc melting technique. An optical micrograph of the alloy is shown in Fig.
8.8, which shows a microstructure primary and eutectic M7C3 carbides with pro-eutectic
austenite dendrites. This micrograph clearly demonstrates the presence of the dark etching regions
noted earlier, along the dendrite boundaries.
Fig. 8.8: Optical micrograph of alloy M4 (Fe-31.1Cr-3.6lC-8.30Mo-O.32Ni-O.24Si-O.20Mn
wt%) consisting of primary, and eutectic M7C3 carbides with pro-eutectic austenite dendrites.
The dark etching regions along the dendrite boundaries are marked by arrows.
Results from X-ray diffractometry are given in Table 8.5. There is no indication of the
presence of molybdenum carbides, although they may be present in very small quantity. Thin
foils were prepared for transmission electron microscopy and microanalysis experiments. Detailed
examination using transmission electron microscopy suggested that the microstructure consists
only of M7C3 carbides and austenitic matrix (Fig. 8.9). There was again no indication of the
presence of molybdenum carbides.
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Table 8.5: X-ray diffractometry results using CuKa. radiation of the Alloy M4, showing
0
measured 28 values and corresponding d spacings (A), and hkl values for the phases identified.
28 d hkl
39.2 2.298 24.0M C7 3
43.4 2.085 lIly
44.4 2.03 24.1M C7 3
50.2 1.817 002y
52.0 1.754 44.0M C7 3
74.3 1.276 220y
82.2 1.172 01.1M C7 3
89.7 1.093 472M C7 3
Fig. 8.9: Transmission electron micrograph of the Alloy M4 showing eutectic M7C3 carbide,
in an austenitic matrix. The selected area diffraction pattern from the M7C3 carbides and
austenite is inserted.
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Microanalytical experiments were carried out in the eutectic M7C3 and austenite using
transmission electron microscopy, and in the primary M7C3 and around these carbides using
scanning electron microscopy and energy dispersive-X-ray analysis. The results (Fig. 8.10, Table
8.6) show that Mo preferentially partitions into the M7C3 carbides. Mass-balance equations were
used to test the accuracy of the experimental results. It is interesting that the microanalysis results
do not satisfy the mass-balance equation for the molybdenum.· This suggests the existence of Mo
segregation, probably along the austenite boundaries. In fact. microanalysis experiments using
scanning electron microscopy showed that the dark etching regions are enriched in Mo, (=20at%)
consistent with the above discussion.
Pin-on-disc abrasion, and single-pass scratch test experiments were carried out. The worn
surfaces were found to be similar to that of Alloy 78 which is not an Mo-alloyed deposit. This is
not surprising since Mo has no significant influence on the microstructure.
Mass-balance equations for Mo and Cr are written as follows
YMoT - YMo"f x v"f + YMoM7C3 x (1 - V"f) ••••• (1)
YCrT - Ycr"f x v"f + YCrM7C3 x (1 - Vy) •.•.. (2)
where Y~~ and Ycl are the average Mo and Cr concentrations (at%) respectively. YMo"f, Yc:;.r"f,YMoM7C3.
and YCr 3 are the mo+e fractions of Mf and Cr in both phases. and V'Y.. is the volume ttac~on of austenite.
Whe'Mthe values of YCr = 0.29. YMo = 0.043. YCrY = 0.22. YMo1 = 0.024. YCr h 3 = 0.70, and
YMQ ]C3 = 0.039 are inserted from Table 8.6 in equations 1 and 2. It 15 clear that mass-balance equation for
Mo 15 not satisfied.
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Fig. 8.10: Microanalytical data from Alloy M4 on primary M7C3, near primary M7C3,
austenitic matrix, and eutectic M7C3 (at%) when the C is not included (continuous lines show
the average values in each phase). The experiments were carried out using transmission electron
microscopy, and energy-dispersive X-ray analysis. The experiments near the primary carbides
(Near P. Carbide) were carried out using scanning electron microscopy.
Table 8.6: Mean compositions of phases of alloy M4. The results are quoted to three decimal
places for internal consistency.
Primary (arbide Near P. (ar bide Austenite Eutectic Carbide
y V' Yj Vi Yj Vi Y ViI I I
Fe 26254 18385 75.688 74.250 76428 75.000 25.903 18.13 0
er 71.363 49.974 22.673 22.250 21.827 21.420 69.997 49.010
Mo 2.283 1.5981' 1.640 1.609 1.745 1.710 4.100 2 871
I
[ I 30 I 1899 1.899 30
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8.2.3 Conclusions
An attempt has been made to understand the effect of the Mo on the microstructure of Fe-Cr-
C hardfacing alloys. A survey of the literature revealed that the influence of the Mo on the
microstructure is not well established. Although Mo is a very strong carbide forming and a solid
solution strengthening alloying element, it does not seem to have a beneficial effect on Fe-based
hardfacing alloys.
Optical microscopy revealed that the microstructure of a cast Fe-31.1Cr-3.61C-8.30Mo-0.32Ni-
0.24Si-0.20Mn (wt%) alloy consists of primary and eutectic M7C3 with pro-eutectic austenite
dendrites. Dark etching regions along the austenite dendrite boundaries were also observed. X-ray
diffractometry results showed that the alloy consists mainly of M7C3 carbides and the austenite.
Detailed microstructural analysis using transmission electron microscopy confirmed this result.
However, on the basis of micro analysis data, mass-balance equations could not be satisfied for
Mo, perhaps indicating the existence of the Mo segregation. In fact, line trace analysis showed
that the dark etching regions are indeed enriched in Mo. However, more work is needed to prove
the absence of small quantities of M02C particles.
Tentative results (worn surface examinations) reveal that Mo is unlikely to influence wear
properties, consistent with its minor effect on the microstructure.
8.3 Effect of V and W on the Microstructure and Abrasive Wear Resistance
8.3.1 Introduction
Fe-Cr-C type hardfacing alloys are rarely modified with V and W for reasons of cost.
Tungsten is generally added as tungsten carbide (WC) particles to an iron-rich matrix.(25) These
composite materials are used under heavy abrasive wear conditions due to the high hardness of
WC carbides (2400HV)YO) The addition of V to Fe-Cr-C hardfacing alloys have taken a high
interest.(9,22,24.26,21)The high abrasive wear resistance of V containing white cast irons has been
attributed to the high hardness of vanadium carbides (2660HV)OO). Borik and Majetich,(9) studied
the microstructure and abrasive wear resistance of Cr- free, V-containing iron-based hardfacing
alloys and compared them to those containing a high chromium alloy.s The microstructure of the
vanadium containing alloy was found to contain primary dendritic V4C3 carbides (2800 kp/mm2)
in a matrix of austenite, which probably partially transformed into martensite. Comparision was
made with a high Cr containing alloy which had a high volume fraction of M7C3 carbides (:::::0.5)
using the pin-on-disc abrasion test under a load of 6.8kg and using 100llm size garnet abrasive.
Vanadium containing hardfacing alloys showed the best abrasion resistance. This was attributed to
the high volume fraction of (0.36) hard V4C3 carbides.
The composition of the experimental alloy deposited by the shielded metal arc welding technique in the work
of Horik and Majetich(9):
Fe-4.4C-17.5V -7.6W -1.7Si-O.6Mn-O.7Mo-<O.lCr
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The effect of vanadium on the solidification sequence of high Cr white cast irons (1.6-3.6C.
and 3.6-16.SCr wt%) was investigated by Durand-Charre and De Mello.(22)The sequence was not
found to change as the V concentration was increased to 6%. Differential thermal analysis showed
that the solidification sequence is as follows;
- austenite
- austenite+V6CS
- austenite+M7C3 eutectic
- austenite+M3C eutectic (for low Cr and low C containing alloys).
The abrasive wear resistance of the same alloys has been studied by De Mello et al.(24)The
chemical compositions of the alloys used together with the volume fractions of the carbides are
given in Table 8.7. The microstructural observations showed that the alloys contain V6CS'
chromium rich M7C3, and for low Cr and low C containing alloys, M3C carbides. Secondary
precipitation of V6C6 type carbides resulting from slow cooling rates gave rise to a
decomposition of austenitic matrix into pearlite. bainite, and martensite. They represented
variations of the abrasive wear rate as a function of volume fraction of V6CS' and
M7C3 carbides (Fig. 8.11). In Figure 8.11 the dotted lines show the projections for 0% M7C3•
and 0% V6CS in order to emphasize the contribution of each carbide to abrasive wear resistance.
They suggested that abrasive wear resistance is improved either with V6CS content, or with the
total amount of carbide volume fraction (for a given amount of constant V6CS content). However,
the results showed that alloy VA has the best and VB has the worst abrasive wear resistance
(both alloys have the same volume fraction of V6CS carbides) despite the fact that
M7C3 content in alloy VA (6.3%) is considerably lower than that of VB (10.9%). This result is
inconsistent with their conclusion. They suggested that this results from the morphological
differences. They reported (without any experimental evidence) that the V6CS type carbides in the
alloy VA are more uniformly distributed and more coarser than that of the alloy VB leading to a
higher degree of wear resistance. However, the reasons for the morphological differences were not
discussed. In the similar alloys Durand-Charre and De Mello'22)suggested that the addition of
manganese leads to a coarsening of V6CS carbides. This is unlikely to be the reason for the
formation of coarser carbides in the alloy VA since the Mn concentration in that alloy is only
slightly higher than that of alloy VB'
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Table 8.7: Chemical compositions and volume fractions of carbides in the V containing alloys
in the work of De Mello et al.(2)l)
Alloy C Mn Si Cr V %M7C3 %MC
VA 2.21 1.04 0.72 5.99 5.61 6.3 5.8
VB 2.40 0.92 0.72 8.18 5.91 10.9 5.7
Vc 2.44 0.86 0.66 10.3 6.21 12.1 4.2
VD 2.66 0.56 0.56 8.18 4.94 11.2 4.7
VH 3.21 0.59 0.71 8.37 4.89 22.6 2.8
Fig. 8.11: Abrasive wear rate as a function of the M7C3 and V6C5 carbide surface fraction in
the work of De Mello et at..<24)The dotted lines are the projections at 0% of V6C5 and
M7C3 respectively.
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8.3.2 Results and Discussion
Alloy 37 (Fe-25.77Cr-6.0C-6.31Nb-1.80V-1.50Si-0.80W wt%) was deposited by the manual
metal arc welding technique with welding conditions 230A, 23V and with a deposition rate of
about 0.004 m/so The interpass temperature was 500°e. The alloy was deposited in three layers in
order to prevent any dilution effect at the top layer. Fig. 8.12a shows the heat-affected-zone
(HAZ) and the first layer of the deposit consisting of lenticular martensites along the first
layer/base plate boundary and carbon enriched region in the base plate near· the deposit. The
microstructure of the first layer was found to contain primary austenite dendrites and fine
interdendritic M7C3 carbides. On the other hand, the second layer has a fine hypoeutectic
structure with a large percentage of eutectic matrix (Fig. 8.12b). The top layer micrograph
revealed a fairly complex microstructure (Fig. 8.13a). In order to identify the phases present, the
backscattered electron imaging technique was applied using scanning electron microscopy on
highly polished unetched samples. Fig. 8.13b clearly demonstrates the presence of four different
phases in the top layer. The brightest particles are NbC due to the fact that Nb has the second
highest backscattered electron coefficient among the alloying elements in the alloy (although W
has the highest atomic number, the low W concentration of the alloy ensures that these are not W
rich carbides). The grey and dark grey areas probably represent the M3C and the austenitic matrix
respectively. This assumption is consistent with the position of the alloy in the equilibrium
isothermal sections of the Fe-Cr-C system (Fig. 7.1). Relatively large black carbides are
M7C3 type consistent with the microanalysis experiments as will be discussed later.
Microanalysis experiments were carried out using scanning electron microscopy and energy-
dispersive-X-ray analysis. The results are presented in Fig. 8.14 and Table 8.8. The large black
carbides in the backscattered electron micrograph were found to contain a high amount of Cr
(=Yi = 54), and Fe (=Yi = 40) indicating that these are mainly (Cr, Fe)7C3 type carbides. Grey
areas were found to contain only 1Oat% Cr and a very high Fe concentration (=80 at%). This is
also consistent with the earlier discussion, suggesting that these are M3C carbides. It should also
be noted that the maximum solubility of Cr in M3C is 15wt%, supporting the above conclusion.
The brightest phases were assumed to be NbC due to atomic contrast and the morphological
differences. Microanalysis results show that these particles contain =60% Nb suggesting that they
are indeed Nbe. It is surprising that these carbides were found to contain a great amount of Ti
(=21 %) even though the Ti was not the alloying element. The Ti distribution was examined by an
electron-probe-microanalyser using the X-ray map technique. Fig. 8.15 represents the micrograph
and corresponding Nb and Ti X-ray maps. It clearly demonstrates that Ti preferentially partitions
into the NbC particles probably due to its MC type carbide forming tendency. Furthermore, it is
believed that Ti is dissolved from the coating of electrode during the manual metal arc welding
process.(28) Among the alloying elements, V and W were found to partition into the M7C3 and
Nbe. On the other hand, Mo dissolved into the matrix.
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Fig. 8.12: Optical micrographs of the alloy 37. a) Base plate/first layer region consisting of C
enriched layer in the substrate along the interface, lenticular martensite in the first layer (indicated
by arrows). and growth of austenite dendrites; b) transition region from eutectic first layer to
hypo-eutectic second layer.
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Fig. 8.13: a) Secondary electron image of the top layer of alloy 37 using scanning electron
microscopy; b) Backscallered electron image of the top layer of alloy 37 in highly polished
without etched specimen showing M7C3 (relatively large black particles), M3C (grey areas), NbC
(white particles), and matrix phase (dark grey area).
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Pin-on-disc abrasion tests using SiC abrasives (180 mesh) under 2 kg load revealed the
presence of continuous grooves and micromachining chips (Fig. 8.16a,b). This indicates that
abrasives are able to cut the carbides and plastically deform the structure even though this alloy
has a very high volume fraction of carbides.
Single-pass scratch test experiments were also carried out using 500g and lkg loads. A typical
example of the worn surface using a 1kg load is given in Fig. 8.17. Extensive damage within the
scratch groove is observed resulting mainly from micromachining processes.
8.3.3 Conclusions
Strong carbide forming elements V and W are rarely added as an alloying element to Fe-Cr-C
alloys due to their high cost. These elements form hard primary carbides which in turn improve
abrasive wear resistance.
The influence of the V and W on the microstructure and abrasive wear resistance has been
studied in Fe-Cr-C-Nb weld deposit containing 1.80V and 0.80W (wt%). The microstructure was
found to contain M7C3, M3C, NbC and austenite. Microanalysis experiments showed that V and
W preferentially partition into the M7C3 and NbC.
High-stress pin-on-disc abrasion and single-pass scratch test results indicated that
micromachining deformation process is dominant giving rise to continuous groove formation and
carbide cutting.
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Fig. 8.14: Microana1ytical data from Alloy 37 on M7C3. NbC. M3C and austenitic matrix
(at%) when the C is not included (continuous lines show the average values in each phase).
Experiments were carried out using scanning electron microscopy and energy-dispersive X-ray
analysis.
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Table 8.8: Mean compositions of phases of Alloy 37. The results are quoted to three decimal
places for internal consistency.
M7 C3 M3C NbC Matrix
Yj Vi Yj Vi Yi V '(; V-I I I I
Fe 39.030 27.330 80.480 60.260 3. 185 1.592 59.132 58.067
er 54.358 38.060 10.710 8.052 6.117 3.058 17.585 17.274
Si 0.053 0.037 5.688 4.267 0.106 0.053 6.812 6.689
Mn 1.279 O.895 1.173 0.879 0.201 0.100 1.313 1.289
Mo 2.464 1.725 1.801 1.351 5.836 2.918 11.795 11.58 3
Nb 0.157 0.109 0.540 0.406 58.722 29.361 0.395 0.387
V 1.994 1.396 0.181 0.136 2.328 1.164 I 0.370 0.363
W 0.6661 0.466 o 326 0.244 2.470 1.235 I 2.574 2.528·
Ti 21.483 10.741 0.024 0.023
C 30 25 SO 2
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Fig. 8.15: a) Electron probe micrograph of the top layer of the Alloy 37; b) corresponding
X-ray map of Nb; c) corresponding X-ray map of Ti.
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Fig. 8.16: Scanning electron micrograph of the worn surfaces of Alloy 37 after pin-on-disc
abrasion test using SiC (180 mesh) abrasives under 2kg load. showing continous grooves and
micromachining process.
Fig. 8.17: Scanning electron micrograph of the Alloy 37 after single-pass scratch tests using
Vickers diamond showing an extensive damage due to micromachining process.
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9. MICROSTRUCTURE, ABRASIVE WEAR RESISTANCE AND
STABILITY OF COBALT-BASED ALLOYS
9.1 Introduction
Cobalt-based hard facing alloys have been used extensively for high temperature applications
involving metal-to-metal wear, abrasive wear, impact wear, and for erosion and corrosion
resistance. The alloys are generally of the "Stellite" variety, containing large additions of
chromium and other alloying elements. The first Stellite alloy was developed in 1900 by Elwood
Haynes, with the nominal composition Co-28Cr-4W-l.IC (wt%), now referred to as Stellite 6.(1)
Since then, new alloys have been developed, and there are at least 20 Stellite alloys in common
use. The alloys can be classified into two main groups;
i) the original Co-Cr-C- W alloys, which are used extensively for elevated-temperature wear
applications;
ii) alloys in which the Co, Cr, and W rich matrix has been modified either by the addition of
Mo, and Ni or Fe, C, Si and B for high temperature applications involving heavy impact wear
conditions.(l)
The microstructures of Stellite alloys vary considerably with composition. They may either be
in the form of a hypoeutectic structure consisting of primary dendrites of a Co-rich solid solution
surrounded by eutectic carbides, or of the hypereutectic type containing large idiomorphic primary
chromium-rich carbides and a eutectic. Among the alloying elements, carbon is found to have a
large influence on the microstructure, causing a change from hypoeutectic to a hypereutectic
alloy.(3) Carbide forming elements such as tungsten (which forms W6C type carbides) may reduce
the amount of carbon required to reach the eutectic composition. Cr, Mo, and Ware found to
partition into both the carbide and matrix phases. Solid solution strengthening is also improved
significantly by the addition of these alloying elements, and this in turn increases the abrasive
wear resistance. The influence of the other alloying elements such as iron and nickel is explained
through their effect on the stacking fault energy (SFE).(4X5) The matrix in Co-based alloys can be
either in the face centred cubic (fcc), or hexagonal close packed (hcp) form depending upon the
chemical composition, temperature and applied stress. It has been reported that the wear
characteristics of the fcc and hcp phases are significantly different(6) so that any alloying element
which stabilises a particular phase influences the wear resistance. This matter will be discussed in
detail later on in the text.
Cobalt-based hardfacing alloys can be deposited by a variety of welding techniques such as
manual metal arc (MMA) welding, tungsten inert gas (TIG), and oxyacetylene processes.
However, in recent years the use of laser cladding has found many applications in different
areas.(7) In this chapter we review the literature concerning the effect of the microstructure on the
abrasive wear resistance by considering the effect of deposition techniques. Secondly, the
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microstructural characteristics of Stellite 6 alloys deposited by MMA welding, TIG, and laser
cladding processes will be examined. Wear test and scratch test results will also be discussed, and
the relationship between microstructure and abrasive wear resistance will be considered. Finally,
the high temperature stability of the alloys deposited by different processes will be discussed.
9.2 Effect of Carbides on Abrasive Wear Resistance
As discussed in the chapter on iron-based hard facing alloys, there is no simple proportionality
between the abrasive wear resistance and hardness in multi phase alloys. The relationship must
partly depend on the behaviour of individual phases. Although the carbides in cobalt-based
hardfacing alloys contribute to wear resistance primarily through their high hardness, the volume
fraction, shape, morphology, and the strength of the carbide/matrix interface have also been found
to play a significant role.(8) Abrasive wear resistance is also strongly influenced by the type of
abrasive particles. (8)
9.2.1 Effect of Carbide Size
The effect of carbide size on abrasive wear resistance has been studied extensively in two
cobalt-based powder metallurgy alloys, Stellite 6 and Stellite 19.(9X'0)'An advantage of the
sintering technique is that it is possible to obtain carbides of different sizes simply by changing
the sintering temperature. Scratch tests were carried out by Shetty et al. (I 0) on two alloys prepared
by sintering with microstructures containing fine, medium, and coarse chromium rich
M7C3 carbides in a cobalt-rich fcc matrix. They performed both single-point and multiple-pass
scratch tests by using single quartz abrasive particles and regular-shaped diamonds as scratch
tools. Single-pass diamond scratch experiments in relatively large carbide containing alloys
showed that the scratch width in the M7C3 carbides is smaller than that in the matrix due to the
high hardness of the carbides (:::: 1500HV). However, ploughing of the matrix phase indicated
that a cutting action is not the only mechanism for removing the entire groove volume.
Additionally, some carbide ploughing was also observed at the edges of the carbides as a result of
gross plastic deformation. In the large M7C3 carbides, cracks, which were perpendicular to the
scratch groove direction were observed, and the separation of the carbide matrix interface was
seen especially in heavily cracked carbides. On the other hand, in the fine carbide containing
alloys the passage of cracks containing several small carbides was observed for both diamond and
quartz scratch tools. In both cases, large pits and cracks between adjacent carbides were observed.
They suggested that pit formation probably occurs at the places where the average intercarbide
distance is smallest, and where a local stress field favours cracking along the carbide-matrix
interface. Therefore, the strength of the interface was emphasised as an important parameter
influencing the material removal mechanism, especially for the fine carbide containing alloys.
Stellite 6: Co-28ACr-1.35C-4A2W -1. 73Fe-1.16Ni-O.98Si-O.04Mn-O.13Mo-O.57B
Stellite 19: Co-31A2Cr-2.36C-IO.08W -1.82Fe-2.0Ni-OASi-O.11Mn-6.97Mo-O.19B(wt%).
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However, it should be borne in mind that closely-spaced carbides were reported to have a
beneficial effect on the abrasive wear resistance by supporting the matrix, and reducing the ability
of the matrix to undergo plastic flow.ol) Therefore, the optimum conditions should be examined
whilst considering the other factors, such as applied stress, abrasive size, abrasive shape, and
matrix phase and carbide/matrix interface strength. For example, if we assume that the carbides
are strong enough to resist abrasives, and if abrasives are small, hard and sharp enough to
penetrate the matrix phase between two adjacent fine carbides, the material removal mechanism
will be controlled mainly by the matrix phase. If the matrix phase is easily abraded, support to
the carbides will decrease resulting in a carbide/matrix interface more vulnerable to cracking.
Also, if there is poor carbide/matrix bonding, and if local stresses favour initiation of a crack at
the interface, then particle decohesion is almost inevitable. On the other hand, if the abrasive
particles are not small enough to penetrate a matrix phase between two adjacent carbides, the
wear rate will depend on the rate of removal of the carbides. The hardness of the carbide and
abrasive, carbide size, carbide volume fraction, abrasive type, abrasive angularity and other
parameters then have to be considered in detail. In the work of Shetty et al.,(lO)although carbide
cracking was observed with both diamond and quartz tools, cracking was much more dominant
with the diamond tool. Also, there was no evidence of carbide ploughing and deep cutting of the
carbides with the quartz abrasive. This result indicated that if abrasives are harder than carbides, a
greater amount of damage would be expected compared with the case of softer abrasives. The
abrasive shape also plays an important role. If abrasive particles have a greater angularity, they
may cause deep cutting of carbides, which could be spalled off, resulting in a poor abrasive wear
resistance.(8)
Shetty et al.(12)have also examined the effect of carbide size on abrasive wear resistance using
a scratch test with Al203 abrasive particles, and a Vickers diamond pyramid.(IO) For a structure
containing fine carbides, they observed the complete removal of small carbides within chips of
debris. For microstructures with coarse carbides, the abrasive particles must cut the carbide phase
to remove them since the scratch groove dimensions are smaller than the carbides. In the latter
form, wear resistance was found to be greater, although some direct carbide cracking was
observed. In the case of coarse carbide containing alloys, micromachining chips were found to be
shorter and narrower than that of fine carbide containing alloys. This is experimental evidence for
the fact that chip formation is much easier in relatively fine carbide containing materials. Similar
results were reported by Desai et al.(9)using low-stress abrasion tests with Al203 abrasive, and by
Kosel et al.(8)(13)in the rubber wheel abrasion test (RWAT) by using both Al203 and Si02
abrasives. They showed that in the fine carbide-containing alloys, small carbides are subjected to
direct carbide removal resulting in large pit formation and poor wear resistance. Kosel et al.(13)
examined the abrasive wear resistance of Co-based alloys that consisted of M7C3 and M6C
carbides in the fcc matrix. Using the RWAT with Si02, the alloy 98M2 (Co-30.57Cr-2.l2C-
17.l5W-4.04Ni-3.09Fe-3.82V-0.5ISi- 0.23Mn-0.24Mo-0.66B wt%), which has both the highest
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volume fraction of carbides and highest macrohardness, showed relatively poor abrasion resistance
compared with the other alloys. Examination of the worn surface suggested that very small M6C
carbides had pulled out, and this probably increased wear rate by contributing additional abrasive
particles.
Abrasive wear resistance of cobalt-based alloys has also been investigated when the alloys
have been deposited by weldingY4) Among the welding techniques, alloys deposited by
oxyacetylene welding were found empirically to be more abrasive wear resistant than those
deposited by other techniquesyxl5) For instance, the abrasive wear volume loss of oxyacetylene
weld deposits was reported several times lower than that for TIG. This was attributed to the
presence of larger carbides, induced by some pick-up of carbon from the oxyacetylene flame. The
effect of the carbide size was much more apparent in the work of Antony,(l) who performed the
dry sand RWAT in a wrought Haynes alloy 6B, and in a compositionally equivalent Stellite alloy
6 deposited by the gas tungsten arc welding (GTAW) technique. For the wrought alloy, the
abrasive wear volume loss was found to be 5-10 times lower than that of the GTAW deposit. He
suggested that carbides coalesce, and grow during the hot-working process, leading to higher wear
resistance. Similar results were found by Silence,(lS) who compared the abrasive wear resistance of
Stellite 6 deposited by oxyacetylene and TIG techniques. The abrasive wear volume loss in the
oxyacetylene deposit was found to be more than two times lower than that of TIG deposit.
Furthermore, when a Haynes Stellite alloy No. 6K (Co-30.12Cr-1.62C-2.09Fe-1.28Mn-0.8Mo-
2.37Ni-4.29W) was subjected to different heat treatments in order to compare the effect of
average carbide diameter on the abrasive wear resistance, the abrasive wear volume loss was
found to decrease with an increase in mean carbide diameter. He suggested that hardness is not a
reliable indication of the abrasive wear resistance due to the roughly inverse proportionality
between the hardness and the size of carbides. However, in similar alloys it has been shown that
the hardness of the alloys was approximately independent of carbide size for a given carbide
volume fraction.(9) The increase in the abrasive wear resistance in the work of Silence is probably
associated with the increasing ratio between groove depth and carbide size as carbide size
decreases.
9.2.2 Effect of Carbide Volume Fraction
One would expect to get better abrasive wear resistance with a higher volume fraction of hard
carbides. However, under circumstances where carbides break, spall, or are pulled out, a decrease
in wear resistance can be observed due to a high weight loss. A relevant example can be found
from a study of six different Stellite cobalt-based powder metallurgy alloysY3) The alloys
consisted of fcc cobalt rich matrix containing solid solution strengthening elements, and M7C3,
and M6C carbides. They performed the RWAT with Si02 and Al203 abrasives, simulating low-
stress abrasion, and a gouging abrasive wheel test (GAWT), which simulates gouging abrasion
conditions using a bonded Al203 abrasive wheel. In the Si02/RWAT and GAWT tests, a
minimum in wear rate occured at around 0.5 carbide volume fraction, whereas for the
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Al203/R WAT the weight loss was found to decrease monotonically with carbide volume fraction.
The decrease in the weight loss with Si02 abrasive after 0.5 volume fraction of carbides was
proposed to be due to the interactions between hardness. and carbide size but the interpretation is
difficult because the alloy with the highest carbide volume fraction and highest macro hardness
also had the poorest wear resistance. Worn surface analysis suggested that very small M6C
carbides are pulled out of the matrix and this decreased wear resistance by contributing to the
abrasive particles. The work of Shetty et al.o2) discussed earlier indicates that pit formation at fine
particles may also contribute to enhanced wear.
The decrease in the weight loss with increasing carbide volume fraction for Al203/R WAT
was suggested to be dependent on the angularity of Al203 panicles, matrix strength, and abrasion
resistance of the carbides. Kosel et al.(13)claimed that since Al203 particles have a greater
angularity than Si02 particles, they would penetrate into the matrix phase more effectively. On
the other hand, carbides were effectively cut by the A1203 particles, giving less protection to the
matrix. This also emphasises the importance of the matrix strength. Despite the fact that carbides
were cut, an increase in the abrasive wear resistance with carbide volume fraction is expected
because of a higher hardness of carbides compared with the matrix.
From these discussions it is most probable that the best abrasion resistance can be achieved by
large volume fractions of coarse carbides in a high strength matrix. However, as pointed out in
the chapter on iron-based hard facing alloys, optimum conditions should be examined by taking
into account the other factors such as carbide/matrix interface strength, carbide spacing, carbide
morphology, arlisotropy of the microstructure, and matrix behaviour.
9.3 Effect of Matrix
Since the carbides are discontinuous in the structure, support from the matrix is essential. It
has been shown that sufficient support by the matrix can prevent pulling out of carbides during
abrasionY6)(17X1B)In iron-based hardfacing alloys it is now appreciated that abrasive wear resistance
is increased sigrlificantly when eutectic or primary carbides are well supported by the matrix to
prevent cracking and subsequent material removal. In many cases, especially under heavy
abrasion conditions, cracks first initiate at the carbide/matrix interfaces probably due to high stress
concentrations in these regions. One would think that better abrasive wear resistance could be
achieved with increasing microhardness of the matrix phase. However, although the relationship
between the hardness and abrasive wear resistance in pure metals is straightforward, there is no
simple proportionality for multi component alloys. In abraded surfaces strain hardening is always
present even though the degree of work hardening depends upon material characteristics.
Apparently, strain hardening will increase the hardness of the abraded surface and wear resistance
will be better determined by the hardness of the worn surface. In fact, Richardson(l9) has shown
that wear resistance correlates much better with the maximum hardness of work-hardened
surfaces. A good example was given by Shetty et al.oO)representing the influence of the work
hardening on the wear resistance. In cobalt-based alloys low-stress abrasion with A1203 abrasives
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was performed before the diamond scratch test in their work. Results showed that the width of
the scratches was reduced by a factor of two, due to the work hardening of the surface during the
pre-abrasion test.
The strain hardening degree can be represented by the strain hardening coefficient (n). The
flow curve of many metals in the region of uniform plastic defonnation can be expressed as
follows:
.....(1).
where (J is the true stress, € is the true strain, and K is the strength coefficient.
Larsen-Badse(20) attempted to predict the relationship between abrasion resistance, (R), and the
surface hardness (Hs) by using equation 1. His analysis yields the following relationship:
R = KHsexp(n) ..... (2)
He suggested that the wear resistance will be a direct function of the bulk hardness, if the strain
hardening exponent is constant between the strain corresponding to the bulk hardness indentation,
and the strain corresponding to chip removal.
Strain hardening occurs as a result of interactions of dislocations with each other, and with
barriers, which impede dislocation motion.(21) One of the earliest explanation for the strain
hardening is that dislocations pile up on slip planes at barriers2 in the crystal, and produce a back
stress, which opposes the applied stress on the slip plane. Possible dislocation interactions and
intersecting the active slip plane were suggested as another dominant mechanism for strain
hardening. Mechanical twinning, and the presence of hcp platelets may also contribute to work
hardening in cobalt-based alloYS.(22)(23)Experimental evidence exists showing that in Co-Ni-Cr-Mo
alloys an increase in the work hardening rate occurs as a consequence of the mechanical
twinning, and the strain induced y-€ martensitic transformation.(24) The effectiveness of each
mechanism in tenns of work hardening depends upon the strain increment characteristics of each
process. This concept was studied by Roebuck et a1.,(23)who found the best strengths and
ductilities in extruded Co-W-C alloys with the highest fcc content. They suggested that when the
fcc phase is stabilised defonnation occurs by twinning or slip rather than by y-€ martensitic
transformation. This change in mechanism was thought to be responsible for the highest strength
levels, since fcc twinning is more effective than hcp twinning and y-€ transformation.3 However,
an increase in the strength of the heat-treated alloys was found to be accompanied by an increase
in the hcp content. They suggested that hcp platelets create intergranular planar barriers to slip,
and leads to an increase in the strength values. In such cases planar faults were suggested as
being as important as the relative proportions of fcc and hcp phases.
2 Such barriers could be microscopic precipitates, and foreign atoms, or sessile dislocations, which do not lie on
the shear plane and act as a barrier to dislocation motion.
The lattice strains needed to produce a twin configuration are smaller than the strain-induced "'(-£ transformation.
Therefore, if the strengths of twin interfaces and phase boundaries are equal, twinning produces a higher work
hardening rate. If the strengths of twin interfaces in fcc and hcp cobalt are equal, then fcc twinning produces
greater work hardening than hcp twinning does, since the rate of the fcc twinning formation is higher than that of
hcp twinning formation.
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.....(3)
boundary strengthening. Grain
increase the yields stress. The
Defonnation mechanisms apparently depend upon the applied stress, temperature and stacking
fault energy (SFE). For instance, in Co-Ni-Cr-Mo alloys it was shown that at room temperature
the Y-E transfonnation is induced by plastic defonnation for SFE between 10 and 15mJ/m2y.4)
Beyond 20mJ/m2 twinning occurs and continues as a defonnation mechanism up to SFE
:::: 5OmJ/m2 . It is apparent that SFE has a significant influence in changing the defonnation mode.
The excellent erosion resistance of cobalt-based Stellite alloys is generally attributed to the low
SFE,<2.1X26)(27)which in turn means higher stacking fault probablity and a greater chance for the
fonnation of e hcp platelets. The lower the SFE (the greater the width of the stacking fault) the
more difficult cross-slip is, and is higher the rate of work hardening and the strain to fracture.
Bhansali and Miller2.1) examined the role of SFE on the galling and wear behaviour of Stellite 6
modified by the addition of Ni, which in turn increases SFE and stabilises the fcc matrix. Their
results showed that materials with low SFE tend to strain harden rapidly, and to show the highest
galling resistance. However, abrasion wear resistance, and impact resistance were not found to
depend on the SFE, because these depend more on the total carbide content, rather than the
matrix composition.
Another possible matrix strengthening mechanism is grain
boundaries act as barriers to dislocation motion, and therefore
famous Hall-Petch equation gives this relationship as:
a = a· + k'D-1/2o 1
where ao is the yield stress, ai is the friction stress opposing dislocation motion, k' is the
unpinning constant, and D is the grain diameter.
The beneficial effect of reducing the primary dendrite arm spacing on the tensile strength.(28)
and impact strength(29) is experimentally established. Grain boundaries impede the propagation of
deformation-produced microcracks resulting in a high strength. Abrasive wear resistance is found
to be better in the finer dendrite containing alloYS.(30)Also, in cobalt-based Stellite alloys with
laser fused coating the hardness was found to be higher than that of conventional hardfacing
deposits. This is attributed to the fine eutectic carbide microstructure resulting from rapid
solidification. (31)
Matrix strength can also be increased by solid solution strengthening. Although various factors
contributing to solid solution strengthening have been considered, the Suzuki interaction4 could be
an important factor in such heavily faulted alloys. A good example was given by Kosel and Fiore
in cobalt-based powder metallurgy alloys Stellite 6, and Stellite 19. The major difference between
the alloys was that alloy 19 had a higher amount of solid solution strengthening elements (W and
Mo) giving a greater matrix microhardness. Although alloy 19 had a slightly higher carbide
volume fraction, the observed greater wear resistance of the alloy 19 was attributed to the higher
solid solution strengthening. They also suggested that a high strength matrix can provide a better
support to the carbides, and prevent subsequent pulling out of fine particles.
4 Suzuki interaction occurs primarily as the interaction between partial dislocations and the solute atoms.
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The influence of the matrix strength is greater when more angular abrasives are used. The
abrasives with a greater angularity can penetrate into the matrix between carbides more effectively
than the rounded panicles. This may give rise to a less protected carbide, and a carbide/matrix
interface which is more vulnerable to cracking.
9.4 Allotropic Phase Transformation and the Influence of Alloying Elements
Pure cobalt exists in two allotropic modifications; it is face-centred-cubic ("() at high
temperatures and hexagonal closed packed (e) at low temperatures. This allotropic transformation
occurs at 4170C in pure cobalt and the general characteristics of this transformation are:
- it is essentially athermal in nature, and occurs by shear,
-during cooling and reheating the transformation is seen to be reversible, on cooling
"(->e occurs at 3900C and is referred to as the Ms temperature, reverse reaction e->"( occurs at
4170C and is referred to as the As temperature,l32l
- the amount of e depends on the purity and grain size,
- in pure cobalt, fine grain size inhibits the "(->e reaction,
-during transformation surface tilts and upheavels are observed. The crystallographic
relationships between fee and hcp phases are:
{111}//{0001}e
<112>/ / <loIo>e
The mechanism of martensitic transformation in pure cobalt and cobalt-based binary has been
studied by many investigators.(33·37)There are several models which are proposed in order to
explain the actual fcc-hcp phase transformation. Basinski and Christian,(35) proposed a model
which suggests that, if a major dislocation emerges from hcp lattice, it may dissociate in the fee
region as follows:
c [00.1]= a/2 [110] + a/2 [011] + a/6 [121]
The first two dislocations are perfect and they can both glide. The third dislocation is the
transformation dislocation which moves in the (111)"( plane. As the transformation dislocation
rotates about the node, the hcp region is extended by two atomic planes for each complete
revolution. But this theory does not explain how the hcp nuclei form, as the authors emphasised
in their original paper. Bollmann(33) suggested a model which was based on the intersection of
stacking faults. He proposed that if two stacking faults which are differently oriented join to each
other, especially when kinetic energy and stress are available, new stacking faults are created due
to the localized stress produced at the intersection. The new stacking fault may intersect with
another fault, and thus transformation continues by the formation of new stacking faults.
Bollmann(33) explained the multivariant transformation in the same sample with this theory, by
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showing the high stacking fault density in the hcp regions and low stacking fault density in the
untransformed fcc region. Fujita and Ueda(37)studied a 18/8 type stainless steel, and proposed a
model in which stair-rod cross-slip plays an important role. In this theory, when slip has occurred
on the primary slip plane and glide dislocations are dissociated into Shockley partials, under the
influence of high stress on the intersecting slip plane, Shockley partials may dissociate into a
stair-rod and a Shockley partial glissile. If this process is repeated on parallel slip planes
separated by two layers, an hcp region could form. Mahajan et al.(36)studied Co-6.25 Fe (wt%),
and proposed a model for fcc-hcp transformation. They suggested that the dislocation reaction
a/2 <lio> + a/2 <loi> 3 a/6 <2ii>
may govern the nucleation of six-layer hcp crystal, and the macroscopic hcp region forms when
these nuclei, located at different levels, grow into each other. They explained the coexistence of
fcc twins and hcp regions, and orientation dependence of strain-induced hcp martensite with this
theory.
Rajan(38)studied phase transformations in a wrought Co-26.7Cr-5.5Mo-0.15C (wt%) alloy. He
showed that fcc-hcp transformation occurs in two stages, coincident with a discontinuous
precipitation of M23C6 carbides, during isothermal aging treatments at 750°C. He observed a
heavily faulted hcp structure, after short time heat treatments, oriented with fcc structure
({000 l}hcp 11 {Ill} fcc ), and after 20 hours another morphology of hcp phase with low fault
density appeared. This new form of hcp had no systematic crystallography at its interface with
either of the first formed hcp and fcc phases.
The addition of alloying elements alters the thermodynamic stability of the fcc and hcp phases
by either enlarging or constricting their fields. These alloying elements will also effect the
martensitic transformation by influencing the Ms and As temperatures. The effect of alloying
additions on the fcc-hcp transformation in cobalt as a function of solubility in fcc cobalt is given
in Fig. 9.1.
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Fig. 9.1 Effect of alloying elements on the fcc-hcp transformation in cobalt as a function of
solubility in cobalt.(39)
Ni, Mn, and Fe have a strong effect on the SFE, stabilizing the fcc allotrope, but Mo, W, and
Cr tend to stabilize the hcp allotrope and decrease the SFE. Fig. 9.1 has been utilized successfully
in the development of cobalt-based superalloys, and it is also a guideline for an alloy selection in
hardfacing applications.
9.5 Phase Stability
Cobalt-based hardfacing alloys contain a variety of preCIpItates such as carbides and
intermetallic compounds (e.g. geometrically close-packed (GCP), and topologically close-packed
(TCP) type structures). The stability of these phases depends on the bonding mechanism and
atomic arrangement Some cobalt-based hardfacing alloys (e.g. Tribaloy T-800; Co-28Mo-17Cr-
3Si wt%) consist of Laves phase which is a type of TCP intermetallic compound. These alloys
have been used successfully under heavy metal-to-metal wear conditions. The extent of the
stability of the Laves phase and other intermetallic compounds (e.g. sigma, mu, pi) belonging to
the TCP structures have been computed by the Phacomp phase computation method.(9) A flow
diagram for the Phacomp procedure for superalloys is illustrated in Fig. 9.2. TCP phases are
electron compounds in which bonding is promoted by electron vacancies in the 3d subshells of
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TCP forming transition metals (e.g. Mo, Cr). Therefore, the procedure is based on the calculation
of "average electron vacancy number" as a function of alloy composition and then by establishing
a critical number above which TCP phases will be the stable phase. Co-30Cr-4W-1.0C (wt%)
alloy was chosen as a reference alloy in this study and the effect of Si, Mn, Mo, Fe and Ni (up
to 7wt%) on the probability of TCP phase formation was computed.s Electron vacancy numbers
of alloying elements are given in Table 9.1. In the reference alloy the microstructure consists of
primary 'Ydendrites and interdendritic M7C3 carbides so that electron vacancy concentration of
the fee matrix phase was calculated using the mole fractions given in Table 10.1 for the MMA
weld deposit. The results are given in Fig. 9.3. Probability 1 in the figure means that Nv is equal
to Nvcrit so that any value above that indicates that TCP phase formation is possible. The degree
of the stability of the matrix phase is represented by the curve which is below the probabilty of
1; the smaller the probability, the higher the degree of matrix stability. The results are consistent
with the observations showing that Si, and Mn are the most effective alloying elements in
stabilising the TCP phases among the alloying elements considered.
PHASE COMPUTATIONMETHOD
Composition of matrix:
Alloy· Precipitates = Matrix, ci --4---,
Electron vacancy concept'
Electron vacancy nu~bers for
various elements = /lrIv
Calculation of electron vacancy number of
matrix:
Problems:
Amount of precipitates
Composition of precipitates
N~ of all alloying elements
Selection of N:;rit, effects
of composition and temperature
Fig. 9.2 Flow diagram for the Phacomp procedure.(39)
Probability is defined a.s the ratio of electron vacancy concentration of the matrix to the critical electron vacancy
concentration, Nv/Nv cnt. The critical electron vacancy concentration for the TCP phase formation is assumed to
be 2.5, which is consistent with a great number of experimental observations.t39)
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Table 9.1: Electron vacancy number of alloying elements.(39)
Al ...
Ti,Si ..
Cr,Mo,W ...
Mn .
Fe .
Co .
Ni .
7.66
6.66
4.66
3.66
2.66
1.71
0.66
1.2
..5L
c J1n0
.-J
--'
0 J'1oE
L 1.1
0 Fe~
ID .NLIn
0
L
c...
CL 1.0U
f--
~
0
::n.•...
•-J
---J
.-J 0.9...0
0
...0
0
L •....
CL
.....•
0.8 80 2 4 6
.. ;. of SL,NL,Fe,Mo,Mn Ln Co- 30Cr-4W-l Cw ~ •
Fig. 9.3 Effect of alloying elements Si, Mn, Mo. Fe and Ni on the probability of TCP phase
formation in Co-30Cr-4W-1.0C (wt%) alloy.
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9.6 Conclusions
In a microstructure consisting of a mixture of carbides in a soft matrix, it is approximately the
case that the hard carbide particles provide the resistance to abrasion whereas the tough matrix
serves the role of binding the relatively brittle carbides. Both the matrix and carbide phases have
to contain sufficient chromium to make the alloy corrosion and oxidation resistant. Since the
matrix phase loses its strength more rapidly with an increase in temperature, it has to be solid
solution strengthened for elevated temperature service (hence the tungsten addition).
The size of the carbide particles becomes particularly important when compared with the
width of wear grooves created by abrasion. If the size is comparable to the width of the grooves,
then experiments suggest that the carbides may be removed completely into the chips which are
created as a consequence of the micromachining processes associated with groove formation. It
has also been reported that when the matrix-carbide interface is relatively weak, the detachment
of fine carbides can leave behind a pitted surface with poor wear resistance. An advantage of
closely-spaced (presumably finer) carbides may be that they strengthen the matrix, thereby
reducing its rate of erosion by abrasive particles; however, this can only be significant at very
small particle sizes and it is probably better to strengthen the matrix by other mechanisms such as
solid solution alloying, which do not entail an undue reduction in carbide particle size. Relatively
coarse carbides have to be damaged extensively before they substantially enter the wear debris.
These factors are important since any carbides introduced into the debris can themselves act as
abrasives and enhance the wear rate.
When abrasive particles are much harder than the carbide, the large carbides can undergo
considerable deep cutting, spalling and cracking; in these circumstances, the carbide particle size
should not be excessively large compared with groove width, and the toughness of the carbide
becomes important.
During low-stress abrasion, an increase in the volume fraction of carbides (from 0.3 to 0.5)
leads to a corresponding increase in the macroscopic hardness of the alloy and in the wear
resistance. This relationship must have a maximum, perhaps corresponding to a point where there
is a loss of contiguity in the matrix phase, but this issue does not seem to have been investigated.
During gouging (Le., aggressive abrasion), the wear rate initially decreases with the volume
fraction of carbides, but subsequently begins to increase due to the fracture, spalling and pull-out
of carbide particles.
The critical role of the tough-matrix in supporting the carbides. and the fact that the matrix
has to be reasonably resistant to abrasion has been emphasised in many studies. Unlike the
carbides, the matrix is able to undergo considerable plastic deformation prior to fracture.
Consequently, it is the hardness of the work hardened surface which correlates with improved
wear resistance. For cobalt-based Stellite alloys, the matrix is face-centered cubic in crystal
structure, but its thermodynamically stable form is hexagonal close-packed (hcp). The fcc~hcp
transformation can occur by faulting on every second plane in a stack of close-packed planes.
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Consequently, the stacking fault energy of the fcc matrix is relatively low, 10-50 mJm-2, giving
rise to partial dislocations and a high work hardening rate. Alloying elements which reduce the
stacking fault energy increase the work hardening rate and the resistance to heavy abrasion
(galling) and erosion; however, low-stress abrasion wear resistance, which depends more on the
total carbide content, is not greatly influenced by stacking fault energy.
The addition of alloying elements alters the thermodynamic stability of the fcc and hcp phases
by either enlarging or constricting their fields. Among the alloying elements, Mn, Ni and Fe have
a strong effect on the SFE, stabilizing the fcc allotrope, on the other hand Mo, W and Cr stabilize
the hcp phase and decrease the SFE.
The stability range of the intermetallic compounds in Co-based hardfacing alloys varies as a
function of chemical composition. Si and Mn are the most effective alloying elements in
stabilising these compounds.
Finally, a refinement in the scale of microstructure is known to have beneficial effects on the
abrasive wear resistance and mechanical properties, although the earlier reservations about too fine
a carbide size must be borne in mind.
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10. COMPARISON OF THE MICROSTRUCTURES OF STELLITE
HARDFACING ALLOYS DEPOSITED BY ARC WELDING AND
LASER CLADDING
10.1 Introduction
Cobalt-based hardfacing alloys are used in applications requiring good wear, oxidation and
corrosion properties during service at elevated temperatures. (1,2) In their commercially available
forms, they most commonly derive their hardness from the presence of a high volume fraction
(= 0.2-0.3) of carbides and are referred to as Stellites. The cobalt-based hardfacing alloys are the
most popular within the Stellite range; their typically composition is Co-28Cr-4W-1.IC wt.%, and
they can be deposited by processes such as arc welding, laser cladding etc. The first phase to
form during cooling from the liquid state consists of unfacetted cobalt-rich dendrites with a face-
centered cubic (fcc) crystal structure. The remaining liquid eventually solidifies by a eutectic
reaction into an interdendritic, intimate lamellar mixture of the fcc phase and (Cr, Co, W) C
7 )
eutectic carbides. The carbide is chromium rich with a typical composition (Cr Co W ) C ,
0.85 0.14 0.01 7 )
depending on alloy composition and cooling conditions; it is henceforth referred to as
M7C) carbide.
The relationship between microstructure and wear properties can be confusing and is not well
established; indeed, wear is not just a property of the hard facing alloy, but also of the type of
abrasive involved and of the specific wear process (impact, corrosion-erosion etc.).<)-6)It is
therefore emphasised at the outset that the microstructure is just a part of the wear problem. On
the other hand, it is well established that the microstructure is an important component in
determining the properties of hardfacing alloys, and since at least a working hypothesis is
necessary in any alloy design procedure, the microstructure-wear relationship for cobalt-based
alloys was reviewed in Chapter 9.
The specific purpose of this chapter is to examine any differences in microstructure between
cobalt-based hardfacing alloys deposited by three different techniques: manual metal arc welding,
tungsten inert gas welding and laser cladding. In Chapter 11 the microscopy of wear in the same
alloys will be examined.
10.2 Experimental Methods
The experimental alloys were deposited using three different processes: manual metal arc
(MMA) welding, tungsten inert gas (TIG) welding and laser cladding.
The MMA welds were deposited in three layers, on a base plate of 4cm thickness. The top
layer could therefore be examined in an essentially undiluted condition. The welding was carried
out using 4mm diameter electrodes, the deposition conditions being 160A, 23V (AC), with a
welding speed of about O.OO4ms·\and an interpass temperature of about 3500C. The nominal
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electrical energy input is therefore 92OJmm·1• The compositions of the base plate and of the top
layer are given in Table 10.l.
Each of the TIG and laser clad specimens was deposited in five layers in the fonn of five
overlapping Stellite 6 tracks, each track overlapping a previous track by 20%, three of the tracks
fonning the first layer with the second layer consisting of the other two tracks. The laser operated
at 4kW power and 5mm beam diameter, the deposit being shielded by helium. The workpiece
speed was 0.5m/rnin, the wire being inclined at an angle of 45° into the leading edge of the beam.
The l.2mm diameter wire (Stellite 6, Table 10.1) was fed in at lm/min.
TIG welding was carried out using a 2.4mm diameter 2% thoriated tungsten electrode, 1O-l2V
DC (electrode -ve), l50A current, 5mm electrode stickout, lOmm diameter nozzle, a torch angle
of 10° from the vertical and a rod angle of 10° from the horizontal. The nominal heat input is
estimated to be about 660J/mm. The composition of the 3.2mm diameter Stellite 6 rod used is
given in Table 10.1; an Argon shielding gas was used, the flow rate being 6.7xlO's m3s·1•
Note that the deposition conditions used for this work are typical for each of the three
processes, the aim being to compare the processes in their current state of development. The
thickness of the deposits obtained are 12, 3 and 2mm for the MMA, TIG and laser clad samples
respectively.
Metallographic specimens, both cross-sections nonnal to the welding direction and longitudinal
sections from the top layer were etched using a solution of 100ml water, 10ml nitric acid, 50ml
HCI and 109 iron chloride. Vicker's hardness measurements were carried out on these samples
using 5g and 95g loads. The backscattered imaging technique of scanning electron microscopy
was used in order to observe any segregation of tungsten; highly polished and unetched samples
were prepared for this purpose, in order to avoid topographic contrast.
Thin foil specimens for transmission electron microscopy were prepared from == 1.5mm thick
discs spark-machined from the TIG and laser clad deposits; for the MMA deposits, discs were cut
from 3mm diameter rods machined from the top layer. They were subsequently thinned and
electropolished in a twin-jet polishing unit using a 20% perchloric acid, 10% glycerol, and 70%
ethyl alcohol at OOC and 35 volts. The foils were examined using a Philips EM 400T
transmission electron microscope operated at 120kV.
Microanalysis experiments were also carried out using this microscope, with an energy
dispersive X-ray analysis facility. The specimens were held in a beryllium holder tilted 350C
from the nonnal, this angle being the take-off angle. The X-ray count rate was optimised at about
900 counts/s over a count period of lOOs,giving a typical statistical accuracy of about 1%. The
data were analysed using the LINK RTS-FLS program for thin foil microanalysis, this corrects
the data for atomic number, and absorption, and accounts for overlapping peaks by fitting
standard profiles. However, it should be noted that due to the strong absorption of the tungsten
"M" line, and to avoid overlap with the Si Ko. line, the tungsten "L" line was used during the
analysis of the X-ray spectra. Even though the probe diameter used was about 3nm, beam
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spreading due to the scattering of electrons within the thin foil gave an estimated broadened beam
diameter of "" 2Onm. Since the interdendritic M7C3 carbides in the TIG and laser clad samples
were of the order of 200m in size, a scanning transmission electron microscopy mode was used
during microanalysis, providing access to smaller spot sizes. It should be noted that the
microanalytical system used cannot cope with light elements such as carbon, so that the results
(Z) are quoted throughout as atomic percentages of the total substitutional alloy content.
Table 10.1: Chemical compositions (wt.%).
MMA MMA TIO TIO Laser Laser
Base Deposit Base Wire Base Wire
C 0.094 1.19 0.16 1.39 0.17 1.37
Si 0.55 0.72 0.28 1.06 0.27 0.94
Mo 0.71 0.08 0.83 0.76 1.26
Ni 2.67 0.03 0.22 0.03
Cr 28.91 0.05 27.5 0.07 29.9
Mo 0.01 0.16 0.01 0.08
W 4.81 4.82 4.90
Co 58.53 62.24 57.33
Fe 98.65 3.08 98.49 2.76 98.62 4.30
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A thin foil thickness correction was found necessary to account for atomic absorption. The
thickness was in each case measured using the two beam convergent beam electron diffraction
technique proposed by Kelly et al .. m This method is capable of giving an accuracy of 2% or
better and has the additional advantage that the thickness can be measured locally in the area of
interest. This method is based on the equation derived from the two beam dynamical theory of
electron diffraction. The equation yields;
(Si / ni ) 2 + (1 / ni) 2 (1 / ~g) 2 = 1 / t 2 . . . . . (1)
where, ~g is the effective extinction distance, t is the specimen thickness, Si is the deviation of
the ith minimum from the exact Bragg position, and ni is the integer.
Si is given by;
S· = A. /d2 (L. / L ) ..... (2)~ ~ 0
where,
A. = wavelength of the incident beam,
d = spacing of the reflecting planes,
Lo = distance from the centre of the diffracted beam profile to the centre
of the transmitted beam,
Ll, ~, ... = distances from the centre of the diffracted beam profile
to each of the successive minima.
Fig. 10.1 shows the two beam diffraction pattern and the distances explained above by using
(113) reflection of the fcc matrix, and Table 10.2 gives (Li / Lo) distances corresponding to
Si values. Plotting (Si / ni)2 against (1 /ni)2 gives the thickness (or more strictly 1 / t2) as the
intercept on the (Si / ~) axis. The slope of the straight line gives a value for the extinction
distance ~g' It is necessary to establish the value of nI' Le. the value for the first minimum. For a
thin foil that is between m~g and (m + l)~g thick the appropriate value of ~ is m + 1, and the
successive ~ values are m + 2, m + 3, etc. The choice of the correct value for nl can be
obtained from a trial plot of (Si / ni)2 versus (1 /~)2. This will only give a straight line when
the correct nl is selected. Table 10.3 gives the calculated (Si / ni)2 and (1 /~)2 values for i =
1, 2, 3, 4, and 5. The regression analyses were carried out using the data given in Table 10.3 and
the best fit to a straight line (which is determined by the correlation coefficient, r) was observed
for nl = 3, (Table 10.4) corresponding to a foil thickness of 1183 A (Fig. 10.2).
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Fig. 10.1: a) Magnified image of a two beam convergent beam diffraction pattern taken from the
fcc Co-rich matrix; b) showing minima corresponding to the diffracted beam.
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Table 10.2: Measured (Li / La) and corresponding Si values using the (113) fee reflection of the
fee rntrix.
L;/Lo cl Sj
1 0.029 1.11 x 10-3
2 0.0639 2.44 x 10-3
3 0.093 0.03347 A 1.0685 A 3.55 x 10-3
4 0.116 4.44 x 10-3
5 0.145 5.55 x 10-3
Table 10.3: (Si / I1j)2 and (1 /ni)2 values for i = 1, 2, 3, 4, 5, using the data given in Table
10.2.
i=l i=2 i=3 i=4 i=5
nj = 1 (1/nj)2 1
(S;/nj)2 1.236 x 10-6
nj = 2 0.25 0.25
3.085 x 10-1 1.493 X 10-6
nj = 3 0.111 0.111 0.111
1.371 x 10-1 6.636 X 10-1 1.404 X 10-6
nj = 4 0.0625 0.0625 0.0625 0.0625
7.713 x 10-8 3.733 X 10-1 7.898 X 101 1.233 X 10-6
nj = 5 0.04 0.04 0.04 0.04 0.04
4.936 x 10-8 2.389 X 10-1 5.055 X 10-1 7.896 x 10-' 1.234 X 10-6
nj = 6 0.0277 0.0277 0.0277 0.0277
1.659 x 10-1 3.510 X 10-1 5.483 X 10-7 8.570 X 10-7
nj = 7 0.0204 0.0204 0.0204
2.579 x 10-1 4.0286 X 10-7 6.296 X 10-7
nj = 8 0.01562 0.01562
3.084 x 10-7 4.821 X 10-7
nj = 9 0.01234
3.809 x 10-7
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Table 10.4: Correlation coefficients (r) and t values corresponding to each ~.
n1 r t
(A)
1 0.212 864
2 0.9954 1043
3 0.9962 1183
4 0.9939 1304
5 0.9779 1412
Correlation Coefficienl=0.9962
6.0E-07
5.0E-07
~-
........4.0E-07
00-
3.0E-07
2.0E-07
Regression Conslanl=0.7138xl0-
6
0.02 0.04 0.06 0.08
(1 / n )2
I
0.10 0.12
Fig. 10.2: illustration of the plot of (Si I ni)2 versus (1 /nj)2 for NI = 3.
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The error bars quoted throughout the text, for the microanalysis results, are those from the
UNK system and represent a conservative overestimate of the statistical error.
To follow distribution of the alloying elements over a larger scale, some microanalytical
experiments were carried out using an energy dispersive X-ray analysis system on a scanning
electron microscope. The data were corrected for atomic number, absorption, and fluorescence
using the UNK software mentioned earlier.
10.3 Results and Discussion
10.3.1 Dilution
Since the base plates differ in composition from the hardfacing alloys, and since the former
will to some extent melt during welding, the mixing of the resultant liquid with the hard facing
deposit leads to dilution effects.c8,9) The effects of dilution are expected to be greatest in the
vicinity of the base plate although the spread of dilution into the fusion zone must depend on
process variables such as freezing rate, and turbulence and convective flows within the melt pool.
As will be discussed later, dilution has important microstructural consequences. Experiments were
carried out on a scanning electron microscope, to determine the chemical composition variation
along the centerline, across the fusion boundary between the base plate and the first layer.
The results (Fig. 10.3) are significantly different for the three processes; the extent of dilution,
as judged from the composition profiles is found to be "" 7, 2.1 and 1.2mm for the MMA, TIG
and laser processes respectively, and scales with the nominal levels of heat input ("" 920, 660 and
240J/mm for MMA, TIG and laser deposits respectively). The heat input determines to a large
extent the level of penetration so that the results are not surprising, but a consequence of this is
that the zones of plate martensite which form in the diluted regions near the fusion boundary,
decrease in the order MMA~TIG~laser deposit (Fig. lOA). Fig. lOAb illustrates the typical
bursts of martensitic transformation associated with the interdendritic regions near the fusion
boundary. Such martensite is known to be detrimental(lo.ll) since its fonnation is associated with
internal stresses which adversely influence tensile and fatigue strength. and if exposed to the
surface, the corrosion resistance. It should be noted that in the diluted regions where the zones of
plate martensite are found, the martensite has a body-centered tetragonal crystal structure and is
not hcp martensite; this is consistent with the lower concentration of cobalt in the diluted regions.
The microanalytical data discussed above were obtained along the weld centerline; it is
however feasible that the dilution varies along the fusion boundary, since temperature and surface
tension variations can give rise to systematic flows (Fig. lO.5a) within the melt pool ,(12-17) in the
absence of excessive turbulence. Microanalysis experiments were therefore conducted along the
fusion boundary, and the results are presented in Fig. 10.5. It is evident that for the laser clad
samples, consistent with the nature of the expected flow pattern (Fig. 10.5a) , the composition
variation is symmetrical about the centerline with the least dilution associated with the centerline
and the edges of the weld. The variations are not as well defined for the arc welds (Figs 10.5),
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perhaps due to a greater amount of turbulence associated with these processes; the TIG weld in
particular shows the greatest unifonnity of composition along the fusion boundary.
It is notable that in all the welds, the extent of the dilution was always found to be less than
the height of the deposit relative to the base plate, so that the height can in principle be reduced
without influencing the properties of the surface.
Finally, the distribution of tungsten was examined using atomic number contrast on a scanning
electron microscope. since this element partitions strongly into the liquid during solidification. In
Fig. 10.6, the interdendritic regions which appear bright are rich in tungsten; all processes
revealed similar levels of segregation (Figs. 10.3, 10.6). Tungsten segregation has been shown to
be an important factor in influencing the carbide distribution in cobalt-based alloys; the enriched
regions encourage the eventual fonnation of an inhomogeneous distribution of tungsten-rich
carbidesY8)
10.3.2 The Scale of the Microstructure
Metallographic examination of the top layer of each deposit showed that the primary dendrite
arm spacing decreases with the welding process in the order MMA, TIG and laser cladding (Fig.
10.7). Judging from the well established inverse relationship between dendrite arm spacing and
the cooling rate during freezing,(l7)it can be concluded that the freezing rate also increases in the
same order. For reasons which are not clear, the dendrites in the laser deposit are also noticeably
more isotropic and uniform in shape (Fig. 1O.7c); the explanation may lie in the fact that during
solidification, the nucleation rate of dendrites is expected to be higher with welds deposited at
higher cooling rates, so that impingement between adjacent dendrites stifles the development of
highly anisotropic morphologies.
Microhardness tests were carried out on the matrix phase (the indentations being measured
using scanning electron microscopy); the microhardness was found to increase with a decrease in
the scale of the microstructure, which in turn reflects the increase in freezing rate associated with
each process (Fig. 10.8). As is evident from the fine scale microanalytical data presented in Fig.
10.9 (and Table 10.5), there is no significant difference in the level of solid solution strengthening
between the welds, so that the increase in matrix microhardness, and the parallel increase in
macrohardness (Fig. 10.8) arc attributed to the refinement of microstructure with increasing
cooling rate. For the laser clad deposit, it is also evident that the base plate hardness in the
vicinity of the fusion boundary has increased substantially. This is consistent with the higher
cooling rates associated with laser cladding, causing the heat affected zone to transform into
martensite.
10.3.3 Electron Microscopy
Thin foil specimens prepared from the top layers of each deposit in all cases revealed the
same major microstructural constituents for all the welds, Le., cobalt-rich fcc dendrites with a
eutectic mixture of M7C3 carbides and the fcc phase (Fig. 10.10). Transmission electron
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microscopy confiImed that the scale of the microstructure decreased in the order MMA, TIG and
laser cladding.
The fcc matrix phase was in all cases found to contain stacking faults on {Ill} planes, the
stacking fault density being comparable in the laser and MMA samples, but significantly lower in
the TIG sample. Table 10.5 shows that the iron concentration is highest for the TIO sample, and
since iron increases the stacking fault energy of fcc cobalt,(19)a relatively low stacking fault
density is to be expected.
Within the fcc phase of a given sample, faulting seemed to be favoured on a particular variant
of the four possible {l I I} planes (Fig. 10.10). Making the reasonable assumption that the
faults are due to mechanical defoImation, the presence of residual stresses within the deposits
may be responsible for the predominance of faults on a particular variant of the fOIm {Ill}.
Experiments based on the contrast to be expected from different kinds of stacking faults(20)
established that the faults were in all cases intrinsic in character (e.g., Fig. 10.11); this is
consistent with the tendency of the fcc phase to transform to an hcp crystal structure. Intrinsic
faults in effect represent a three layer thick region of hcp phase, compared with the two layer
thick hcp region associated with an extrinsic stacking fault.
The MMA deposit was the only one found to contain fine M2JC6 particles, consistent with the
relatively slow cooling rate associated with this deposit (Fig. 10.12). The particles were in a cube-
cube orientation with the fcc matrix (Fig. 10.12), as is usually the case with such carbides.
Electron diffraction from the M7C3 carbides revealed the presence of streaks (Fig. 10.13b),
which have previously been thought to arise due to faults in the hexagonal structure. Recent
work(21,22)has however established that the streaking reflects the presence of boundaries between
different orientations of domains of orthorhombic structure, and this was confirmed using electron
diffraction (Fig. 10.13a). Fig. 10.13c shows that as expected, the streaks vanish in the [0 0 1]
zone, which also clearly illustrates the orthorhombic symmetry.
Finally, it should be noted that the microanalytical data (Table 10.5, .Fig. 10.9) indicate that
silicon partitions strongly into the matrix phase, as is the case for iron-based hardfacing
alloYS.(23.24)An increase in the overall concentration of silicon could therefore lead to a change in
the morphology and scale of the carbides.(~)
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10.4 Conclusions
Significant variations have been found in the microstructures of cobalt-based hardfacing alloys
deposited using the manual metal arc, tungsten inert gas and laser cladding processes. The welds
were all deposited using the typical conditions associated with each process, and for these
conditions, the differences in freezing rate cause the scale of the microstructure and the degree of
dilution (and the associated zones of plate martensite) to decrease in the order MMA, TIG and
laser cladding. As a consequence, the strength of the microstructure decreases in the reverse order
of process.
Indirect observations based on microanalysis indicate that the laser cladding process involves
less turbulence within the fusion zone; the TIG deposits on the other hand are most uniform in
terms of chemical composition.
The microstructure of the undiluted regions of all the alloys is, as expected, found to consist
of a mixture M,C
3
-carbide containing eutectic, between primary dendrites of a cobalt-rich fee
phase. The tendency of the latter to transform into an hcp phase is reflected in the observed
propensity of intrinsic stacking faults. The distribution of the faults was found to be nonuniform,
possibly due to the presence of residual stresses in all the deposits. The frequency of the faults is
found to correlate with the effect of alloying elements on the stacking fault energy of the fee
phase.
Microanalysis experiments indicated that silicon hardly dissolves in the carbide phase and this
property may be of use in controlling the microstructure.
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Table 10.5: Microanalytical data obtained using transmission electron microscopy and energy
dispersive X-ray analysis. Z refers to the atomic percent calculated without taking account of the
presence of carbon. Notice that Z is very nearly the same as the actual atomic percent for the
matrix, since the amount of carbon in the matrix is rather small, but for the carbide, Z will
represent an overestimation of the actual atomic percent by a factor (1/0.7), assuming that the
MF3 carbide is stoichiometric.
Matrix M7C3
MMA TIG Laser MMA TIG Laser
Zeo 53.3 56.7 58.9 11.65 14.4 15.7
Zo 28.3 24.4 24.9 82.7 76.6 75.7
~ 1.0 0.87 0.9 1.47 2.77 2.38
~ 12.0 15.8 11.7 4.2 6.03 4.54
~ 1.34 1.66
ZSi 2.6 2.23 2.26 0.02 0.2 0.02
~i 2.8 0.11
206
2.
0 • • • •• • • •• • • •0 ••• •0 •
30
•20 •
30 • • • • • • • •• • • •25 • •• ••20
15 • •
60 ..•.
50
..•.
40
30 ..•. ..•...•. ..•.
20 ..•. ..•. ..•.
10 ..•. ..•. ..•. ..•. ..•. ..•. ..•. ..•. ..•. ..•.
12 0 0 0 <:> 0
0 o 0 <:> <:> <:>
to 0 0 0 0 0
.6 <:> 0
8
0 0 0 0 0 0 0 0
o 0 o 00 0 0 02D 0
12 00
Q4
t8
b J;. b
J;. J;. b J;.J;. A '" AJ;. A A I> '"
106
14
'"A
I , I
o
6
5
.§4
2 3 4 5 6 8 9 10 n
Distance mm
a
Fig. 10.3: Microanalysis experiments carried out using scanning electron microscopy and energy
dispersive X-ray analysis. The scans are carried out across the fusion boundary between the base-
plate and the first layer, along the centerline of the weld. (a) MMA; (b) TIG; (c) Laser cladding.
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Fig. 10.3: Microanalysis experiments carried out using scanning electron microscopy and energy
dispersive X-ray analysis. The scans are carried out across the fusion boundary between the base-
plate and the first layer, along the centerline of the weld. a) M11A; b) TIG; c) Laser cladding.
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Fig. 10.3: Microanalysis experiments carried out using scanning electron microscopy and energy
dispersive X-ray analysis. The scans are carried out across the fusion boundary between the base-
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Fig. 10.4: Scanning electron micrographs illustrating the zones of martensite (indicated by arrows)
that form in regions of high dilution. a) M.YlA; b) higher magnification image of the MMA
deposit; c) TIG; d) Laser cladding.
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Fig. 10.5: a) Schematic diagram illustrating the nature of the surface tension driven flow within
the fusion zone, where y is the surface tension and T is the temperature; (b-d) microanalysis
experiments carried out using scanning electron microscopy and energy dispersive X-ray analysis.
The scans are carried out along the fusion boundary between the base-plate and the first layer, at
positions illustrated in the micrographs. b) MMA; c) TIG; d) Laser cladding.
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Fig. 10.5: a) Schematic diagram illustrating the nature of the surface tension driven flow within
the fusion zone where y is the surface tension and T is the temperature; (b-d) microanalysis
experiments carried out using scanning electron microscopy and energy dispersive X-ray analysis.
The scans are carried out along the fusion boundary between the base-plate and the first layer. at
positions illustrated in the micrographs. b) MMA; c) TIG; d) Laser cladding.
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Figure 10.5: a) Schematic diagram illustrating the nature of the surface tension driven flow within
the fusion zone where y is the surface tension and T is the temperature; (b-d) microanalysis
experiments carried out using scanning electron microscopy and energy dispersive X-ray analysis.
The scans are carried out along the fusion boundary between the base-plate and the first layer, at
positions illustrated in the micrographs. b) MMA; c) TIG; d) Laser cladding.
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Fig. 10.6: Scanning electron micrographs of polished specimens, using atomic number contrast, to
reveal the distribution of tungsten in the a) MMA; b) TIG; c) laser deposits. The bright regions
are tungsten-rich.
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Fig. 10.7: Light optical micrographs (longitudinal sections) illustrating the scale of the
microstructure in the top layers of the hardfacing deposits. a) MMA; b) TIG; c) laser cladding.
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Fig. 10.9: Microanalysis experiments carried out using transmission and scanning transmission
electron microscopy and energy dispersive X-ray analysis. a) MMA; b) TIG; c) laser cladding.
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Fig. 10.9: Microanalysis experiments carried out using transmission and scanning transmission
electron microscopy and energy dispersive X-ray analysis. a) MMA; b) TIG; c) laser cladding.
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Fig. 10.10: Bright field transmission electron micrographs from the top layers of each deposit. a)
MMA; b) TIG; c) laser cladding. The diffraction patterns in the insets show that the cobalt-rich
matrix is fcc in crystal structure; the zone axes of the patterns are <1 1 4>, <I 1 3>. and
<0 0 1> respectively.
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Fig. 10.11: Dark field transmission electron micrograph from the top layer of the laser clad
specimen, illustrating the intrinsic character of all the stacking faults. The contrast experiment is
based on the fact that if the origin of the g vector is placed at the fault center in a centered dark
field image. g points away from the light outer fringe if the fault is extrinsic and towards it if is
intrinsic for all {2 0 A}, {2 2 2l, {4 4 O} type reflections. If the operative reflection is one of
the type {4 0 A}, {Ill}, {2 2 O} the reverse is true.
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Fig. 10.12: Dark field transmission electron micrograph and corresponding electron diffraction
pattern (superimposed <1 1 0> zones from both the matrix and carbide phases) showing the
presence of M2JC
6
particles in the as-deposited MMA weld.
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bFig. 10.13: a) Dark field transmission electron micrograph and corresponding electron diffraction
pattern of M
7
C
J
carbide in the manual metal arc weld showing streaking; b) the electron
diffraction pattern has a <0 0 1> zone axis illustrating the onhorhombic symmetry.
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11. COMPARISON OF THE ABRASIVE WEAR PROPERTIES OF
STELLITE HARDFACING ALLOYS DEPOSITED BY ARC
WELDING AND LASER CLADDING
~ 5- f\~~ a-M) ~ ~ ~ t4 b lI'o-<J.a.-1~
11.1 Introduction
In Chapter 10 the presence of systematic microstructural and microanalytical differences were
demonstrated between Stellite cobalt-based hardfacing alloys deposited by manual metal arc
welding, tungsten inert gas (fIG) welding and laser cladding, using typical process parameters.
As a consequence of the differences in nominal heat input (920, 660 and 240 Jrnrn-I for MMA,
TIG and laser cladding, respectively) and associated freezing rates, the scale of the microstructure
and the degree of dilution was found to decrease in the order MMA, TIG and laser cladding, with
the hardness increasing in the same order. Microanalysis experiments also suggested that the TIG
deposits are most uniform with respect to chemical compositions, and due to their relatively high
matrix iron content, tend to be most stable to the transformation from the face-centered cubic
(fcc) to hexagonal close-packed (hcp) phase. Hence, the TIG samples were to contain lower
densities of intrinsic stacking faults when compared with the MMA and laser clad samples.
This chapter is an attempt to relate the differences summarised above, and the detailed
differences reported in Chapter 10, between the three kinds of hardfacing deposits, to the wear
properties. The aim is to attempt a rationalisation of wear behaviour as a function of
microstructure and abrasive characteristics. Detailed microscopy is used to deduce the
micromechanisms of wear.
11.2 Experimental Method
Most of the experimental details have been presented in Chapter 10, so that the following
section deals with just the additional techniques associated with the wear analysis.
Abrasion wear tests (pin-on-disc) were performed on 3mm diameter cylindrical specimens
impinging vertically on a rotating disc coated with the appropriate abrasive. The specimens were
gravity loaded with a mass of 450g. The cylindrical samples were spark-machined from the weld
deposits, so that the test surface was parallel to the layers of hardfacing material. The test
surfaces had to be flattened by grinding in order to remove the curvature associated with the top
surfaces of the weld deposits. This entailed removal of :::::0.5rnrn of the top surface so that all
tests begin at this depth below the surface.
The weight loss due to abrasive wear was measured at various intervals during the test period.
The effects of two kinds of fixed-abrasives were studied using the rotating coated disc test: 280
mesh SiC, and 400 mesh Al
1
0
3
with nominal particle sizes::::: 40 and :::::17 J.UTI respectively
(see Fig. 7.1). The relative velocity of the disc and sample was 0.63 rn/s. This sliding speed
would probably cause a local rise in temperature ahead of abrasive particles. However, in similar
223
circumstances, the bulk temperature has been reported to rise by only lO°C.(l) In any case, the
effect would be applicable to all samples and consequently does not influence the comparisons
between samples. In order to avoid spurious effects due to the degradation of abrasive during the
wear tests, the abrasive paper was changed at 1 minute intervals. The wear tests were carried out
in air under dry test conditions.
In addition to the pin-on-disc tests, single and multiple scratch tests were carried out using SiC
fibres ('" l00~ diameter) loaded with a mass of l00g, and with a Vicker's pyramidal diamond
loaded at 100, 500 and l000g. The scratch tool was in each case mounted at the end of a
balanced parallelogram arm instrurnented with strain gauges and loaded by gravity. The specimen
was then moved linearly by a geared electric motor at a speed of 0.25mms·1 for a distance of
7mm.
The worn surfaces were ultrasonically cleaned and then examined using a scanning electron
microscope. Thin foil samples for transmission electron microscopy were prepared as in Chapter
10, but the aim here was to examine the fine structure in the vicinity of abraded surfaces. The
samples were extracted by slicing parallel to the abraded surfaces, lightly levelling the abraded
surface with 1200 mesh SiC polishing paper, and then grinding back from the opposite surface to
reach a thickness suitable for electropolishing. The levelling may have caused some additional
deformation. However, the use of the much finer SiC, the wet conditions and the light pressure
should ensure that any additional deformation effect is small. It is estimated that the samples
examined represent a depth of about 0.6mm below the abraded surface concerned.
11.3 Results and Discussion
11.3.1 Pin-on-Disc Abrasion Tests
11.3.1.1 Alumina Abrasive
It is well established that variations in wear resistance are related to the difference in hardness
of the abrasive and resisting surfaces. If the difference is small, the rate of material removal
during abrasion is found to be very low when compared with the case where the abrasive is
relatively hard.(Z)The critical value of the ratio of the abrasive hardness to that of the strained
hardened metal surface (HafHm) has been estimated empirically as 1.2, below which an effective
increase in wear resistance is observed.('.l)
In the present study, AlzO) and SiC abrasives were chosen in order to compare the effect of
the hardness and the size of the abrasives and to examine material removal mechanisms under
each abrasive. The hardness of A1
2
0), SiC and (Fe, Cr)7C3 is 2100, 2480-2600 and 1200-1600
RV respectively.(4.')
Weight loss versus time curves of the abrasion test results with the Alp) abrasive for the
MMA, TIG and laser clad samples are given in Fig. ILIa with corresponding worn surface
micrographs being presented in Figs. 11.1b-e. The mean wear rates of the M1\1A,TIG and laser
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clad samples are found to be 0.0068, 0.0029 and 0.0032 g/min. The results show that the MMA
weld has the poorest abrasive wear resistance among the three deposits, with a wear rate which
remains constant throughout the test, unlike the other two samples which at least initially
exhibited a decreasing wear rate with time.
Although the TIG sample initially showed a lower net weight loss when compared with the
laser clad sample, its wear rate was found to increase significantly after 4 minutes of abrasion. In
fact, the ultimate weight losses for the TIG and laser clad samples were observed to be similar.
The observed rise in wear rate towards that end of the test, for both the TIG and laser clad
samples corresponds approximately to the point where it is the diluted regions of the deposit
which are being abraded, since the undiluted layers have then been completely eroded. Hence, the
design life of the cladding should strictly be calculated on the basis of the undiluted layer
thickness.
Scanning electron microscopy (Fig. 11.1b-e) revealed that the worn surfaces of the MMA and
the laser clad deposits were neatly cut by the abrasive particles, in a manner consistent with
micromachining processes. The wear grooves can in these cases be seen to be continuous and
smooth, indicating that the material which was originally within the grooves was neatly cut away
and detached by the abrasive particles. Consistent with their higher wear rate, the grooves tended
to be deeper for the MMA samples reflecting their lower starting strength. Indeed, the observed
constant wear rate (Le., the linear relationship between the weight loss and time plot) of the
MMA samples is indicative of an inadequate degree of strain hardening during the abrasion test.
The rate of strain hardening is known to increase as the microstructure becomes refined,(8) so that
the lack of sufficient strain hardening is attributed to the relative coarseness of the MMA deposit
microstructure, as reported in Chapter 10.
The fact that the laser and TIG samples showed better wear resistance than the MMA sample
again correlates with their higher starting hardness, and to the finer scale of their microstructures
(Chapter IQ). As will be discussed later, these microstructural features are also of importance in
controlling the spread of deformation in the vicinity of the grooves. It is notable that only the
laser sample showed an increase in wear resistance during the progress of the test: the MMA
sample is relatively soft and has a coarse microstructure, whereas the TIG sample has a relatively
high matrix stacking fault energy (corresponding to its higher matrix iron content) which leads to
a lower work hardening rate.(8)
The TIG sample, which showed the best initial resistance to wear, also exhibited a drastically
different worn surface morphology (Fig. l1.ld,e). The relatively discontinuous grooves are in this
case not formed by pure cutting, the material exhibiting clear resistance to the passage of the
abrasive particles. Material debris can be seen to be piled up at intervals, apparently at positions
within the grooves where the motion of the abrasive particles has been stifled. The alloy clearly
behaves in a more ductile manner so that the micromachining debris does not readily detach from
the test surface and hinder the wear process. The higher ductility relative to the laser sample
225
cannot be attributed to the minor difference in the scale of the two microstructures. It is more
likely that the laser sample, due to its lower matrix stacking fault energy, strain hardens rapidly
so that its harder debris easily detaches during wear, giving rise to "free machining" behaviour.
Due to its higher matrix iron concentration, the TIG samples have a higher stacking fault energy
and consequently strain harden to a lesser degree, giving a more ductile machining behaviour.
11.3.1.2 Silicon Carbide Abrasive
Similar experiments were carried out using the harder (= 2480-2600HV)'4,5)SiC abrasive.
Weight-loss versus time curves, and scanning electron microscope observations of the final worn
surfaces are given in Fig. 11.2. The results are clearly different from the case where the abrasive
particles were alumina: the samples this time show more similar wear rates, the mean values of
which are 0.0100, 0.0094 and 0.0086 g/min for the MMA, TIG and laser clad specimens
respectively. Apart from minor fluctuations, they all exhibit an approximately constant wear rate
during the test, although the laser samples start off with slightly lower wear rate, perhaps a
reflection of their strain hardening capacity. Consistent with these observations, the wear surfaces
(Fig. 12.2b-d) all show neat, continuous grooves with the samples offering little resistance to the
passage of abrasive particles. Clearly, the use of a SiC abrasive has wiped out most of the
differences between the three kinds of samples. The wear rates obtained with the SiC abrasive is
higher than that with Al203 abrasive. This can be attributed to two effects, the most important of
which is the size effect.(7. 13) The abrasives used in this study are in a size range where the wear
rate increases with abrasive size; the SiC abrasive is coarse compared with the alumina. The
higher hardness of SiC may also contribute to its more aggressive abrasion properties, but this is
likely to be a smaller effect since both SiC and Al203 have a significantly higher hardness when
compared with the phases present in the Stellite deposits. It is estimated that in the case of the
laser and TIG samples, the top, undiluted layers are removed completely after about 2-3 minutes
of testing.
11.3.2 Transmission Electron Microscopy
Thin foils for transmission electron microscopy were prepared directly from the abraded
surfaces, after the pin-on-disc tests carried out using SiC abrasives. The metallographic results
presented here are representative of three samples examined from each of the abraded deposits.
Nonetheless, it is recognised that the observations reported here are essentially qualitative and are
intended to reflect the broad trends in deformation behaviour.
The results are illustrated in Figs. 11.3-11.5. The matrix (originally of face-centered cubic
structure) regions of the MMA and laser clad deposits were found to contain numerous platelets
of hexagonal close-packed structure, due to stress induced fcc~hcp transformation. The frequency
of occurrence of the platelets was highest for the laser clad samples. This contrasted with the TIG
samples, which seemed to contain much more dislocation debris, with very few hcp platelets,
although twinned fcc regions could often be observed. The behaviour of the TIG sample is as
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expected, since its matrix phase has a high stacking fault energy corresponding to its relatively
high iron content.
The fact that the MMA deposits contain a lower density of hcp platelets relative to the laser
samples is at first sight confusing since the matrix chemical compositions of the two samples are
very similar. However, the MMA deposit has a lower starting hardness, and it will be
demonstrated later that the deformation associated with the abrasion process extends over a larger
volume for the MMA deposit (due to the coarseness of its microstructure). Both of these factors
would lead to lower mean levels of stress in the material, so that a lower degree of stress induced
transformation is expected. The fact that the laser clad samples are unique in exhibiting an
increase in wear resistance during testing (Fig. 11.1) can now be explained, since the platelets
formed by fcc~hcp transformation offer formidable obstacles to dislocation motion, leading to
considerable strain hardening.
11.3.3 Scratch Tests Using Vickers Diamond
Scratch tests were carried out using a Vickers pyramidal diamond indenter with 100, 500 and
1000g loads, for all three kinds of samples, although no significant differences in abrasive
behaviour were found for the different loads used. After scratching, the specimens were examined
using scanning electron microscopy (Fig. 11.6). The results clearly illustrate the considerable
deformation (in the form of slip bands) induced in the region adjacent to the scratches. The extent
of the deformation increases with applied load (Figs. 11.6a,b). At the highest load used, 1000g,
clear signs of matrix cracking were observed (Fig. 11.6c). For a given load, the degree of
deformation in the vicinity of the scratch was noted to be largest for the MMA samples,
consistent with their coarse microstructure (Figs. 11.6b,d,e). The slip bands were seen to be
impeded by the presence of eutectic carbides, although this did not completely prevent the onset
of deformation in the Co-rich matrix which was separated from the scratches by the network of
eutectic carbide (Fig. 11.6). The spread of deformation occurred to a lesser degree for both the
TIG and laser clad samples; while the slip bands could be seen all along the length of the
scratches in the MMA samples, they tended to be discontinuous for the TIG and laser clad
samples, reflecting the finer scale of the microstructure.
The critical role of the matrix in supporting the carbide phase was emphasised by deep-etching
the samples to allow the carbides to protrude from the surface; these samples were then scratched,
(IOOg,Vickers pyramidal diamond, Fig. 11.7a), and subjected to impact (Fig. 11.7b). The carbide
particles were observed to fracture and collapse into heaps of particles (Fig. 11.7). Subsurface
deformation is clear as seen from Fig. 11.8 when the scratch test was carried out using SiC fiber.
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11.4 Conclusions
The abrasive wear properties of manual metal arc welded, tungsten inert gas welded and laser
clad Stellite 6 hardfacing deposits have been studied and related to microstructural differences.
With alumina abrasives, the wear resistance was found to increase in the order
MMA~laser clad~TIG samples. The MMA samples are worst because of their coarser
microstructure and lower starting hardness. The TIG samples have the highest initial wear
resistance because of their higher ductility and matrix stacking fault energy. During wear, the
laser clad samples were found to be the only ones to exhibit an initial increase in wear resistance,
due 10 the relatively low stacking fault energy of the matrix phase.
The effect of using a coarser and harder silicon carbide abrasive was to increase the wear rate
in all samples; the increase is largest for the the laser and TIG samples. In fact the samples all
showed very similar wear rates when tested with the silicon carbide abrasive.
This observed wear behaviour could be correlated directly with the structure of the worn
surface and of the underlying regions.
Finally, it must be emphasised that the present study was deliberately conducted on samples
prepared using what are believed to be typical process parameters. There are numerous such
parameters which can be adjusted in order 10 alter the properties of a deposit for any single
process. Indeed, it may even be the case that the chemical composition which is suited 10 a given
process may not be good for another process. We therefore make no attempt to rank the processes
in any order of excellence; such a ranking would in any case be futile since the choice of process
must be highly application dependent.
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Fig. 11.1: a) Weight loss versus time curves, for wear tests done using alumina abrasive.
Scanning electron micrographs of the final worn surfaces of b) MMA; c) laser clad sample and
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ab
Fig. 11.3: Transmission electron micrographs from an abraded MMA sample: a) bright field
image and electron diffraction pattern confirming the presence of hcp platelets ([0 0 0 1] zone
axis); b) dark field image of hcp platelets.
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Fig. 11.4: Transmission electron micrographs from an abraded Laser clad sample: a) bright field
image and electron diffraction pattern confirming the presence of hcp platelets ((1 2: 1 3] zone
axis); b) dark field image of hcp platelets.
Fig. 11.5: Transmission electron micrograph from an abraded TIG specimen.
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Fig. 11.6: Scanning electron micrographs from scratched specimens: a) MMA lOOg; b) MMA
500g; c) MMA lOOOg(arrow indicates the matrix cracking); d) TIG 500g; e) laser clad 500g.
235
d e
3J11l1
Fig. 11.6: Scanning electron micrographs from scratched specimens: a) MMA WOg; b) MNIA
SOOg; c) MNIA IOOOg(arrow indicates the matrix cracking); d) TIG SOOg; e) laser clad SOOg.
a b
Fig. 11.7: Scanning electron micrographs from a deep-etched specimen which was subsequently a)
scratched with a Vickers diamond; b) subjected to impact. illustrating the collapse of the
unsupported eutectic carbides.
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Fig. 11.8: Scanning electron micrograph from scratched specimen with lOOg using SiC fiber
(lOOIlJI1), illustrating the subsurface deformation.
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12. MICROSTRUCTURAL STABILITY OF CO-BASED ALLOYS
12.1 Introduction
The as-received microstructure of cobalt-based hard facing alloys deposited by manual metal
arc (MMA) welding, tungsten inert gas (fIG) welding, and laser cladding process was
investigated in detail in Chapter 10, and the results showed that the microstructure consists of fcc
primary dendrites within an interdendritic network. of M7C3 eutectic carbides. This is not a
thermodynamically stable microstructure, which for the Co-Cr-C- W system is expected to contain
face-centered-cubic matrix (r), M7C3, M23C6, and M6C type carbides and depending upon
temperature and chemical composition some hexagonal-closed-packed (hcp) £.(1) The aim of this
chapter is to investigate to what extent these phases are stable and how they influence the
microstructure of these alloys. It is also of interest here to study the nucleation and growth
mechanisms of the different carbides as the microstructure evolves during aging at high
temperatures.
12.2 Experimental Technique
High temperature heat treatments were carried out in Stellite 6 Co-based hardfacing alloys
deposited by manual metal arc welding, tungsten inert gas welding and laser cladding processes.
The chemical compositions of the alloys have been given in Chapter 10. A number of 3mm
diameter and 2mm thick rods were machined from the weld deposits and sealed off in a quartz
tube with a partial pressure of 10-6 torr argon, before heat treatments. The specimens were
quenched into the water after aging at 850°C. The thin foils were prepared from the top layer of
the deposits, so that micrographs represent undiluted regions of the deposits. Thin foil preparation
and micro analysis techniques were carried out as in Chapter 10.
12.3 Results and Discussion
The short time heat treatments resulted in extensive formation of M23C6 carbides which
nucleated probably either on stacking faults (Fig. 12.la) or on dislocations (Fig. 12.lb). At this
stage the shape of the M23C6 carbides was not observable. As expected a cube-cube orientation
relationship was observed between the fcc matrix and M23C6 carbides which could be explained
in terms of the matching of metal atoms on the interface between the two phases as will be
discussed later. Some hcp platelets were also observed as seen in Fig. 12.2. The existence of the
hcp phase is not surprising since fcc and hcp structures are interrelated, each being obtained by
an appropriate stacking sequence of closed-packed planes of atoms, when the region of hcp is
able to form by intrinsic faulting on every alternate {I I I} plane in the fcc lattice.(2) It has been
suggested that intersections of hcp platelets with faults on other planes create high vacancy
concentrations, and therefore can promote diffusion and accommodate part of the mismatch
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between the matrix and the precipitate, creating preferential nucleation sites.(3) However, there is
no direct evidence that this as occurred in the present study.
With increasing time, the M23C6 carbides were observed to grow, as shown in Figs.
12.3.a,b,c. On further growth (after 1 day at 850°C) the M23C6 carbides are clearly rectangular
(Fig. 12.4) and after 125 hours appear in clusters (Fig. 12.5). Discontinuous M7C3 carbides were
about IJ.llIl long and 0.2J.llIl wide after aging for 450 hours (Fig. 12.6). In a large number of
cases, M23C6 carbides appeared to grow preferentially within the fee matrix as illustrated from
the bright field transmission electron micrographs from samples aged for 1 month at 8500C (Fig.
12.7). Preferential alignment of precipitates has been observed in a number of studies, and several
proposals for this behaviour have been given.(4'1S)It has been suggested that following the
heterogenous nucleation, successive new plates are nucleated in the stress and diffusion fields of
existing ones autocatalytically.(S)1 Perovic et al.(S) have shown that strain fields around the
precipitates are the major reason for subsequent nucleation and are responsible for the preferential
alignment and dominance of a certain variant of precipitates. It is possible that the morphology of
precipitates is controlled by elastic interaction if the overall driving force for the homegenous
nucleation is small. However, when precipitates form uniformly throughout a matrix, elastic
interactions between particles have been postulated to be responsible for subsequent alignment
and carbide morphology during coarsening.(7·IO)Although several variants of precipitates have been
observed at the nucleation stage, one variant in a given region became dominant during
coarsening.(7) The degree of undercooling was suggested to be an important factor in determining
the initiation of alignment of precipitates.(7) If the undercooling is large then the elastic energy is
small compared to the free energy change of nucleation so that evaluation of a specific variant of
precipitates occurs during coarsening rather than during nucleation or growth. Under these
circumstances, the influence of the elastic interactions between adjacent particles is observed after
the system begins to coarsen, since the elastic interaction energy is then of the same order of
magnitude as the driving force for coarsening. It has also been predicted that there is an
increasing tendency towards alignment as the precipitates groW.(IO)This proposal could seem to be
incompatible with the high stacking fault density of the experimental alloys. The high density of
faults will probably prevent heterogenous nucleation, so that the elastic interaction energy will be
relatively small compared to the free energy change of nucleation. However, as emphasized
earlier, the influence of elastic strain energy can be dominant during coarsening. This seems to be
consistent with the experimental observations which showed that alignment begins to occur after
==135 hours at 8500C.
Another possible reason for the alignment of precipitates has been shown to be an applied
stresS.(9,l1.l3)This makes certain planes favourable for precipitation and growth along a direction
where the stress is better minimised. This possibility can be ruled out easily since the aging heat
Autocatalytic nucleation, the process whereby one precipitate of a daughter phase catalyses the formation of
another. This is a well·documented phenomenon in martensite transformations.(')
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treatments were carried out in stress-free conditions.
The third possibility is that the residual stresses within the deposits can influence subsequent
alignment This statement has been supported by a number of experiments showing that residual
stresses cause a preferential precipitation and growth on certain variants of precipitatesyo.l1) A
schematic diagram is illustrated in Fig. 12.8 in order to explain the nature of the carbide growth.
Initially, stacking faults exist on a particular variant of the four possible {Ill} planes due to
residual stresses within the deposits. Nucleation of the carbides on the stacking faults leads to the
formation of one set of carbides on a particular {1 1 1} plane. Subsequently, growth takes place
and supersaturation is released from the matrix phase. This suppresses further nucleation of
carbides on new faults as seen in Fig. 12.7. It should be also pointed out that the distribution of
stresses within weld deposits may be complex so that tensile and compressive stresses can be
present together. This creates further difficulties since the tensile and compressive stresses lead to
preferential precipitation at different directions.<9.11.13.14)During tension, precipitation is favoured on
planes perpendicular to the stress axis, whereas in compression precipitation takes place on planes
parallel to the stress axis.
From these discussions, it is reasonable to suggest that either the elastic interactions between
particles during coarsening or the residual stresses within deposits or both are responsible for the
alignment of M23C6 carbides during aging.
The morphology of precipitates sometimes depends on the nature of the preCIpitate-matrix
interfaceY6-18)Hence, studies were carried out on the main interface planes between the matrix and
the precipitates.
12.3.1 Habit Plane Determination
The crystallography of the habit plane was carried out using single-surface trace analyses
performed with transmission electron micrographs and corresponding diffraction patterns.
The lens optics used in transmission electron microscopes result in a rotation of the image
with respect to the diffraction pattern. The rotations were calibrated over a range of
magnifications and camera lengths by use of Mo03 crystals, which have facetted surfaces of
known indices. Using the straight interface trace of the habit plane, (Fig. 12.9a) the trace analyses
were carried out as follows (Fig. 12.9b);
(1) The normal !! (hkl), to the trace was marked on the bright field image.
(2) The indexed diffraction pattern was then placed upon the bright field image and rotated
into coincidence.
(3) The angles (Si) of the trace normal, !!' from two g vectors in the diffraction pattern were
measured.
(4) The two g vectors are used to calculate the zone axis, [UYW].
(5) The indices of !!were determined.
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It is likely that the fcc matrix/M23C6 interface will be at an angle e to the plane of the thin
foil sample. However, its true normal (HKL) must lie on the great circle on the stereogram
defined by the measured trace normal (hkl) and the zone axis of the diffraction pattern [UVW].
The great circle thus defined represents the locus of the possible positions of the habit plane
normal so that the intersection of many such great circles can give the actual habit plane normal.
A great number of trace analyses are needed in order to establish the existence of any
reproducible irrational habit plane, otherwise the method can be ambiguous. However, the habit
plane can be determined from a single bright field image and corresponding diffraction pattern if
the thickness of the thin foil and the projected thickness of the precipitate are known. The
thickness of the thin foil was determined as follows;
(i) The great circle defined by the measured trace normal to the stacking fault and the zone
axis of the diffraction pattern [UVW] was drawn on a stereogram.
(H) The angle e between the zone axis and the {I I I} pole on the stereogram was
measured. e defines the angle between the zone axis and the habit plane normal since stacking
faults lie on {I I I} planes of fcc phase.
(Hi) The thickness of the thin foil was then calculated for a given projected width of the fault
as illustrated in Fig. 12.9c.
The local thickness determined in this manner was used in conjunction with the projected
width of the particle habit to determine the angle e between the interface normal of the
M23C6 and the zone axis. Thus, the fee matrix/M23C6 interface plane could be indexed
uniquely on a great circle.
The analysis revealed that the habit plane corresponds to {Ill} M23C6 which is parallel to
{Ill} fee matrix. The analyses of planar atomic configurations of M23C6 and fcc phases
provide an explanation of the interface plane.o9) The crystal structure of M23C6 is a complex
cubic with 92 metal atoms and 24 carbon atoms per cell. On the basis of this information, the
atomic configurations on the {lOO}, {I 1 O} and {Ill} planes of both M23C6 and fcc
matrix are shown in Fig. 12.10a,b,c.(23)These figures clearly demonstrate that {I I I} planes
provide the best atomic correspondence, in which case only four atoms out of 28 are not full in
the M23C6 plane resulting in the overall 0.99% misfit. However, in the case of {I I O} planes,
only fourteen M23C6 atoms coincide with the fcc lattice. In the case of {lOO} planes
M23C6 lattice has only thirteen atoms in the interface compared with 25 atoms in the fce lattice.
Consequently thirteen M23C6 atoms are all in positions which correspond closely to the fee
lattice. This observation indicates that {I I I} planes are the most likely interface planes and the
chance of the {I I O} planes being an interface plane is greater than for the {lOO} planes. In
fact, the trace analyses confirmed that the interface plane is {I I O} type at the ends, and
{Ill} type at the sides of the plates, consistent with the observed anisotropy in the interfacial
free energy which results in the plate shape. The orientational dependence of interfacial free
energy leads to an equivalent orientation dependence of the mechanism and kinetics of the
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preCIpitate growth.(2D-22)Since interfaces parallel to (I 1 O} planes are likely to be relatively
disordered compared with those parallel to {Ill} planes, they should be more mobile. Lewis
and Hattersley have shown that the facets which develop on one side of the M23C6 particles
have {I I I} interfacial planes.(23)It has been suggested that these carbides grow into the grain
with which carbides have limited coincident lattice relationship(14) leading to discontinuous
precipitation.(2J,2-')A similar conclusion has been drawn by Speich and Oriani(26)who found that the
ends of the rod shape particles have relatively poor crystallographic fit. These results are
consistent with the common observation of the precipitation of plates with the long axis of the
plane of the plate having interfaces with good crystallographic fit.(27)
Some carbides have been found almost in cubic shape (Fig. 12.11). In this case no joining of
carbides has been observed. This is consistent with the work of Beckitt and QarlC28) who found
that M23C6 particles are almost cubic in shape and grow until they join together. The matrix
after 1000 hours was found to be fcc with a significant amount of hcp platelets (Fig. 12.12).
After heat treatment for one year at 850°C it was discovered that there are in fact two
different carbide morphologies that may be adopted. Firstly, the carbides may be aligned. In this
case, scanning electron microscopy reveals a parallel array of plates each about lOJ.1mlong, and
all preferentially orientated within the matrix (Fig. 12.13a). Alternatively, the carbides exist as
discrete irregular particles 1-2J.1rnin diameter and with no favoured orientation (Fig. 12.13b).
When the preferential coarsening of specific variants of precipitates takes place, each grain of a
deposit is altered differently, depending on the grain orientation resulting in the observed
microstructure after one year.
Transmission electron micrographs corresponding to the different morphologies indicate that
the carbides tend to be in a disc shape, which is probably the equilibrium shape representing the
minimum strain energy morphology (Figs. 12.14a,b). The crystal structure of the matrix was
found to be fcc containing a great amount of annealing twins as evidenced from the inserted
diffraction pattern in Fig. 12.14a.
Microanalysis experiments were carried out using transmission electron microscopy in the
MMA and laser clad samples. The results showed a decrease in the Cr, Fe, and W concentrations
in the fcc matrix compared with the initial composition. The difference in the chemical
compositions probably arises because the fcc matrix after solidification has a composition
corresponding to the temperature of configurationally freezing, whereas the aging introduces
equilibrium composition. The microanalysis results in the present study indicate that the chemical
composition of eutectic carbides after aging I year at 8500C is not significantly different than that
of as-received condition. It is interesting to note that the composition of M23C6 carbides is quite
similar to that of the eutectic carbides. The small variations arise because M23C6 carbides first
nucleated in the supersaturated matrix.
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Table 12.1: Microanalytical data obtained using transmission electron microscopy and energy
dispersive X-ray analysis. Z refers to the atomic percent calculated without taking account of the
presence of carbon. Notice that Z is very nearly the same as the actual atomic percent for the
matrix, since the amount of carbon in the matrix is rather small, but for the carbide, Z will
represent an overestimation of the actual atomic percent by a factor (1JU.7), assuming that the
M7C3 carbide is stoichiometric.
Matrix M23C6 Eutectic Carbide
MMA Laser MMA Laser MMA Laser
ZCo 61.8 71.0 12.6 15.81 12.67 15.5
ZCr 23.0 20.8 78.9 77.3 80.65 77.2
Zw 0.73 1.01 3.18 3.62 2.0 3.42
ZFe 8.8 4.7 2.5 1.66 2.59 1.85
ZMn 0.36 2.12 0.27 1.58 0.05 2.18
ZNi 3.2 1.09 0.64
The selected area diffraction patterns from the eutectic carbides (inserted in Fig. 12.15a)
showed that these are M23C6 type carbides, indicating that eutectic M7C3 carbides transformed
to M23C6 during aging. The M7C3 to M23C6 transformation has been proposed to occur in
siru(19) and by separate nucleation.(JO,3I)It has been suggested that variations in chemical
composition of the carbides lead to the in situ transformation.(19) However, it has been argued that
an in situ transformation requires diffusion of substitutional alloying elements within a carbide so
that such diffusion will be much slower compared with the diffusion in the matrix.ol) The
relatively low interfacial energy of the matrix/particle interface compared to that of
carbide/carbide boundaries within the particle suggested that nucleation at the interfaces is more
probable.ol) In Co-based superalloys the M7C3 carbides have been found to transform to more
stable M23C6 carbide during aging.(2) The following decomposition reaction has been
suggested.(32)
..... (1)
•.••• (2)
There is no indication of separate nucleation of M23C6 carbides at the M7C3/fcc matrix
interfaces as evidenced from transmission electron micrographs in the the samples aged up to
1000 hours. Furthermore, assuming that M23C6 nucleates at those interfaces, then the facetted
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advancement of the carbide interface will be the most likely growth mechanism of these carbides.
However, eutectic carbide/matrix interfaces are clearly irregular, suggesting that an in
situ transformation mechanism is likely to be dominant However, the mechanism is not clear,
and, as yet, has to be determined.
12.4 Conclusions
The high temperature microstructural stability of Co-based Stellite 6 alloys deposited by
manual metal arc welding, tungsten inert gas welding. and laser cladding processes has been
investigated by annealing at 8500C. In the as-deposited condition the face-centred-cubic matrix
contains a high density of stacking faults which lie preferentially on a particular variant of
{Ill} plane due to residual stresses within each deposit. For a given thermal activation, the
M23C6 carbides nucleate on the stacking faults and dislocations. With increasing time, two
different carbide morphologies are observed; =1O~ long continuous carbides which are
preferentially orientated in the matrix, and discrete irregular particles with no favoured orientation.
The elastic interaction between precipitates during coarsening or the residual stresses or both are
probably responsible for the alignment of precipitates. Trace analysis has indicated that long axis
of the M23C6 platelets have {Ill} type, and the ends have {I 1 O} type interfacial planes.
The overall mismatch is only 0.99% when the {Ill} planes of the fcc matrix coincide with the
{I I I} M23C6 planes. This good crystallographic fit is probably the reason for low mobility of
those interfaces. The platelets having {I I O} planes are relatively disordered and possess less
obstacles to growth, giving rise to high mobility of these faces resulting in an observed carbide
morphology.
After aging for I year at 8500C, the particles were found to be disc-shaped. This is probably
their equilibrium morphology, and has resulted due to the minimisation of strain energy. The
interdendritic M7C3 carbides were found to have transformed to the M23C6 during the aging
process. Even though an in situ growth mechanism is less probable than separate nucleation of
carbides on the carbide/matrix interfaces, there was no strong evidence to verify the actual
transformation mechanism.
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abill IV
Fig. 12.1 : Transmission electron micrographs of the MMA deposit aged 130 seconds at 8500C
showing the nucleation of M23C6 carbides. a) on stacking faults, i) bright field image; ii) dark
field image of the carbides; b) on dislocations; iii) bright field image; iv) dark field image of the
carbides using a (224) M23C6 spot which coincides with (01.0) hcp spot. The diffraction patterns
in the insets show the cube-cube orientation relationship between the fcc matrix and
M23C6 carbides.
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Fig. 12.2 : Transmission electron micrographs of the MMA deposit aged 120 seconds at 850°C.
a) bright field image; b) dark field image using a (Ol.O)hcp spot (marked with arrow) showing a
high density of hcp platelets.
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Fig. 12.3 : Bright field transmission electron micrographs of the deposits aged at 850°C after
different aging times. a) MMA deposit after IOmin; b) laser clad deposit after 3Omin; c) TIG
deposit after 1 hour.
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Fig. 12.4 : Transmission electron micrograph of the TIG deposit after 24 hours.
Fig. 12.5 : Bright field transmission electron micrograph of the MMA deposit after 300 hours
showing joining of M23C6 carbides.
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Fig. 12.6 : Bright field transmission electron micrograph of the MMA deposit showing
discontinuous M23C6 carbides after 450hrs.
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ab
Fig. 12.7 : Bright field transmission electron micrographs after 750hrs showing continuous
preferentially orientated M23C6 carbides in the a) MMA; b) laser clad deposit
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Fig. 12.8 : Schematic representation of the carbide growth mechanism. a) Stacking faults exist
preferentially on a particular variant of {Ill} planes due to residual stresses; b) nucleation of
M23C6 carbides leads to formation of one set of carbides; c) joining of carbides leads to
formation of continuous carbides. Since the supersaturation is released from the matrix, further
nucleation on the stacking faults is suppressed.
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Fig. 12.9 : a) M23C6 plates and stacking faults indicating mean interface traces and normals n
(hkl); b) stages in determination of the fce matrix/M23C6 habit plane; c) diagram illustrating the
geometry of a precipitate within a thin foil.
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Fig. 12.10 : Atomic configurations of both M23C6 and fee crystals on a) {1 0 0 }; b) (1 1 0);
c) {1 1 1} planes.
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Fig. 12.11 : Dark field transmission electron micrographs after 1000 hours showing facetted
M23C6 particles. a) TIG; b) laser clad deposits. Note that carbides are discontinuous and joining
does not take place.
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Fig. 12.12 : Dark field transmission electron micrographs after 1000 hours showing hcp platelets
in the fcc matrix. a) TIG; b) laser clad samples.
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Fig. 12.13 : Scanning electron micrographs of the MMA deposit aged 1 year at 850°C showing.
a) continuous parallel array of platelets. and b) discrete irregular particles.
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Fig. 12.14: Bright field transmission electron micrographs of the MMA deposit aged 1 year. a)
Continuous long carbides; b) discrete irregular particles.
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Fig. 12.15: Transmission electron micrographs of the MMA deposit aged 1 year. a) Bright field
image consists of the eutectic carbides and the fcc matrix with annealing twins and
M23C6 carbides. Selected area diffraction pattern from the interdendritic carbides is given in the
right-hand corner; the zone axes of the pattern is <0 1 2>M
23
C
6
indicating that interdendritic
M7C3 carbides transformed to M23C6 during aging. Selected area diffraction pattern from the
matrix is given in the left-hand corner showing <0 0 l>fcc twinning; d) dark field image
showing fcc twins.
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13. NICKEL-BASED HARDFACING
TEMPERATURE APPLICATIONS
ALLOYS FOR HIGH
13.1 Introduction
Nickel-based hardfacing alloys typically are single phase alloys used where the component
does not operate at high temperatures for prolonged periods of time. The alloys are usually
deposited by arc welding techniques and provide a tough, wear-resistant and work-hardening
surface. The alloys cannot maintain their strength at high temperatures (e.g. 800°C) due to the
absence of stable precipitates.
Even though there have been some attempts to strengthen the alloys by the addition of boron
and carbon,(!) the modified alloys are not as popular as Co-based hardfacing alloys. Unlike the Ni-
based superalloys used in aircraft engines, where high temperature strength, toughness, wear and
corrosion resistance are also important, the alloys used for hardfacing do not for some reasons
contain aluminium or titanium. The addition of these elements is well established to lead to the
formation of y' (Ni3(Al,Ti)) precipitates in the face-centered-cubic (fcc) y matrix. Some Ni-based
superalloys also contain topologically-closed-packed (TCP) phases (e.g. sigma, mu, chi, and
Laves) depending on the composition and heat treatment These hard phases are generally avoided
due to their detrimental effects on mechanical properties. However, they can increase wear
resistance in high temperature hardfacing applications through their high hardness,<J'
Understandably, the design of these new alloys tends to be costly and time-consuming because of
the large number of variables that need to be taken into account. The aim of this chapter is to
investigate new alloys which are hardened either by y' or TCP phases on the basis of a
theoretical model which is capable of accounting for the simultaneous effects of several alloy
additions.
13.2 Strengthening Mechanisms
13.2.1 Solid Solution Strengthening
Solid solution strengthening is known to be due to distortions of the parent lattice by the
solute atoms. However, such effects can manifest themselves in different ways, as discussed
below.
13.2.1.1 Size Misfit
Solid solution strengthening due to size misfit is produced by the difference ~a between the
atomic radius ao of the solvent and a of the solute atom.(2) Typical solid solution strengthening
elements found in nickel-based superalloys are aluminium, iron, titanium, chromium, cobalt and
tungsten. The difference in atomic radius from that of nickel varies from +1% for cobalt to +13%
for tungsten.(3) The influence of the solute atoms on solid solution strengthening is illustrated in
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Fig. 13.1. A linear relation between flow stress and lattice parameter change is obeyed for any
given solute element in nickel. It is interesting to note that for the same change in lattice
parameter, the values for Ni-er alloys are higher than Ni-Mo and Ni-W alloys. It has been shown
that the change in yield stress for various solutes in nickel depends directly on the position of the
solute in the periodic tablec.) so that for the same lattice strains, the hardening increases with the
valence difference between solute and solvent (Fig. 13.2). Even though Mo and W are highly
effective in increasing solid solution strengthening, the concentration of those elements is limited
in superalloy applications. This is because they stabilise the intermetallic compound sigma
phase.(3)
10
Vl
-'"
(f) 8
(f)
W
Cl::
I-
(f)
3 6
o
-.J
I.L
~N 4
o
Z
w
(f) 2
<l:
w
Cl::
uz
Fig. 13.1: Effect of solute atoms on solid solution strengthening.(3)
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13.2.1.2 Modulus Misfit
It has been suggested that modulus differences between solute and solvent crystals lead to
strengthening. This is based upon the argument that extra work. is needed to force a dislocation
through the hard or soft region in the matrix.(')
13.2.1.3 Short-Range Order
Short-range order gives rise to an increase in flow stress since more energy is required for
shear which involves the disruption of such order.(6)Even though strengthening due to short-range
order and modulus misfit has been reported in Ni-based superalloys, the effect is negligible
compared with the size misfit effect.(3)
13.2.2 Precipitation Hardening
A significant contribution to the strength of nickel-based alloys is provided by coherent stable
precipitates y'(Ni3(Al,Ti». An increase in strength due to precipitation has been attributed to the
following factors(7);
1) coherency strains;
2) differences in elastic moduli between particles and the matrix;
3) existence of order in the particles;
4) differences in stacking fault energies of particles and the matrix;
5) the need for energy to create additional particle-matrix interface.
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The strengthening of alloys by misfining coherent precipitates occurs due to the interaction
between the stress fields of the precipitate and the dislocation. It has been well established that
the relatively small coherency strains and low surface energies associated with coherent
precipitates result in a uniform distribution of precipitates and high resistance to coarsening,
leading to significant strengthening.C8X9) The degree of coherency is determined by the mismatch
along the matching planes at the precipitate-matrix interface. The fee matrix and L12
y' precipitates have similar atomic arrangements, and therefore form coherent interfaces on
{Ill} planes.\ Partitioning of alloying elements between the y and y' is the best means of
controlling the mismatch. For example, it has been shown that substitution of nickel by either
iron, molybdenum or chromium results in a reduced mismatchYO) However. Ti preferentially
partitions into the y'. increases its lattice parameter, and therefore leads to a higher degree of
mismatch.m This problem will be discussed later in conjunction with the computer model.
Modulus hardening occurs when the shear moduli of the matrix and precipitate phases differ.
This is because strain energy of a dislocation is then different in the two phases. Hardening due
to modulus mismatch has been reported to be a very weak strengthening mechanism.(6)
Strengthening due to order occurs when a matrix dislocation shears y' and creates an
antiphase boundary (APB) on the slip plane of the precipitate. The antiphase boundary energy per
unit area on the slip plane represents the force per unit length opposing the motion of dislocation
as it penetrates the y'. This interaction gives rise to a significant increase in the strength. It has
been demonstrated that the APB energy varies considerably as a function of alloy content.(3) For
instance, chromium and titanium produce opposite effects. the former increasing the APB energy
significantly.m It has been concluded that the APB energy should be increased to its greatest
possible extent in any alloy design procedure.(6)
The motion of the dislocations can be impeded if the stacking fault energies of the precipitate
and matrix phases are different. This is because the separation of the partial dislocations depend
upon the phase in which dislocations are lying.
If a dislocation cuts into a precipitate. a new precipitate-matrix interface is created. The energy
created is only about one tenth of the antiphase boundary energy, therefore the effect is rather
small.(6)
The unit cells of fcc Ni (a) and L12 type i precipitates (b) are shown below. The closed-packed (111)
planes are stacked in the same sequence indicating good matching on these planes.
a b
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It is quite likely that more than one mechanism might operate simultaneously. However, it has
been shown that coherency strains and the presence of order are the major contributors to strength
hardening in nickel-based alloys.o,6l
Besides the strengthening factors defined above, there is a significant influence of the volume
fraction of y' precipitates on the strength. An increase in the volume fraction of y' up to 0.6 has
been shown to enhance the strength considerably, associated with an increase in the resistance to
dislocation movement (Fig. 13.3).'10) On the other hand, it has been demonstrated that high
temperature strength decreases above a volume fraction of '" 0.6.(11) The decrease in the strength
is probably associated with an increase of the total grain boundary area, which consequently leads
to a higher degree of grain boundary sliding and low strength .
o9015o
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Fig. 13.3: Effect of the volume fraction of y' precipitates on the strength of nickel-based
superalloys. (l0)
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On the basis of the strengthening mechanisms; large size misfit, large modulus misfit, large
short-range order, low stacking fault energy for the matrix phase, and high volume fraction
(= 0.6), coherent, fine with high antiphase boundary energy and low misfit. y' precipitates are
used to achieve better high-temperature strength.
13.3 Computer Model for Alloy Design
The procedure for the design of nickel-based superalloys for aircraft engines has been
successfully used by Harada et al.(l1), Yamazaki,(12) and Yamagata et al.o3) in the National
Research Institute for Metals in Japan. A similar procedure has been adopted in this present work.
A flow chart of the computer program used is given in Fig. 13.4.
The left column in this figure shows the steps which are discussed in detail below.
Concerning step 3: The partitioning ratio of an element ~) is defined as the ratio of the
concentration of that element in the y to that in the "( which is in equilibrium with y. The
values used are given in Table 13.1.
Table 13.1: Partitioning ratios of alloying elements Ri (~y / x/) when y and "( are in
equilibrium.o1)
Cr Mo Al Ti Co w Ta
R·J.. 7.37 3.99 0.24 0.19 2.65 1.76 0.20
Concerning step 4: For a given initial guess value of y' volume fraction
partitioning ratios of alloying elements, the "( composition can be calculated
balance equations as follows;
x .T = x. y' * v, + x· Y * (1 - V , )
J.. J.. Y J.. Y
and
x .y = x· y' * R·
J.. J.. J..
therefore;
and equilibrium
using the mass-
· .... (1)
• ••.• (2)
• •... (3)y' TXi = Xi / (Vy' + (1 - Vy') Ri)
where xiT is the average concentration of ith element, ~ is the partitioning coefficient (xiY/x/)
and Vy' is the mole fraction of y' precipitates.
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Fig. 13.4: The flow chart of the computer program used in the design of new Ni-based
hardfacing alloys.
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Concerning step 5: The y' surface has been defined as a surface in a multicomponent phase
diagram on which equilibrium compositions are connected to Y surface by tie lines when Y and
y' are in equilibrium (Fig. 13.5).(13) One hundred nickel-based superalloys have been analysed and
the y' surface is expressed by the AI concentration in y' as a function of other alloying elements,
excluding Ni, in y' (Eq. 4).(11)
%Al = 29.203-1.096xCrY' -1.195xwY'-1.220xTiY'-1.066xTaY'
-1.950xMOY' -1. 446xNbY' (at%)
x
Ni,Co Al
Fig. 13.5: Pseudo-quaternary phase diagram showing the y and y' surfaces. X and Y represent
solid solution elements Cr, W, Mo, etc.o3)
Concerning step 6: The mole fraction of aluminium in y' (xAIy') calculated using the
partitioning coefficients is compared with that calculated by the surface equation (yAIy'). If
(xAIy' - YAIy' < 0.(01) then the correct y' volume fraction is taken to have been reached. If the
difference is higher than 0.001, the initial guess value is modified using the Newton-Raphson
iteration method. The solution being reached after n iterations. Fig. 13.6 shows a comparison
between the observed volume fraction (using data in Table 13.2) against those predicted.
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Table 13.2 Chemical composluons and corresponding volume fractions of gamma prime
precipitates of nickel-based superalloys used for the comparison against those calculated volume
fractions.
Composition (wt%)
Ni Cr Mo Ai Ti Co W Fe Vr,
* 60.10 5.5 0.0 5.2 0.0 7.5 16.6 5.1 0.65
* 40.10 5.5 0.0 5.3 0.0 7.3 18.6 3.4 0.65
* 68.0 6.6 0.0 5.2 0.0 0.0 12.8 7.7 0.65
* 67.6 5.4 0.0 5.5 0.0 0.0 9.4 12.4 0.75
* 69.25 9.0 1.0 5.75 1.2 0.0 10.5 3.3 0.69
* 66.6 8.0 0.6 5.6 0.9 4.6 7.9 5.8 0.64
** 66.5 8.5 0.0 5.5 2.2 5.5 9.5 2.8 0.68
** 68.1 6.7 0.0 4.7 0.0 0.0 7.7 12.8 0.74
** 68.0 8.3 0.0 5.2 2.1 4.9 8.7 2.8 0.63
** 61.3 5.7 0.0 4.4 0.0 7.6 16.2 4.8 0.55
** 69.4 8.8 1.0 5.8 1.2 0.0 10.5 3.3 0.80
***54.5 15.0 0.0 2.6 4.5 13 .4 10.0 0.0 0.511
***58.3 12.1 0.0 3.2 5.7 11.9 8.8 0.0 0.65
***58.8 12.8 0.0 3.7 3.9 9.5 8.7 2.6 0.65
***62.3 5.8 0.0 4.0 3.1 8.5 13.3 3.0 0.65
***63.1 4.8 0.0 4.5 3.5 7.9 12.9 3.3 0.75
***58.7 9.7 0.0 4.3 0.6 8.9 13.2 3.8 0.50
***59.8 8.0 0.0 5.2 0.7 8.2 12.6 4.5 0.65
***59.4 8.2 0.0 4.8 0.0 8.2 12.7 4.9 0.65
***59.8 4.8 0.0 5.0 0.8 7.3 18.7 2.7 0.65
***63.7 8.0 6.0 6.0 0.7 10.0 0.0 4.3 0.732
***60.1 8.3 0.6 5.5 1.0 10.0 10.0 3.0 0.614
***62.8 6.1 2.0 5.4 1.0 7.5 5.8 9.0 0.745
* From Ref. 13.
U From Ref. 14.
*** From Ref. 11.
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Fig. 13.6: Comparison between the observed volume fraction of y' precipitates (data are given
in Table 13.2) and those predicted.
Concerning step 7: The composition and the volume fraction of y phase are calculated using the
partitioning ratios given in Table 13.1.
Concerning step 8: A regression analysis has been carried out by Harada et al. analysing 100
different alloys to represent the effect of composition on the lattice parameters of y and
y' phasesY··1'l The results of the regression analyses are given below.
ay=3.5240+4.35E-3 xMoY+l.20E-3 xCrY+l.85E-3 xAIY+3.40E-3 xTiY+0.2E-3 xCoY
+4.l2E-3 xwY+6.3E-3 xTaY ..... (5)
ay,=3.5208+4.35E-3 xMOY'+1.20E-3 xCrY'+1.85E-3 xAIY'+3.40E-3 xTiY'
+0.2E-3 xcoY'+4.l2E-3 xwY'+6.3E-3 xTaY' ..... (6)
where ay. and ay' are the lattice parameters of gamma and gamma prime phases and xiY'y'
represents the mole fraction of ith element in Y or y'. The lattice mismatch is calculated using
the lattice parameters as follows;
Lattice mismatch (%) = [ ay, - ay) / ay'] * 100 ..... (7)
The results from equations 5 and 6 were tcsted against experimental data given in Table 13.3 and
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the agreement was found to be poor. Since the lattice parameters depend on the chemical
composition multiple regression analysis was carried out to find out the correlation between the
composition and the lattice mismatch. The regression analysis result (using the alloys given in
Table 13.3) is represented by equation 8, and the comparison between the observed and calculated
lattice misfit values is shown in Fig. 13.7.
%Lattice Mismatch (ay,-ay / ay') * 100= 1.216-0.00202xNiT
+0.003697xCrT+0.1090xMoT+0.07708xAlT_0.04055xTiT_0.006479xcoT
-0. 03787xWT_0. 003563xTa T ..... (8)
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Table 13.3 Chemical composition and corresponding lattice mismatch (LM) (ay'-ay I ay') * 100
values of the alloys used in the regression analysis.
Composition (wt%)
%LM Ni Cr Mo Ai Ti Co W Ta
* 0.32 60.10 5.5 0.0 5.2 0.0 7.5 16.6 5.1
* 0.17 40.10 5.5 0.0 5.3 0.0 7.3 18.6 3.4
* 0.49 68.0 6.6 0.0 5.2 0.0 0.0 12.8 7.7
* 0.28 66.40 9.2 0.0 5.3 0.0 0.0 8.7 10.4
* 0.78 67.6 5.4 0.0 5.5 0.0 0.0 9.4 12.4
*-0.04 69.25 9.0 1.0 5.75 1.2 0.0 10.5 3.3
* 0.39 66.6 8.0 0.6 5.6 0.9 4.6 7.9 5.8
* 0.28 62.5 10.0 0.0 5.0 1.5 5.0 4.0 12.0
* 0.25 66.5 8.5 0.0 5.5 2.2 5.5 9.5 2.8
**0.35 68.1 6.7 0.0 4.7 0.0 0.0 7.7 12.8
**0.16 68.0 8.3 0.0 5.2 2.1 4.9 8.7 2.8
**0.08 61.3 5.7 0.0 4.4 0.0 7.6 16.2 4.8
**-0.56 69.4 8.8 1.0 5.8 1.2 0.0 10.5 3.3
**-0.04 69.25 9.0 1.0 5.75 1.2 0.0 10.5 3.3
**0.393 87.20 0.0 0.0 12.8 0.0 0.0 0.0 0.0
**0.5635 87.30 0.0 0.0 12.7 0.0 0.0 0.0 0.0
**0.521 87.81 0.0 0.0 12.19 0.0 0.0 0.0 0.0
**0.449 87.70 0.0 0.0 12.30 0.0 0.0 0.0 0.0
**0.056 75.90 18.7 0.0 5.4 0.0 0.0 0.0 0.0
**0.244 84.30 5.2 0.0 10.50 0.0 0.0 0.0 0.0
**0.398 79.3 9.9 0.0 10.8 0.0 0.0 0.0 0.0
**0.918 77.80 15.0 0.0 2.4 4.5 0.2 0.0 0.0
**0.779 76.70 15.1 1.0 2.5 4.5 0.2 0.0 0.0
**0.417 75.70 15.1 3.0 2.5 4.5 0.2 0.0 0.0
**0.724 73.80 21.9 0.0 1.90 2.4 0.0 0.0 0.0
**0.363 73.30 21.7 0.0 3.70 1.30 0.0 0.0 0.0
**0.028 73.00 20.6 0.0 6.3 0.0 0.0 0.0 0.0
**0.306 52.0 18.0 4.2 3.0 3.0 19.0 0.0 0.0
**0.640 71.0 21.0 0.0 2.8 2.8 0.5 0.0 0.0
* After Ref. 13.
** After Ref. 16.
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Fig. 13.7: Comparison between the observed lattice mismatch (ay.-ay I ay.) * 100 (data are
given in Table 13.3) against those predicted using equation 8.
Concerning step 9: The phase computation method (pHACOMP) has been applied to predict the
presence or absence of topologically-closed-packed (TCP) phases. As discussed in Chapter 9. this
model suggests that TCP phases form after the critical value of electron vacany concentration
(Nvcrit) of the matrix. The value of Nvcrit depends on the composition and the temperature.
This value is taken to be 2.30 which is known to be a good assumptionYO) Above Nvcrit. the
matrix is unstable and TCP phases may form.
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Concerning step 11: Ultimate tensile strength (U.T.S) as a function of alloy composition (wt%) at
different temperatures has been calculated using equations 9-13.
U.T.S (20°C) = 461.9+12.91xCrT+2.473xcoT+15.85xMoT+9.621xwT+26.95xTaT
+34.44xA1T+32.51xTiT ..... (9)
U.T.S (650°C) = 148.2+11.39xCrT+4.088xcoT+14.82xMOT+11.80xwT+29.21xTaT
+82.19xA1T+61.05xTiT ..... (10)
U.T.S (760°C) = 96.52+12.16xCrT+1.008xcoT+20.40xMoT+15.19xwT+33.17xTaT
T T+88.68xAl +58. 92xTi ..... (11)
U.T.S (871°C) = 56.53+5.184xCrT+2.559xcoT+23.87xMOT+12.93xwT+28.21xTaT
T T+84.14xAl +37.96xTi ..... (12)
U.T.S (982°C) = 37.23-3.992xCrT-0.0091xCoT_0.55xMoT+6.53xwT+20.05xTaT
T T+67.91xAl +42.92xTi ..... (13)
These equations were derived using multiple regression analysis from the data given in Table
13.4. The strengthening due to pure nickel was subtracted for each composition, and used as a
regression constant. In this way, the contributions of the individual alloying elements to the
strength of nickel-based hardfacing alloys could be evaluated. The strength of pure nickel as a
function of temperature is taken from Table 13.5 and represented in Fig. 13.8. Fig. 13.9a-e show
comparisons between the observed ultimate tensile strength against those predicted using Eqs.
9-13 at different temperatures. The correlation coefficients were found to be 0.84, 0.84, 0.83,
0.86. and 0.85 at 21, 650, 760, 871 and 9820C, respectively illustrating the good agreement
between the observed and calculated strength values.
273
Table 13.4 Chemical composition and corresponding ultimate tensile strength (U.T.S.) values of
cast nickel-based superalloys used in the multiple regression analysesY7)
U.T.S. (MPa) (oC) Composition (wt%)
20 650 760 871 982 Ni Cr Mo Co W Ta Al Ti Fe
710 660 63.0 15.5 0.0 5.3 0.0 0.0 3.0 2.0 10.0
500 73.0 20.0 0.0 0.0 0.0 0.0 0.2 0.4 5.0
730 71.0 20.0 0.0 0.0 0.0 0.0 1.3 2.4 5.0
700 560 490 260 53.0 20.0 17.5 0.0 0.0 0.0 1.3 2.4 5.0
1040 1080 1195 1215 595 74.0 0.0 0.0 18.0 0.0 0.0 8.0 0.0 0.0
975 1015 950 793 550 64.0 8.0 10.0 6.0 0.0 4.0 6.0 1.0 0.0
1185 1295 1020 66.0 8.0 4.6 0.6 7.9 5.8 5.6 0.9 0.0
1015 1110 1070 885 565 60.0 10.0 15.0 3.0 0.0 0.0 5.5 4.7 0.0
835 895 915 750 525 67.0 9.5 10.0 2.5 0.0 0.0 5.5 4.6 0.0
1035 1085 965 770 455 61.0 16.0 8.5 1.7 2.6 1.7 3.4 3.4 0.0
1170 1130 840 61.0 12.4 9.0 1.9 3.8 3.9 3.1 4.5 0.0
1050 985 915 640 325 48.0 22.5 19.0 0.0 2.0 1.4 1.9 3.7 0.0
1170 1090 990 840 61.0 12.4 9.0 1.9 3.8 3.9 3.1 4.5 0.0
730 835 910 885 545 71.0 5.7 0.0 2.0 11.0 3.0 6.3 0.0 0.0
930 950 930 840 550 60.0 9.0 10.0 0.0 12.0 0.0 5.0 2.0 0.0
1000 1020 1080 915 655 60.0 9.0 10.0 0.0 12.0 0.0 5.0 2.0 0.0
965 1035 1035 860 550 60.0 9.0 10.0 2.5 10.0 1.5 5.5 1.5 0.0
1035 1070 1035 825 550 61.0 9.0 10.0 0.0 10.0 2.5 5.5 1.5 0.0
1000 1000 895 655 380 74.0 12.0 0.0 4.5 0.0 0.0 5.9 0.6 0.0
1070 1070 1070 860 550 59.0 8.5 10.0 2.0 8.0 3.8 4.8 2.5 0.0
1105 1070 1070 860 565 63.0 9.0 10.0 2.5 10.0 1.5 5.5 1.5 0.0
1035 1070 1035 825 540 59.0 9.0 10.0 0.0 12.5 0.0 5.0 2.0 0.0
1085 1135 950 60.0 8.3 10.0 0.7 10.0 3.0 5.5 1.0 0.0
965 1050 1035 825 550 60.0 8.2 10.0 0.0 10.0 3.0 5.5 1.0 0.0
1140 1140 1130 995 685 63.0 10.0 5.0 0.0 4.0 12.0 5.0 1.5 0.0
1020 1050 940 58.0 14.6 15.0 4.2 0.0 0.0 4.3 3.3 0.0
1030 1030 995 705 60.0 14.0 9.5 4.0 4.0 0.0 3.0 5.0 0.0
1020 910 875 51.0 15.0 22.0 4.5 0.0 0.0 4.4 2.4 0.0
1060 1100 1090 840 58.0 11.0 14.5 6.5 1.5 0.0 5.4 2.5 0.0
1050 1140 1095 870 595 61.0 6.1 7.5 2.0 5.8 9.0 5.4 1.0 0.0
930 885 855 650 130 52.0 18.0 19.0 4.2 0.0 0.0 3.0 3.0 0.0
945 950 945 710 64.0 16.0 5.0 1.5 6.0 0.0 4.5 2.0 0.0
1075 1110 1055 730 415 55.0 18.0 15.0 3.0 15.0 0.0 2.5 5.0 0.0
895 830 830 775 485 72 .0 0.0 0.0 0.0 20.0 0.0 6.5 0.0 0.0
1040 1080 1195 1215 595 74.0 0.0 0.0 18.0 0.0 0.0 8.0 0.0 0.0
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Table 13.5: Ultimate Tensile Strength (D.T.S) of annealed pure nickel as a function of
temperature,oS)
Temperature (QC)
21
93
149
204
260
315
343
371
426
482
538
593
649
760
815
871
982
1093
500
D.T.S. (MPa)
461
458
459
458
465
456
427
361
303
255
217
182
148
96
84
56
37
24
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Fig. 13.8: Strength of pure nickel as a function of temperature. Data from Ref. 18.
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Fig. 13.9 Comparison between the observed ultimate tensile strength (D.T.S) against values
calculated using equations 11 and 12, at c) 760°C; d) 871°C respectively.
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278
•13.4 Experimental Alloys
Hastelloy type nickel-chromium-molybdenum hard facing alloys with the nominal composition
Ni-15Cr-16Mo (wt%) are currently used for high temperature applications (e.g. hot shear blades,
valve seats) where, in addition to the high temperature strength, oxidation and corrosion resistance
are also important. These alloys are nominally single phase and include other alloying additions
such as tungsten and iron. The composition of Hastelloy C-276 which was deposited by the
manual metal arc welding process is given in Table 13.6. The weld was deposited in three layers
so that the top layer could be examined in an essentially undiluted condition. Electrodes 4rnrn in
diameter were used, the welding conditions being 160A, 23V A.C., with a welding speed of about
O.OO4m/s and an interpass temperature of about 3500C. The influence of Al, Ti, and Al+Ti on the
microstructure was studied on experimental casts (= 65g) made from high purity elements in an
argon arc furnace with a water cooled copper mould. The chemical compositions of the alloys
studied are presented in Table 13.6. A number of 3mm diameter rods were machined from the
weld deposit, parallel to the welding direction. For heat treatment experiments, specimens and
3mm diameter discs were cut from the casts and were sealed off in a quartz tube, after flushing
three times with argon, pumping down to a pressure of 10-6 tOrTand backfilling with a partial
pressure of argon. The alloys were first analysed theoretically using the computer program and the
results are presented in Table 13.7, including the ultimate tensile strength values as a function of
temperature. The electron vacancy concentration of the matrix phase (Nvm) is also calculated and
compared with the critical electron vacancy concentration (Nvcrit = 2.30). The ratio of (Nvm) I
(Nvcrit) is a measure of the degree of the stability of the matrix phase. It can be seen that (Nvm)
for all the alloys studied is higher than 2.30 indicating that topologically-closed-packed phases are
likely to form. The Ti containing alloy was found to be the most me tastable due to the high
electron vacancy number of Ti.
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Table 13.6 Chemical compositions of the alloys studied (wt%).
Ni Cr Mo Al Ti Fe W Si Mn C
C-217 62.6 14.94 15.48 2.25 3.78 0.26 0.58 0.068
Cast-1 57.8 15.2 16.9 0.3 8.1 0.18 0.20 0.012
Cast-2 63.1 15.4 15.7 5.2 0.02 0.13 0.20 0.008
Cast-3 62.0 15.4 16.0 3.3 2.4 0.14 0.20 0.004
Cast-4 74.0 10.0 10.0 3.3 2.4 - *
* Nominal composition.
Table 13.7 Calculated volume fraction of gamma prime preCIpitates (Vy')' Ultimate Tensile
Strength (UTS) values (MPa) as a function of temperature ~C), and (Nvm) I (Nvcrit) ratio of the
experimental alloys. In this table UTS20, UTS650 represent the ultimate tensile strength at 20,
and 6500C respectively and vice versa. (Nvcrit) ratio is taken to be 2.30 as discussed in the text.
(VY' ) UTS20 UTS650 UTS760 UTS871 UTS982 (N ID) / (N crit)v v
C-217 936 593 650 552 0.89
Cast-1 0.5 1199 1091 1124 871 335 1.22
Cast-2 0.43 1106 978 1024 887 294 1.13
Cast-3 0.55 1089 984 1066 949 321 1.25
Cast-4 0.48 951 850 878 736 336 0.83
280
."
13.5 Results and Discussion
The position of the alloy C-276 in isothermal sections of Ni-Cr-Mo system, at 12500C, and
8500C19)ignoring the effect of other alloying elements is shown in Fig. 13.10. It can be seen that
the alloy is in the single phase region of fcc nickel at both temperatures. Transmission electron
microscopy, however, revealed that the alloy is a mixture of fcc matrix and intermetallic
compound P phase, preferentially nucleated on y/y grain boundaries (Fig. 13.11a). The P phase
has a orthorhombic crystal structure with a = 9.07 A, b = 16.98A, and c = 4.75 A.(l9)This phase
has been observed extensively in Hastelloy nickel·based alloysY·I9-21)The composition range of the
P phase was determined to be Cr: 9.1 to 18.4, Ni: 31.2 to 34.5, and Mo: 50.4 to 58.2 pet, with a
nominal chemical composition CrNi2M02Y9)It has been demonstrated that alloy additions such as
iron and tungsten in Hastelloy C-276 can displace the gamma solvus line so that the alloy can be
in P+y region as the alloy solidifies from 1250 to 8500C. The P+y field at 8500C is displaced to
a region of higher Cr content as the ~+y field appears at lower Cr and higher Mo concentrations.
This is consistent with the experimental results which showed that the alloy contains ~ phase in
the fcc matrix at 8500C after 20 days (Fig. 13.llb). The ~ phase has a hexagonal crystal
structure (a = 4.76 A, and c = 25.72 A), having a rhombohedral symmetry<19)with a high fault
density (Fig. 13.11c).
The as-received microstructure of titanium containing alloy (Cast-I) was found to be
significantly different, consisting of a high volume fraction of sigma phase in the fcc matrix (Fig.
13.12a). The formation of sigma phase is not unexpected since titanium has a high electron
vacancy number (6.6),(3)and therefore promotes the formation of topologically-c1osed-packed
phases. Some l' particles are clear as illustrated in the bright field transmission electron
micrograph in Fig. 13.12b. The sigma phase was found to be stable at 7500C after 100 hours as
illustrated in Fig. 13.12c.
An addition of aluminium resulted in the formation of a high volume of y' precipitates (Fig.
13.13a). Even though some sigma phase was occasionally observed (Fig. 13.13b) the quantity of
it was found to be small. After 100 hours at 7500C the y' precipitates were found to be
surrounded by a high density of interfacial dislocations resulting from the lattice misfit (Fig.
13.13c). The sigma phase was observed to be stable as seen from Fig. 13.13c.
A high volume fraction of l' precipitates was also observed in an A1+Ti containing alloy in
the as-received condition (Fig. 13.14a). After ageing 100 hours at 7500C, the microstructure was
found to be in a four-phase equilibrium, as sigma phase (large particles), Ni3Ti plates.
y' precipitates, and y matrix.
These results have shown that the addition of Al, Ti, and Al+Ti to an alloy with nominal
composition Ni·16Cr-16Mo (wt%) results in a microstructure which is a mixture of gamma prime
precipitates and intermetallic compounds in an fcc matrix. Therefore, molybdenum and chromium
additions were decreased to lOwt% in alloy Cast·2 in order to obtain a microstructure consisting
of only gamma and gamma prime phases. The electron vacancy concentration of the matrix phase
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of the new alloy was found to be ::::1.8 which is well below the (Nvcrit) suggesting that
intennetallic compounds are unlikely to fonn. Transmission electron microscopy analysis results
were found to be consistent with the above discussion, showing that the alloy contains very fine
gamma prime precipitates with volume fraction ::::0.6 in the gamma matrix (Fig. 13.15).
Although this result is very encouraging, the high-temperature microstructural stability of this
alloy has yet to be detennined.
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Fig. 13.10: Isothermal sections of Ni-Cr-Mo system at a) 12500C; b) 850°C. The point
indicated on the diagrams shows the position of the alloy C_217.(19)
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Fig. 13.11: a) Bright field transmission electron micrograph of alloy C-2l7 after solidification,
showing fcc gamma grain and P phase which is preferentially nucleated on y/y grain boundaries.
Selected area diffraction pattern from the P phase is given in the left-hand corner; the zone axis
of the pattern is <32O>p. Selected area diffraction pattern from the matrix phase is given in the
right-hand corner illustrating <lll>fcc pattern; b) bright field transmission electron micrograph
after 20 days at 8500C showing two phase equilibrium; fcc matrix and J.1 phase, indicating that P
phase is not stable at this temperature; c) dark field transmission electron micrograph of the
J.1 phase using (132) refi~ction showing extensive faults; the zone axes of the pattern is <134>.
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Fig. 13.12: Bright field transmission electron micrographs of alloy Cast-1 (Ni-15.2Cr-16.9Mo-
O.3Al-8.ITi wt%), after solidification showing a) a high volume fraction of sigma phase (selected
area diffraction pattern from the sigma phase is inserted; the zone axis of the pattern is
<lll>sigma; b) y' precipitates; selected area diffraction pattern from the yly' region is inserted;
the zone axes of the pattern is <Ol1>fcc; c) after 100 hours at 750oC, illustrating that the sigma
phase is stable and in equilibrium with y and y' phases.
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Fig. 13.13: a) Dark field transmission electron micrograph of alloy Cast-2 (Ni-15.4Cr-15.7Mo-
5.2A1-0.02Ti wt%) using (11O)y' reflection showing a high volume fraction of gamma prime
precipitates (== 0.6); and b) sigma phases; the zone axis of the inserted diffraction pattern is
<201>sigma; c) dark field transmission electron micrograph using (110)1' superlattice reflection
showing a high density of interfacial dislocations resulting from the y/y' lattice mismatch, and
some sigma phase (black particles).
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Fig. 13.14: Bright field transmission electron micrographs of alloy Cast-3 (Ni-15.4Cr-16.0Mo-
3.3Al-2.4Ti wt%) a) as received microstructure consisting of y' precipitates; b) after 100 hours at
7500C illustrating four phase equilibrium; sigma phase (large black particles) selected area
diffraction pattern inserted in left-hand corner; the zone axis is <IlO>sigma' Ni3Ti plates
(inserted diffraction pattern is taken from these particles; zone axis of the pattern is < 1OO>Ni3Ti)
arrow points out (23l)Ni Ti spot, y' precipitates and the gamma matrix.
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13.6 Conclusions
An attempt has been made to improve the high temperature properties of nickel-based
hardfacing alloys. The alloys which are currently used possess poor high temperature wear
resistance due to a lack of second phase strengthening. Although the alloys used are nominally
single phase fcc nickel at high temperatures, an addition of alloying elements such as tungsten
and iron can alter the isothermal sections of Ni-Cr-Mo system so that alloys are located in a two-
phase region of the Ni-Cr-Mo equilibrium phase diagram consisting of fcc gamma matrix and one
of a variety of intermetallic compounds (e.g. mu phase at 8500C). These compounds are brittle
and therefore detrimental to mechanical properties at nickel-based superalloy applications. On the
other hand, their wear resistance is expected to be better compared to an alloy which is in a
single phase region y primarily through their high hardness. One difficulty is that the ranges of
the stability of those intermetallic compounds are not very well known, and experimental studies
here showed that an addition of alloying elements tend to have a significant influence on Ni-Cr-
Mo isothermal sections.
In order to develop new nickel-based hard facing alloys a theoretical computer program which
is capable of accounting for the simultaneous effects of several alloy additions was used. The
main purpose was to provide precipitation strengthening via y' by the addition of Al, and Ti.
Multiple regression analysis was therefore carried out using the available data in the literature to
rationalise the effect of chemical composition on the high temperature strength, and the lattice
mismatch between the yly' phases. The program is also capable of calculating the volume fraction
of y' precipitates, and electron vacancy concentration of the matrix phase, which gives an
indication of whether topologically-closed-packed phases will be stable. The addition of Al, Ti,
and Al+Ti to an alloy with nominal composition Ni-16Cr-16Mo (wt%) giving:::: 0.6 volume
fraction of y' precipitates was first experimentally studied. These additions resulted in the
formation of a high volume fraction of intermetallic compounds whose morphology, volume
fraction, and the range of the stability was found to vary significantly with the composition. The
actual effects of these intermetallic compounds on alloy mechanical properties is a suitable subject
for future research.
Since chromium, and molybdenum are intermetallic compound forming elements, their
compositions were reduced to lOwt% in an alloy with nominal composition Ni-lOCr-lOMo-3.3Al-
2.4Ti. Theoretical calculations showed that the electron vacancy concentration of the matrix phase
is well below the critical concentration indicating that the matrix should be stable. The calculated
volume fraction of gamma prime precipitates was found to be :::: 0.5 which provides significant
hardening compared to alloy C-217 (Table 13.6). Transmission electron microscopy results
showed that the as-received microstructure consists of very fine y' precipitates in the y matrix.
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This alloy can be replaced by C-2l7 for applications such as valve seats and hot shear blades.
However, its high temperature microstructural stability is yet to be determined. Since these alloys
are produced by a variety of welding processes, the microstructure of the weld deposits need to
be established.
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14. CONCLUSIONS AND SUGGESTIONS FOR FURTHER WORK
Some progress has been made in designing methods for the control of microstructure and in
understanding the relationship between abrasive wear resistance and microstructure in iron, cobalt.
and nickel-based hardfacing alloys.
It has been demonstrated using a theoretical model, based on three dimensional heat flow
equations that the welding variables (e.g. the arc voltage, arc current, travel speed) have a
significant influence on the geometry, dilution and microstructure of hardfacing deposits; in
particular the cooling rate is dependent upon the the variables. The influence of the heat input on
the volume fraction of phases in iron-based hardfacing alloys has been calculated. The results
showed that the volume fraction of primary carbides decreases drastically with increased heat
input. Similar calculations need to be carried out in order to understand the influence of each
welding variable and combinations of them on the microstructure. The method used here does not
take into account some important factors such as convective flow and magnetic forces in the weld
pool.
The microstructure and abrasive wear resistance of high chromium and high carbon containing
iron-based hard facing deposits has been investigated. In the undiluted state it consists of primary
M7C3 carbides and a eutectic mixture of austenite and more eutectic M7C3. The metastable
austenitic matrix was found to contain ==16Cr(wt%) and was expected to transform to a mixture
of ferrite and M7C3 below ==750°C. The ferrite that forms has a significantly lower chromium
content. The kinetics of this transformation have been studied at 800, 750 and 7000C. At the
initial stage of transformation, M23C6 type carbides were observed to form in the austenitic
phase. M23C6 is not expected from the Fe-Cr-C equilibrium phase diagram. The nucleation of
these carbides could be associated with a good match at the interface between austenite and
M23C6 resulting in a low interfacial energy and hence a smaller barrier to nucleation. Eventually
the austenite was found to transform to ferrite, the final microstructure after 24 hours being ferrite
and M7C3 carbides. The chromium concentration in the ferrite was found to be ==3wt%, well
below the amount needed for good oxidation and corrosion resistance. Therefore, an attempt has
been made to modify the microstructure using thermodynamic modelling of Fe-Cr-C-X (where X
refers to a fourth alloying addition) systems, when 'Y is in equilibrium with M7C3, The
calculations suggested that additions of Mn and Ni increase the Cr concentration of the austenitic
matrix. On the other hand, silicon was found to have an opposite effect The volume fraction of
M7C3 carbides was found to decrease drastically with additions of Mn and Ni and to increase
with Si. Experimental alloys confirmed the calculations. Si also significantly changed the
morphology of the primary M7C3 carbides, the particles tending to become more equiaxed with
increased silicon concentration. This may be because the orientation dependence of
liquid/M7C3 interfacial energy is reduced by Si. The abrasive wear resistance of the Si
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containing alloy was found to be better than that of the Mn and Ni containing alloys, primarily
due to the morphological effect. The morphological changes may improve impact abrasion
resistance and need further investigation. New welding electrodes and deposits have already been
prepared in which the effect of dilution on the first two layers of the usual manual metal arc
deposits will also need to be studied.
The effect of Nb and Ti on the microstructure and abrasive wear resistance was studied in
weld deposits and in cast alloys. MC (NbC, TiC) type carbides precipitate first and later the
liquid transforms to austenite and M7C3 carbides via a eutectic reaction. Microanalysis showed
that Nb and Ti are used mainly in the formation of MC carbides with only limited amounts being
found in the matrix phase. High-stress abrasion test experiments showed that the width of the
scratch grooves was narrower in the primary hard MC carbides than in the eutectic region
indicating an improved abrasion resistance.
The effects of Mo on the microstructure of Fe-based hardfacing deposits have been examined.
The optical microscopy and micro analysis revealed the high molybdenum containing dark. etching
regions along the austenite dendrite boundaries, which form due to segregation during
solidification.
Vanadium and tungsten in Fe-Cr-C-Nb alloys were found to partition preferentially into the
M7C3 carbides and did not form any tungsten or vanadium-rich carbides.
The microstructure and abrasive wear properties of cobalt-based Stellite 6 type hard facing
alloys deposited by manual metal arc (MMA) welding, tungsten inert gas (TIG) welding, and
laser cladding were investigated in order to establish the relationship between microstructure and
wear properties. The degree of dilution was greatest with MMA, and found to decrease in the
order MMA, TIG, laser cladding. Subsequently, the strength of the microstructure decreased on
the reverse order of processes. Microanalysis experiments indicated that the laser cladding process
involves less turbulence within the fusion zone as evident from the nonuniform distribution of
alloying elements. The TIG deposits however, were observed to have the most uniform chemical
composition. The microstructure of the undiluted top layer of each deposit was found to contain
primary fcc cobalt-rich dendrites and interdendritic M7C3 carbides. The matrix phase was found
to contain a high density of stacking faults oriented in a particular variant probably due to the
presence of residual stresses in each deposit. The microanalysis experiments indicated that
tungsten preferentially partitions into the M7C3 carbides. This property needs to be controlled,
since a high concentration of tungsten is needed in the matrix phase for improved solid solution
strengthening. Among the other alloying elements, Fe and Ni were found to partition strongly into
the fcc matrix phase. It is well known that these alloying elements stabilise the fcc phase so that
this result may be of use in controlling the microstructure. Silicon hardly dissolves in the carbide
phase as is the case in iron-based alloys. It is likely that an increased Si level may alter the
volume fraction and morphology of carbides and consequently the abrasive wear resistance. This
also needs further investigation.
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The abrasive wear properties of these deposits were examined using two different abrasives;
SiC and alumina. With alumina abrasives, the MMA samples were found to show the poorest
wear resistance because of their coarser microstructure and lower starting hardness. The TIG
deposits showed the highest initial wear resistance because of a high matrix stacking fault energy.
Strain hardening was noted in laser clad samples due to the relatively low stacking fault energy
of the matrix phase resulting in easy fcc-hcp strain-induced phase transformation. With relatively
hard SiC abrasives the wear rate in all samples were found to be almost the same, although laser
clad deposits showed slightly lower wear rate, probably due to their strain hardening capacity.
The overall weight loss with SiC abrasives for each deposit was found to be higher than that of
alumina abrasives. This is a reflection of the relatively large size of SiC abrasives. This work was
carried out on samples prepared using what are believed to be typical process parameters. There
are a number of variables which can be adjusted to modify the microstructure. Therefore, the
influence of those variables on the microstructure and abrasive wear resistance needs to be
studied. It is also important to study the effect of chemical composition on abrasive wear
resistance. For instance, abrasion properties of a high Fe and high Ni containing alloy may be
compared with an alloy without any addition of these elements. In the former alloy the fcc matrix
may be stabilised and in the latter case the fcc-hcp transformation should become easier. This
gives a chance to understand the influence of the matrix phase and strain hardening on abrasive
wear resistance. The wear test experiments need to be carried out at high temperatures, simulating
the service conditions.
The high temperature microstructural stability of the Co-based deposits was investigated.
M23C6 carbides were observed to nucleate on stacking faults or dislocations. With increasing
time, two different carbide morphologies were observed; long continuous carbides which are
preferentially oriented in the matrix, and discrete irregular particles with no favoured orientation.
Elastic interactions between adjacent particles are believed to be responsible for the aligenment of
the carbides during coarsening. The presence of the residual stresses may also play an important
role for the alignment. The effect of the residual stresses can be eliminated by annealing the
samples before heat treatments so that the significance of elastic interactions on carbide growth
can be better understood. The interdendritic M7C3 carbides were found to transform to
M23C6 carbides. Direct evidence of the transformation has not been obtained and this may be
very interesting subject for future work.
Nickel-based alloys in current use, possess poor high temperature wear resistance due to the
lack of second phase strengthening. In order to modify the microstructure a model which is
capable of accounting for the simultaneous effects of several alloy additions was developed and
used. Precipitation hardening was provided experimentally by the addition of AI, Ti or Al+Ti
resulting in a formation of y' precipitates. The stability of the matrix phase was controlled so that
probability of the formation of topologically-closed-packed phases was low. The effect of
chemical composition on the high temperature strength was also analysed. A Ni-IOCr-lOMo-
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3.3Al-2.4Ti (wt%) cast alloy was designed with a microstructure having y+y' mixture. The alloy
was found to contain very fine y' precipitates in the 'Ymatrix, consistent with the calculations.
The calculated high temperature strength of this alloy is also much better than the currently used
alloys. However, high temperature microstructural stability and the effect of dilution on the weld
deposits need to be studied.
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APPENDIX 1: THERMODYNAMIC PROGRAM TO CALCULATE EQUILIBRIUM
COMPOSITIONS
1 FfVSCLR PROGRAM=%H% DAT A=.DAT A NAG
2 C THIS PROGRAM CALCULATES THE AUSTENITE/M7C3' FERRITE/M7C3
3 C EQUILIBRIUM IN FE-CR-C, Fe-Cr-C-Si, Fe-Cr-C-Mn, Fe-Cr-C-Ni
4 C QUATERNARY SYSTEM, ON THE BASIS OF
5 C MINIMAZATION OF THE TOTAL GIBBS FREE ENERGY OF THE SYSTEM.
6 C THE SUBROUTINE "GROWTH" CALCULATES THE COARSENING RATE
7 C OF M7C3 CARBIDES EITHER IN AUSTENITE OR FERRITE.
8 IMPLICIT REAL *8 (A-H,O-Z)
9 DOUBLE PREOSION F
10 INTEGER IBOUND, IFAIL, J, LIW, LW, N, NOUT
11 DOUBLE PRECISION BL(4), BU(4), W(54), X(4)
12 DOUBLE PREOSION TFE,TCE,TC,R,T,TSI,TCR
13 DOUBLE PRECISION TTOP,TNIl,TMNl,TSIl,TCl
14 DOUBLE PREOSION Vl,V2,V3,V4,VSI,TFEl,TCRl
15 DOUBLE PRECISION PART,DIFl,DIFCO,PRl'pR2,PR3,RADIUS
16 DOUBLE PRECISION ESI,ALPHA,TMN,TNI,VX
17 DOUBLE PRECISION C~,CNI,EMN,ENI
18 INTEGER IW(6),TlME
19 COMi\10N/P ACAK/fFE,TCR,TSI,TMN,ThTJ
20 COMi\10N/ZARZA/R,T
21 COMMON/f ARTA/ESI,ALPHA,A3
22 COMi\10N/EXTR/J
23 COMMON/PIRE/E~,ENI
24 READ (5,*) J
25 READ (5,*) TFEl,TCRl,TTOP
26 IF (J .EQ. 1) THEN
27 TNI=TTOP
28 TNI1=TTOP
29 ELSE IF (J .EQ. 2) THEN
30 T~=TTOP
31 T~I=TTOP
32 ELSE IF (J .EQ. 3) THEN
33 TSI=TTOP
34 TSI1=TTOP
35 ENDIF
36 IF (J .EQ. 1) THEN
37 TCl=l.ODO-TCRI-TFEI-TNII
38 ELSE IF (J .EQ. 2) THEN
39 TCl=l.ODO-TCRI-TFEI-TMNI
40 ELSE IF (J .EQ. 3) THEN
41 TCl=l.ODO-TCRI-TFEI-TSIl
42 ENDIF
43 Vl=TFEl/55.85
44 V2=TCR 1/52.0
45 IF (J .EQ. 1) THEN
46 VX=TNI/58.09
47 ELSE IF (J .EQ. 2) THEN
48 VX=TMN/55.0
49 ELSE IF (J .EQ. 3) THEN
50 VX=TSI/28.09
51 ENDIF
52 V3=TCl/12.0l
53 V4=Vl+V2+V3+VX
54 TFE=VIN4
55 TCR=V2N4
56 TMN=VXN4
57 TNI=VXN4
58 TSI=VXN4 &SA 7 SEP 88 16.20
59 TC=V3N4
60 TFE=TFE/(l.ODG- TC)
61 TCR=TCR/(l.ODO-TC)
62 TNI=TNI/(l.ODO-TC)
63 TMN=TMN/(l.ODO-TC)
64 TSI=TSI/(1.0DO-TC)
65 TC=TC/(l.ODO-TC)
66 WRITE(6,*) TCR,TC
67 T=12.73D2
68 R=1.987DO*4.182DO
69 DATA NOUT /6/
70 X(l)=0.71DO
71 X(2)=0.032D-l
72 X(3)=0.25
73 X(4)=0.71DO
74 WRITE (6,*) X(l),X(2),X(3),X(4)
75 N = 4
76 IBOUND = 0
77 BL(l) =0.4000
78 BU(l)=0.8OO
79 BL(2)=0.02OO
80 BU(2)=0.09DO
81 BL(3)=0.20OO
82 BU(3)=0.30DO
83 BL(4)=0.55OO
84 BU(4)=0.80DO
85 LIW = 6
86 LW = 54
87 IFAIL = 1
88 CALL E04JAF(N, IBOUND, BL, BU, X, F, lW, LIW, W, LW, IFAIL)
89 C SINCE IFAIL WAS SET TO 1 BEFORE ENTERING E04JAF, IT IS
90 C ESSENTIAL TO TEST WHETHER IFAIL IS NON-ZERO ON EXIT
91 IF (!FAIL.NE.O) WRITE (NOUT,99998) IFAIL
92 IF (IFAIL.EQ.1) GO TO 20
93 WRITE (6,*) , ISOTHERMAL TEMPERATURE IS (KELVIN): " T
94 WRITE (6,*) , WEIGHT PERCENT OF TOTAL FE IN THE ALLOY', TFE1
95 WRITE (6,*) , WEIGHT PERCENT OF TOTAL CR IN THE ALLOY', TCR1
96 IF (J .EQ. 1) GOTO 66
97 IF (J .EQ. 2) GOTO 67
98 IF (J .EQ. 3) GOTO 68
9966 WRITE (6,*) , WEIGHT PERCENT OF TOTAL NI IN THE ALLOY', TNI1
1()() GOTO 69
101 67 WRITE (6,*) , WEIGHT PERCENT OF TOTAL MN IN THE ALLOY', TMN1
102 GOTO 69
103 68 WRITE (6,*) , WEIGHT PERCENT OF TOTAL SI IN THE ALLOY " TSIl
104 69 CONTINUE
105 WRITE (6,*) , WEIGHT PERCENT OF TOTAL C IN THE ALLOY', TC1
106 CALL STAR
107 CALL STAR
108 WRITE (6,*) , MINIMUM GIBBS FREE ENRGY OF THE SYSTEM IS " F
109 CALL STAR
110 IF (J .EQ. 1) THEN
III GOTO 323
112 ELSE IF (J .EQ. 2) THEN
113 GOTO 324
114 ELSE IF (J .EQ. 3) THEN
115 GOTO 325
116 ENDIF &SA 7 SEP 88 16.20
117323 WRITE (6,*) , MOLE FRACfION OF NI IN AUSTENITE: " ENI
118 GOTO 327
119324 WRITE (6,*) , MOLE FRACfION OF MN IN AUSTENITE: ',EMN
120 GOTO 327
121 325 WRITE (6,*) , MOLE FRACfION OF SI IN AUSTENITE: " ESI
122 327 CONTINUE
123 A3=(TCR-(X(4)*(1.0DO-ALPHA»)/ALPHA
124 WRITE (6,*) , MOLE FRACfION OF CR IN AUSTENITE: " A3
125 WRITE (6,*) , MOLE FRACfION OF C IN AUSTENITE: " X(2)
126 WRITE (6,*) , MOLE FRACfION OF FE IN M7C3: " X(3)
127 WRITE (6,*) , MOLE FRACfION OF CR IN M7C3: " X(4)
128 WRITE (6,*) , VOLUME FRACfION OF AUSTENITE IS " ALPHA
12920 STOP
130 C END OF E04JAF EXAMPLE MAIN PROGRAM
131 99998 FORMAT (///16H ERROR EXIT TYPE, 13, 22H - SEE ROUTINE DOCUMEN,
132 * IHT)
133 END
134 SUBROUTINE FUNCf1(N, XC, FC)
135 C ROUTINE EVALUATES THE OBJECfIVE FUNCfION
136 IMPLICIT DOUBLE PREOSION (L)
137 IMPLICIT DOUBLE PRECISION (A)
138 IMPLICIT DOUBLE PREOSION (E)
139 IMPLICIT DOUBLE PRECISION (C)
140 DOUBLE PRECISION FC
141 DOUBLE PRECISION XC(N)
142 DOUBLE PRECISION X1,x2,X3,x4
143 DOUBLE PRECISION AC,ACR,ALPHA
144 DOUBLE PRECISION TFE,TCR,R,T
145 DOUBLE PRECISION ESI,EMN,ENI,CMN,CNI
146 DOUBLE PRECISION TMN,TNI,TSI
147 COMMON/PACAK/TFE,TCR,TSI,TMN,TNI
148 COMMON(ZARZA/R,T
149 COMMON{f ART A/ESI,ALPHA,A3
150 COMMON/EXTR/J
151 COM.t\10N/PIRE/EMN,ENI
152 INTEGER N
153 Xl=XC(l)
154 X2=XC(2)
155 X3=XC(3)
156 X4=XC(4)
157 C
158 C
159 C CALCULATION OF THE FUNCTION
160 C ALPHA MOL AUSTENITE
161 C DEFINING MN, AND NI MOL FRACTIONS IN AUSTENITE AND M7C3
162 C CMN,CNI IN M7C3, EMN, ENI IN AUSTENITE
163 C
164 ALPHA=(TFE-X3)/(XI-X3)
165 A3=(TCR-(X4*(1.0DO-ALPHA»)/ALPHA
166 CMN=(1.0DO-(X3*0.7+X4*0.7+0.3»tU.7
167 EMN=(TMN-(CMN*(l.ODQ-ALPHA»)/ALPHA
168 CNI=0.lD-3
169 ENI=(TNI-(CNI*(l.ODO-ALPHA»)jALPHA
170 Al=SLFE(T)
171 A2=Xl*Al
172 A4=SLCR(T)
173 A5=A3*A4
174 IF (J .EQ. 1) GOTO 121 &SA 7 SEP 88 16.20
175 IF (J .EQ. 2) GOTO 122 233 C EXCESS GIBBS FREE ENERGY DUE TO NI
176 IF (J .EQ. 3) GOTO 123 234 C
177 121 El=SLNI(T) 235 130 ANl=-14.600D3
178 E2=ENI*El 236 AN2=ANI*X2
179 GOTO 125 237 AN3=-14.600D3
180 122 El=SLMN(T) 238 AN4=(1.0DO-X2)*AN3
181 E2=EMN*El 239 AN5=AN2+AN4
182 GOTO 125240 ATOP=Xl *ENI*AN5
183 123 ESI=TSIjALPHA 241 GOTO 135
184 El=SLSI(T) 242 C
185 E2=ESI*El 243 C
186 125 CONTINUE 244 C EXCESS GIBBS FREE ENERGY DUE TO MN
187 C GIBBS FREE ENERGY FOR THE FORMATION OF FCR CARBIDE 245 C
188 A6=GFF(T) 246 131 AMNl=9.230D3-(1.0Dl *T)
189 A7=X2*A6 247 AMN2=AMNl*X2
190 A8=Xl *DLOG(Xl) 248 AMN3=7.30D2-(1.0Dl *T)
191 A9=A3*DLOG(A3) 249 AMN4=(1.0DO-X2)*AMN3
192 AIO=X2*DLOG(X2) 250 AMN5=AMN2+AMN4
•193 IF (J .EQ. 1) THEN 251 ATOP=Xl*EMN*AMN5
194 E3=ENI*DLOG(ENI) 252 GOTO 135
195 ELSE IF (J .EQ. 2) THEN 253 C
196 E3=EMN*DLOG(EMN) 254 C EXCESS GIBBS FREE ENERGY DUE TO SI
197 ELSE IF (J .EQ. 3) THEN 255 C
198 E3=ESI*DLOG(ESI) 256 132 ASIl=(-1O.8280D4*X2)+(1.0DO-X2)*(-10.8280D4)
199 ENDIF 257 ATOP=ASIl *Xl *ESI
200 All=(1.0DO-X2)*DLOG(1.0DO-X2) 258 C
201 AI2=A8+A9+AIO+Al1+E3 259 135 CONTINUE
202 A13=R*T*AI2 260 AEXl=A21+ATOP
203 AI4=DGCRA(T) 261 C
204 AI5=AI4*A3*X2 262 A22=LCVF(T)
205 IF (J .EQ. 1) THEN 263 A23=Xl *A22
206 E4=46.000D3 264 A24=LCVCR(T)
207 E5=E4*ENI*X2 265 A25=A3* A24
208 ELSE IF (J .EQ. 2) THEN 266 IF (J .EQ. 1) THEN
209 E4=-48.500D3 267 AFl=LCVNI(T)
210 E5=E4*EMN*X2 268 AF2=AFI*ENI
211 ELSE IF (J .EQ. 3) THEN 269 ELSE IF (J .EQ. 2) THEN
212 E4=DGSIA(T) 270 AFl=LCVMN(T)
213 E5=E4*ESI*X2 271 AF2=AFl*EMN
214 ENDIF 272 ELSE IF (J .EQ. 3) THEN
215 AI6=LFCRC(T) 273 AFl=LCVSI(T)
216 A17=AI6*X2 274 AF2=AFl*ESI
217275 ENDIF
218 A18=LFCRV(T) 276 A26=A23+A25+AF2
219 AI9=(1.0DO-X2)*AI8 277 A27=X2*(1.0DO-X2)*A26
220 A20=A17+A19 278 C
221 A21=Xl *A3*A20 279 A28=A2+A5+A7+AI3+AI5+AEXl+E2+E5+A27
222 C 280 C ALPHA MOL AUSTENITE
223 C EXCESS GIBBS FREE ENERGIES DUE TO ADDITION OF FOURTH ELENfENT
281 GMAUS=ALPHA*A28
224 C 282 C
225 IF (J .EQ. 1) THEN 283 C (I-ALPHA) MOL M7C3 CALCULATION
226 GOTO 130 284 C
227 ELSE IF (J .EQ. 2) THEN 285 A30=GFECA(T)
228 GOTO 131 286 A31=X3*A30
229 ELSE IF (J .EQ. 3) THEN 287 A32=GCRCA(T)
230 GOTO 132288 A33=X4*A32
231 ENDIF 289 IF (J .EQ. 1) THEN
232 C 290 A42=GNICA(T) &SA 7 SEP 88 16.20
291 A43=CNI*A42 349 LFCRC=P3
292 ELSE IF (J .EQ. 2) THEN 350 RETURN
293 A42=GMNCA(T) 351 END
294 A43=A42*CMN 352 C
295 END IF 353 DOUBLE PRECISION FUNCfION LFCRV(T)
296 A34=X3*DLOG(X3) 354 DOUBLE PRECISION T,P
297 A35=X4*DLOG(X4) 355 P1=13.11OD3-(31.82DO*T)
298 IF (J .EQ. 1) THEN 356 P2=2.7481DO*T*DLOG(T)
299 A45=CNI*DLOG(CNI) 357 LFCRV=Pl+P2
300 ELSE IF (J .EQ. 2) THEN 358 RETURN
301 A45=CMN*DLOG(CMN) 359 END
302 E1'lTIIF 360 C
303 A36=R*T*(A34+A35+A45) 361 DOUBLE PRECISION FUNCTION LCVF(T)
304 A37=7.5D2*X3*X4 362 DOUBLE PRECISION T
305 A38=A31+A33+A43+A36+A37 363 LCVF=-21.058D3-(l1.581DO*T)
306 C (I-ALPHA) MOL GIBBS FREE ENERGY OF M7C3 364 RETURN
307 GMM7C3=(1.0DO-ALPHA)* A38 365 END
308 C TOTAL GIBBS FREE ENERGY OF THE SYSTEM 366 C
309 TGFES=GMAUS+GMM7C3 367 DOUBLE PRECISION FUNCTION LCVCR(T)
310 FC=TGFES 368 DOUBLE PRECISION T
311 RETURN 369 LCVCR=-21.058D3-(l1.581DO*T)
312 E1'lTI370 RETURN
313 C 371 END
314 C 372 C
315 C LATTICE STABILITY VALUES 373 DOUBLE PRECISION FUNCTION GFECA(T)
316 C 374 DOUBLE PRECISION T
317 DOUBLE PRECISION FUNCTION SLFE(T) 375 GFECA=16.730D3-(12.42*T)
318 DOUBLE PRECISION T,BY1,BY2,BY3 376 RETURN
319 BY1=5.23502D3-(9.4006*T) 377 END
320 BY2=0.52949D-2*(T**2.0DO) 378 C
321 BY3=-0.92215D-6*(T**3.0DO) 379
322 SLFE=BY1+BY2+BY3 380 DOUBLE PRECISION FUNCTION GCRCA(T)
323 RETURN 381 DOUBLE PRECISION T
324 Er-.rn 382 GCRCA=-16.000D3-(7.62DO*T)
325 DOUBLE PRECISION FUNCfION SLCR(T) 383 RETURN
326 DOUBLE PRECISION T 384 END
327 SLCR=1O.460D3+(0.6276DO*T) 385 C
328 RETURN 386 DOUBLE PRECISION FUNCfION SLSI(T)
329 END 387 DOUBLE PRECISION T
330 DOUBLE PRECISION FUNCfION OFF(f) 388 SLSI=-64.818D3+(35.543*T)
331 DOUBLE PRECISION T 389 RETURN
332 OFF=67.208D3-(7.640DO*T) 390 END
333 RETURN 391 C
334 END 392 DOUBLE PRECISION FUNCfION DGSIA(f)
335 DOUBLE PRECISION FUNCfION DGCRA(f) 393 DOUBLE PRECISION T
336 DOUBLE PRECISION T 394 DGSIA=12.3000D4
337 DGCRA=-25.1160D4+(1.18D2*T) 395 RETURN
338 RETURN 396 END
339 END 397 SUBROUTINE STAR
340 C 398 WRITE (6,*) , ******************************************* '
341 C CALCULATION OF INTERACfION PARAMETERS 399 RETURN
342 C 400 END
343 DOUBLE PRECISION FUNCfION LFCRC(T) 401 C
344 DOUBLE PRECISION T 402 C
345 DOUBLE PRECISION P 403 DOUBLE PRECISION FUNCfION LCVSI(T)
346 P1=13.110D3-(31.82DO*T) 404 DOUBLE PRECISION T
347 P2=2.7481DO*T*DLOG(f) 405 LCVSI=-21.058D3-(l1.581DO*T)
348 P3=P1+P2 406 RETURN &SA 7 SEP 88 16.20
407 END 465 GMNCA=-54.827D3+(5.579DO*T)
408 SUBROUTINE GROWfH (X) 466 RETURN
409 DOUBLE PRECISION PART,DIF1,DIFCO,PR1,PR2,PR3,RADIUS 467 END
410 DOUBLE PRECISION R,T 468
411 DOUBLE PRECISION X(4) 469 %
412 DOUBLE PRECISION P21,P22,P23
413 COMMON{ZARZA/R,T
414 RO=1.0D-12
415 PART=X(4)jX(l)
416 DIFCO= 1.8DO*DEXP( -(97.000D3*4.182DO)/(R*T))
417 DO 1111 TIME= 1, 1000ooo, 1000
418 PR1=0.7DO*8.0D1 *5.8D-6*DIFCO
419 P21=6.3D1 *R*T
420 P22=(1.0DO-PART)**2.0DO
421 P23=1.0-X(l)
422 PR2=P21 *P22*P23
423 PR3=(pRl/pR2)*TIME
424 PR4=PR3+(RO**3.0)
425 RADIUS=PR4**(1.0/3.0)
426 1111 CONTINUE
427 RETURN
428 END
429 C
430 DOUBLE PREOSION FUNCTION SLNI(T)
431 DOUBLE PRECISION T
432 SLNI=-5.650D3-(3.35DO*T)
433 RETURN
434 END
435 C
436 DOUBLE PRECISION FUNCTION SLMN(T)
437 DOUBLE PRECISION T
438 SLMN=-1.800D3+(1.276*T)
439 RETURN
440 END
441 C
442 DOUBLE PRECISION FUNCTION LCVNI(T)
443 DOUBLE PRECISION T
444 LCVNI=-21.058D3-(11.581DO*T)
445 RETURN
446 END
447C
448 DOUBLE PRECISION FUNCTION LCVMN(T)
449 DOUBLE PRECISION T
450 LCVMN=-21.058D3-(11.581DO*T)
451 RETURN
452 END
453 C
454 DOUBLE PRECISION FUNCTION GNICA(T)
455 DOUBLE PRECISION T
456 DOUBLE PREOSION GN1,GN2,GN3
457 GN1=-3.550D3+(4.568DO*T)
458 GN2=3.050D-3*(T**2.0DO)
459 GN3=-7.480D-7*(T**3.0DO)
460 GNICA=GN1+GN2+GN3
461 RETURN
462 END
463 DOUBLE PRECISION FUNCTION GMNCA(T)
464 DOUBLE PRECISION T
465 GMNCA=-54.827D3+(5.579DO*T)
466 RETURN
467 END %
APPENDIX 2: THERMODYNAMIC DATA
The following thermodynamic parameters (J/mol) have been used for the calculation of the
y/M7C3 equilibrium in Fe-Cr-C-M ( M = Mn, Ni, and Si) system.
0Gc- °G~ -65563 + 23.815 '[<I)
0GF6 - 0GF~ = 6108.64 + 3.4618 T - 0.747E-2 T2 + 0.5125E-5 T3 (700 - 1100 K)'2)
°GF6 - 0GF~ = 5235.02 - 9.4006 T + 0.52949E-2 T2 - 0.92215E-6 T3 (1100 - 1500 K)'2)
°Gct - °Gc? = 10460 + 0.628 TO)
°GMX - °G~ = -1800 + 1.276 TO)
LC~e = -21058 - 11.581 '[<I)
LC~r = -21058 - 11.581 '[<I)
LC~ = -21058 - 11.581 TO)
LC~n = -21058 - 11.581 TO)
LC~i = -21058 - 11.581 '[<3)
LFecf = 13110 - 31.820 T + 2.748 T Ln'[<l)
LFe~ = 9230 - 10 '[<3)
LFeC~ = 13110 - 31.820 T + 2.748 T Ln'[<l)
LFeMri = 730 - 10 TO)
LFesi = -10828()O)
~GCr = -251160 + 118 Tl)
~GMn = -48500(3)
AFeCr = 750(1)
ACrNi = -54182.8(2)
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APPENDIX 3: COARSENING OF M7C3 CARBIDES IN THE AUSTENITE AND
FERRITE
The rate-controlling process for the coarsening of the M7C3 carbides in the austenite and
ferrite is assumed to be diffusion-controlled so that the solute concentrations in the matrix at each
carbide will be in equilibrium values. The coarsening rate of precipitates under the diffusion-
controlled growth mechanism in binary alloys is well approximated by the following equation;
r3-r03 = 8/9 crDMYMxMt / vRT (1) ••••• (1)
where ro is the average carbide radius at the time t=O, YM the volume of the carbide per 1 mole
of alloying element M, cr the interfacial energy, DM the diffusion coefficient of M in the
austenite, xM the solubility of M atoms, and v the stoichiometric factor depending upon the
composition of carbides.
Since the above equation is valid only for binary systems it can not be directly applied to the
Fe-Cr-C system. However, a thermodynamic model has been proposed by Wey et al.,(2) and the
same model is accepted in this present study.
1. Thermodynamic Model for the Growth of Mr; 3 Carbides in the Austenite
Spherical carbides with radius r have an excess free energy 2cryCtr compared with the
carbides having a planar interface (r=oo).The free energies of the carbides with radius r and with
critical radius rc are written as
OC(r) = OC(oo)+ 2cryc/r (2)
OC(rc)= OC(oo)+ 2cryc/rc (3)
where OC(oo)is the free energy of the carbide with plane interface, and rc is the critical radius
below which all carbides are shrinking and above which all carbides are growing.
The change in the Oibbs free energy of the carbides with radius rand rc is written as
L\Oc= OC(r)-Oc(rc)=2crYc (1/r - 1/rc) .....(4)
In the Fe-Cr-C system when the austenite or ferrite and M7C3 carbides are in equilibrium the
free energies of the carbides can be written as follows
OC(r)= xFec~Fea(r) + xCc~Ca(r) + xCrC~C?(r) .....(5)
and
.....(6)
where xFec, xcc, xCrcare the mole fractions of Fe, C, and Cr in the carbide respectively and
~Fea, ~Ca, ~Cra are the corresponding chemical potentials of each element. Applying the
Oibbs-Duhem equation to the ternary austenite, the following equation is obtained
xFe'Y{~Fea(r)-~Fe a(rc)}+ Xc'Y{~Ca(r)-~Ca(rc)}+ xC?{~Cra(r)-~Cra(rc)}= 0 .....(7)
vc is the volume of the carbide per 1 mole of constituent atoms.
Due to relatively high diffusivity of carbon in the austenite, the chemical potential of carbon is
assumed to be constant for different sizes of carbides. Subsequently, from equations 5, 6, and 7
Gibbs free energy change due to carbide growth is written as
6Gc= (xFe'YxC/- xC?xFec/ xFe'Y)6~Cra. .....(8)
where 6~Cr Cl arises due to the difference in carbide size and can be written using equations 4
and 8 as follows;
6~Cr~ (2crYcxFe'Y/xFe'YxC/- xCr'YxFec)( 1/r -lIrc) .....(9)
The positive chemical potential difference arises due to the fact that growth of the carbide
requires a net flux of Cr atoms from the austenite into the M7C3 carbides. The net flux of Cr
atoms in the austenite is represented as follows.
JCr~ -xC?mC?6~Cra./ ya.8 .....(10)
where mC? is the mobility of Cr atoms in the austenite,2 and ya. is the molar volume of
austenite, and 8 the effective diffusion distance which is assumed to be equal to the particle
radius r. When the flux balance across the interface between austenite and carbide is applied
JCra. is written as follows.
JCr~ 1NCr {xCrC-xC?(1-xCc/l-xC"t)}dr/dt .....(11)
Then the following equation is obtained from equations 10 and 11
1NC{xC/-xcl(1-xCc/1-xC'Y)}dr/dt = - xC?DCrY6~Cra./ yOorRT .....(12)
Using the molar fractions which are defined in the regular solution model as YCr=xC/1-xC'
YFe=xFel1-xC' yc = xcl1-xc_ and approximating that V/cl-xC) has the same value for both
M7C3 and 'Yand clarifying that rc is equal to the average particle radius r, the rate-controlling
equation is written as follows;
.....(13)
This equation is used for the calculation of M7C3 carbide growth in the austenite and ferrite.
The values of DC?/a., YCrM7C3,YCl/a., and YCy/a.used for the calculations are shown in Table
1. The interface energy cr is assumed to be 0.7J/m2 referring to the ferrite/cementite interface
energy, and the molar volume yM7C3 for Cr7C3 is 7.1 10-6 m3/mol.
2
The mobility of Cr atoms is defined as DCr'YIRT. where DCr'Y is the diffusion coefficient of Cr in the
austenite. R the gas constant, and T is the temperature.
Table 1: Theoretically calculated Cr and C concentrations when the austenite, or ferrite* is in
equilibrium with M7C3 in Fe-Cr-C system, and diffusion coefficient of Cr as a function of
temperature.3
Temperature YC?Ia. YC"fIa. y M7C3 D "fla.Cr Cr
700* 0.025 0.015 0.71 2.984 lO-17
750* 0.039 0.016 0.70 1.356 lO-16
800* 0.04 0.018 0.70 5.357 lO-16
900 0.06 0.020 0.68 1.111 lO-16
1000 0.08 0.028 0.66 1.164 lO-15
1100 0.11 0.032 0.64 8.661 lO-15
Fig. 1 represents the calculated curves illustrating the change in the cube of average particle
radius (J.UIl3)as a function of time (hours) at 1100, 1000, 900, 800, 750, and 7oooC. This figure
demonstrates the linear relationship between the cube of average particle radius and the time
indicating that Cr7C3 carbides increase their size by the Ostwald ripening mechanism in the wide
range of temperature region.
3
Diffusion coefficient of er in the austenite and ferrite is calculated using the following equations given by
Bowen and Leak.(3)
D = 8.52 exp (-59.900 I Rn for ferrite
D = 10.80 exp (-69.700 I RT) for austenite
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Fig. 1: The cube of average particle radius versus time curves representing the coarsening of the
Cr7C3 carbides in the austenite and ferrite at 1100, 1000, 900, 800, 750, and 700°C.
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APPENDIX 4: COMPUTER PROGRAM FOR PREDICTION
OF WELD BEAD DIMENSIONS AND DILUTION
1 FTVSCLR PROGRAM=%H% DATA=* NAG
2 C PROGRAM CALCULATES THE WELD BEAD DIMENSIONS AND THE DILUTION
3 C AS A FUNCTION OF WELDING VARIABLES
4 C TPEAK=PEAK TEMPERATURE (K)
5 C TPHEAT=PREHEAT TEMPERATURE To
6 C SAB=SURFACE ABSORPfIVITY 0.7
7 C Q=ARC POWER (J/s)
8 C V=ARC VELOCITY (m/s)
9 C THCON=THERMAL CONDUCTIVITY A (J s-lm-l K-1)
10 C T=TIME (s)
11 C TO=THE TIME TAKEN FOR HEAT TO DIFFUSE OVER THE
C BEAM HALF-WIDTH, fb-
12 C fb=RADIUS OF HEAT SOURCE (m), WHICH IS ASSUMMED TO BE
13 C PROPORTIONAL TO THE RADIUS OF THE WELDING ELECfRODE
14 C THDIF=THERMAL DIFFUSIVITY (m2/s)
15 C VTCAP=VOLUME THERMAL CAPACITY J m-3K-1
16 C Z=DISTANCE BELOW SURFACE (m)
17 C Y=DIST ANCE FROM CENTRE (m)
18 C Zo=MEASURES THE DISTANCE OVER WHICH HEAT CAN DIFFUSE
19 C DURING THE INTERACTION TIME ft/'\)
20 C BEADA=BEAD AREA (m2)
21 C BEADH=BEAD HEIGHT (m)
22 C DILUT=DILUTION
23 C ZMELT=MELT DEPTH (m)
24 C LAHEAT=LATENT HEAT PER UNIT VOLUME (J m-3)
25 C TDIF=TOT AL C DIFFUSION TIME FROM THE FUSION ZONE TO THE
26 C BASE MATERIAL (m2s-1)
27 C CDEPO=C CONCENTRATION OF THE DEPOSIT (Wt%)
28 C CBASE=C CONCENTRATION OF THE BASE MATERIAL (Wt%)
29 C DIFCO=DIFFUSION COEFFICIENT OF CARBON IN THE AUSTENITE
31 C
32 IMPLICIT REAL *8 (A-H,O-$)
33 DOUBLE PRECISION TPHEAT,SAB,Q,V,PI,THCON,POPO
34 DOUBLE PRECISION T,TO,RB,THDIF,Y,Z,ZO,TIMEP,TNEW
35 DOUBLE PRECISION TNEWl,TNEW2,TNEW3,TNEW4,TNEW5
36 DOUBLE PRECISION TNEW6,TNEW7,TNEW8,TNEW9
38 DOUBLE PRECISION BEADA,BEADH,DILUT,ZMELT,LAHEAT
39 DOUBLE PRECISION RECO,DIA,FEEDS,AREAl,AREA2
40 DOUBLE PRECISION Yl,Y2,Y3,Y4,Y5,YNEW,ZNEW
41 DOUBLE PRECISION LAZ,SI,S2,S3
42 INTEGER N,J
43 COMMON/ONEfZO,TO,TPHEAT,THDIF,THCON
44 COMMON/TWO/Q,V,PI
45 COMMON/THREE/Y,Z
46COMMONffO~TCAP
47 CALL STAR
48 WRITE (* ,40)
49 CALL STAR
50 998 WRITE (* ,50)
51 CALL STAR
5240 FORMAT ( , CALCULATION OF THE WELD BEAD GEOMETRY AND ' ,
53 & ' THE DILUTION' I' USING TWO DIMENSIONAL HEAT "
54 & ' FLOW EQUATIONS' Ill' NOTE: ALL ' ,
55 & ' UNITS IN KELVIN, JOULE, METER, AJ.'ID SECOND ' 11)
56 50 FORMAT ( , PLEASE CHOOSE ONE OF THE OPTIONS ' III
57 & ' 1: CALCULATION OF THE PEAK TEMPERATURE FOR A GIVEN POINT' I
58 & ' 2: TEMPERATURE TIME CURVES FOR A GIVEN POINT' I
59 & ' 3: CALCULATION OF THE WELD BEAD DIMENSIONS' I
60 & ' AND CALCULATION OF THE DILUTION' I
61 & ' 4: MINIMUM HEAT INPUT (J/m) VALUE IN ORDER TO ACHIEVE ' I
62 & ' SUFFICIE1\l"f SURFACING FOR A GIVEN ARC SPEED' I
63 & ' 5: CALCULATION OF CARBON DIFFUSION PROFILE' I
64 & ' FROM THE FUSION ZONE TO THE SUBSTRATE ' 11)
65 READ (5,*) J
66 IF (J .EQ. 4) THEN
67 GOTO 12
68 ENDIF
69 WRITE (6,*) , ARC POWER: '
70 READ (5,*) Q
71 12 CONTINUE
72 IF (J .EQ. 3) THEN
73 WRITE (6,*) , FEED SPEED: '
74 READ (5,*) FEEDS
75 ENDIF
76 WRITE (6,*) , ARC VELOCITY: '
77 READ (5,*) V
78 WRITE (6,*) , PREHEAT TEMPERATURE: '
79 READ (5.*) TPHEA T
80 WRITE (6,*) , RADIUS OF HEAT SOURCE'
81 READ (5,*) RB
82 IF (J .EQ. 3) THEN
83 GOTO 327
84 ELSE IF (J .EQ. 4) THEN
85 GOTO 327
86 ELSE IF (J .EQ. 5) THEN
87 GOTO 327
88 ENDIF
89 WRITE (6,*) • DISTANCE BELOW THE SURFACE '
90 READ (5,*) Z
91 WRITE (6,*) , DISTANCE FROM THE CENfRE LINE '
92 READ (5,*) Y
93 327 CONTINUE
94 SAB=O.7DO
95 PI=X01AAF(DUMMY)
96 THCON=OA1D2
97 THDIF=9.1D-6
98 VTCAP=4.5D6
99 LAHEAT=2.1D9
100 DIA=4.0D-3
101 RECO=0.67
102 TO=(RB **2.0)/( 4.0*THDIF)
103 ZO=SQRT( (RB/EXP(1.0»*(SQRT(pI*THDIF*RBN»)
104 IF (J .EQ. 1) THEN
105 GOTO 130
106 ELSE IF (J .EQ. 2) THEN
107 GOTO 128
108 ELSE IF (J .EQ. 3) THEN
109 GOTO 129
110 ELSE IF (J .EQ. 4) THEN
111 GOTO 127
112 ELSE IF (J .EQ. 5) THEN
113 GOTO 144
114 ENDIF
115 130 CONTINUE
116 CALL TPEAK (TPHEAT,Q,V'pI,THCON,TO,THDIF,Y,Z,ZO,TIMEP)
117 TNEW=TP(TIMEP)
118 WRITE (6,*) , PEAK TEMPERATURE IS EQUAL TO ' , TNEW
119 GOTO 221
120 C *********************************************************
121 128 CONTINUE
122 C TEMPERATURE - TIME CURVES FOR A GIVEN POINT
123 C
124 CALL TEMPTI
125 GOTO 221
126 C ***********************************************************
127 C CALCULATION OF WELD BEAD DIMENSIONS, MELTED AREA,
128 C DEPOSITED AREA, AND THE DILUTION.
129 C
130 129 CONTINUE
131 DO 69 Z=O.lD-4, 0.06, 0.lD-3
132 Y=O.O
133 CALL TPEAK(TPHEAT,Q,V,PI,THCON,TO,THDIF,Y,
134 &Z,ZO,TIMEP)
135 TNEWl=TP(TIMEP)
136 IF (TNEWl .LT. 1.820D3) THEN
137 GOTO 132
138 ENDIF
139 69 CONTINUE
140 132 WRITE (6,*) , MELT DEPTH IS EQUAL TO ' , Z
141 ZNEW=Z
142 C ******************************************************
143 C CALLING THE SUBROUTINE CALCULATING THE MELT DEPTH BY
144 C TAKING INTO ACCOUNT THE LATENT HEAT
145 C ******************************************************
146 CALL DIFZ(VTCAP,LAHEAT,Q,V,ZO,TPHEAT,LAZ,PI)
147 C
148 DO 70 Y=O.lD-4, 0.06DO, 0.lD-2
149 Z=O.O
150 CALL TPEAK(TPHEAT,Q,V,PI,THCON,TO,THDIF,Y,
151 &Z,ZO,TIMEP)
152 TNEW2=TP(TIMEP)
153 IF (TNEW2 .LT. 1.820D3) THEN
154 GOTO 135
155 ENDIF
156 70 CONTINUE
157 135 WRITE (6,*) , BEAD WIDTH IS EQUAL TO ' , 2.0D3*Y
158 C ****************************************************
159 YNEW=Y
160 C GENERATION OF THE WHOLE FUSION BOUNDARY
161 C ******************************************************
162 Y=Y/2.0
163 DO 80 Z=O.ID-4, O.06DO, 0.ID-3
164 CALL TPEAK(TPHEAT,Q,V,PI,THCON,TO,THDlF,Y,
165 &Z,ZO,TlMEP)
166 TNEW4=TP(TlMEP)
167 IF (TNEW4 .LT. 1.820D3) THEN
168 GOTO 332
169 ENDlF
170 80 CONTINUE
171 332 CONTINUE
172 C
173 Y=Y/4.0
174 DO 81 Z=O.ID-4, 0.06DO, 0.ID-3
175 CALL TPEAK(TPHEAT,Q,V,PI,THCON,TO,THDlF,Y,
176 &Z,ZO,TlMEP)
177 TNEW5=TP(TlMEP)
178 IF (TNEW5 .LT. 1.820D3) THEN
179 GOTO 333
180 ENDIF
181 81 CONTINUE
182 333 CONTINUE
183 C
184 Y=Y/6.0
185 DO 82 Z=0.ID-4, 0.06DO, 0.ID-3
186 CALL TPEAK(TPHEAT,Q,V,PI,THCON,TO,THDlF,Y,
187 &Z,ZO,TlMEP)
188 TNEW6=TP(TlMEP)
189 IF (TNEW6 .LT. 1.820D3) THEN
190 GOTO 334
191 ENDIF
192 82 CONTINUE
193 334 CONTINUE
194 C
195 Y=Y/8.0
196 DO 83 Z=O.ID-4, 0.0600, 0.ID-3
197 CALL TPEAK(TPHEAT,Q,V,PI,THCON,TO,THDIF,Y,
198 &Z,ZO,TIMEP)
199 TNEW7=TP(TIMEP)
200 IF (TNEW7 .LT. 1.820D3) THEN
201 GOTO 335
202 ENDIF
203 83 CONTINUE
204 335 CONTINUE
205 C *****************************************************
206 CALL BEADl (RECO,DIA,FEEDS,V,AREAl)
207 CALL FIRSTl (BEADH,YNEW,ZNEW,AREA1)
208 CALL FIRSTI (BEADH,YNEW,ZNEW,AREA2)
209 C CALCULATION OF THE DILUTION
210 C
211 DILUT=(AREA2/(AREA 1+AREA2))* 1.0D2
212 WRITE (6,*) , DILUTION IS EQUAL TO ' , DILUT
213 GOTO 221
214 C
215 C CALCULATION OF THE CRITICAL HEAT INPUT VALUE FOR A
216 C GIVEN ARC SPEED.
217 C ********************************************************
218 127 CONTINUE
219 CALL CRITIC (TPHEAT,VTCAP,MINIM,ZO'pI,RB,THCON,Q)
220 GOTO 221
221 C *********************************************************
222 144 CONTINUE
223 DO 66 Z=O.ID-4, 0.06, 0.lD-3
224 Y=O.O
225 CALL TPEAK(TPHEAT,Q,V,PI,THCON,TO,THDIF,Y,
226 &Z,ZO,TIMEP)
227 TNEW9=TP(TIMEP)
228 IF (TNEW9 .LT. 1.820D3) THEN
229 GOTO 162
230 ENDIF
231 66 CONTINUE
232 162 CONTINUE
233 ZMEL=Z
234 WRITE (6,*) , ZMEL IS EQUAL TO ' , ZMEL
235 CALL DIFf (ZMEL)
236 221 WRITE (6,43)
23743 FORMAT ( , MORE ANALYSIS? (l=YES, 2=NO) , ()
238 READ (5,*) L
239 IF (L .EQ. 1) THEN
240 GOTO 998
241 ELSE IF (L .EQ. 2) THEN
242 GOTO 85
243 ENDIF
244 85 STOP
245 END
246 C ************************************************************
247 C ************************************************************
248 SUBROUTINE TPEAK (TPHEAT,Q,V,PI,THCON,TO,THDIF,Y,Z,ZO,TIMEP)
249 IMPLICIT REAL*8 (A-H,O-$)
250 DOUBLE PRECISION TPHEAT,Q,V,PI,THCON,TO,THDIF,Y,Z,ZO,TIMEP
251 DOUBLE PRECISION A(4),REZ(4),IMZ(4),TOL
252 INTEGER K,N,IFAIL,M
253 N=4
254IFAIL=0
255 M=O
256 TOL=X02AAF(ZIP)
257 A(l)=4.0*THDIF
258 A(2)=( 6.0DO*TO*THDIF)-(Z+ZO)**2.0DO-(Y**2.0DO)
259 A(3)=(2.0DO*(T0**2.0DO)*THDIF)-(2.0DO*TO*(Z+ ZO)**2.0DO)
260 A(4)=-(T0**2.0DO*(Z+ZO)**2.0DO)
261 CALL C02AEF (A,N,REZ,IMZ,TOL,IFAIL)
262 DO 75 K=I,3
263 IF ((IMZ(K) .EQ. 0.0) .AND. (REZ(K) .GT. 0.0)) THEN
264 TIMEP=REZ(K)
265 M=M+1
266 END IF
267 75 CONTINUE
268 IF (M .EQ. 0) THEN
269 WRITE (6,*) , NO MAXIMUM TEMPERATURE WAS FOUND '
270 STOP
271 ENDIF
272 IF (M .GT. 1) THEN
273 WRITE (6,*) , THERE ARE MORE THAN ONE PEAK TEMPERATURE '
274 STOP
275 END IF
276 RETURN
277 END
278 C **************************************************************
279 C **************************************************************
280 DOUBLE PREOSION FUNCTION TP(TIMEP)
281 IMPLICIT REAL *8 (A-H,O-$)
282 DOUBLE PRECISION TPHEAT,Q,V,PI,THCON,TO,THDIF,Y,Z,ZO,TIMEP
283 DOUBLE PRECISION Pl,P2
284 COMMON/ONEtzO,TO,TPHEAT,THDIF,THCON
285 COMMON/TWO/Q,V,PI
286 COMMON/THREE/y,Z
287 COMMON/FOURNTCAP
288 PI=XOIAAF(TRIP)
289 P I=Q*0.65/(V*2.0*PI*THCON*SQRT(TIMEP*(TIMEP+ TO)))
290 P2=«(Z+ZO)**2.0DO)/TIMEP)+(Y**2.0DO)/(TIMEP+ TO)
291 TP=TPHEAT+Pl*EXP(-P2/(4.0DO*THDIF))
292 RETURN
293 END
294 C SUBROUTINE FOR TEMPERATURE TIME CURVES FOR A GIVEN POINT
295 SUBROUTINE TEMPTI
296 IMPLICIT REAL*8 (A-H,O-$)
297 DOUBLE PRECISION TPHEAT,Q,V,PI,THCON,TO,THDIF,Y,Z,ZO
298 DOUBLE PRECISION TEMP,TIM
299 DOUBLE PRECISION SI,S2
300 COMMON/ONErzO,TO,TPHEAT,THDIF,THCON
301 COMMON/TWO/Q,V,PI
302 COMMON/THREE/y,Z
303 COMMON/FOURNTCAP
304 INTEGER M,N
305 PI=XOIAAF(TRIP)
306 DO 55 TIM=O.I, 50, 0.5
307 S I=Q/(V*2.0*PI*THCON*SQRT(TIM*(TlM+ TO)))
308 S2=«(Z+ZO)**2.0DO)/TIM)+(Y**2.0DO)/(TIM+ TO)
309 TEMP=TPHEAT +S 1*EXP( -S2/( 4.0DO*THDIF))
310 WRITE (6,*) TIM,TEMP
311 55 CONTINUE
312 RETURN
313 END
314 C
315 C CALCULATING THE BEAD AREA FROM RECOVERY
316 C
317 SUBROUTINE BEAD1 (RECO,DIA,FEEDS,V,AREA1)
318 IMPLICIT REAL*8 (A-H,O-$)
319 DOUBLE PRECISION RECO,DIA,FEEDS,V,AREA1,PI
320 DOUBLE PRECISION A1,A2
321 PI=X01AAF(TRIP)
322 A l=PI*(DIA **2.0)/4.000
323 A2=FEEDS/V
324 AREA1=A1*A2
325 WRITE (6,*) , AREA1 IS EQUAL TO (mm2) , , AREA1*l.OD6
326 RETURN
327 END
328 C
329 C CALCULATING THE BEAD HEIGHT BY ITERATION
330 C
331 SUBROUTINE FIRST1 (BEADH,YNEW,ZNEW,AREA1)
332 IMPLICIT REAL*8 (A-H,O-$)
333 DOUBLE PRECISION BEADH,Y,Z,AREA1
334 BEADH=0.3D-1
335 28 T1=2.0OO*YNEW/(2.0OO*BEADH)
336 T2=BEADH/ZNEW
337 T3=((2.0OO*T1)/(l.ODO+T1 **2.0))*BEADH**2.0OO
338 T4=((1.000+T1 **2.000)/2.000)**2.000
339 T5=DASIN(T3*T4)
340 T6=(BEADH**2.000)*T1
341 T7=((T1 **2.0OO)-1.ODO)/2.0OO
342 T8=T6*T7
343 FUNC=T5-T8-AREA1
344 IF (FUNC .LT. 0.lD-4) THEN
345 GOTO 152
346 ENDIF
347 C CALCULATION OF THE DIFFERENTIATION
348 TlO=l.OOO/SQRT(1.0OO-(T3*T4)**2.0DO)
349 T11=(1.0DO+(T1 **2.0OO))*BEADH*2.0
350 T 12=(4.0DO*(YNEW**2.0oo) )/(BEADH**2.0oo)
351 T13=T11+T12
352 T14=(1.0DO+(T1 **2.000))**2.000
353 T15=T13ff14
354 T16=-(YNEW**2.0oo*(1.0DO+(Tl **2.0)))/(BEADH**3.0DO)
355 TFINAL=(T15*T4)+(T16*T3)
356 FIRSTD=TlO*TFINAL
357 T17= YNEW+«(T**3.0oo)/(BEADH**2.0oo))
358 TLAST=FIRSTD+TI7
359 BEADH=BEADH-(FUNC{fLAST)
360 GOTO 28
361 152 WRITE (6,*) , WELD BEAD HEIGHT IS EQUAL TO: ' , BEADH*1.0D3
362 RETURN
363 END
364 C
365 C CALCULATION OF THE AREA OF THE WELD POOL
366 C
367 SUBROUTINE FIRSTI (BEADH,YNEW,ZNEW,AREA2)
368 IMPLICIT REAL *8 (A-H,O-$)
369 DOUBLE PRECISION BEADH,YNEW,ZNEW,AREA2
370 SI=YNEW/BEADH
371 S2=BEADH/ZNEW
372 S3=(2.0oo*SI *S2)/(1.0DO+(SI **2.0OO)*(S2**2.0OO))
373 S4=(BEADH**2.0oo)/(S2**2.0oo)
374 S5=«(1.0OO+(S 1**2.0DO)*(S2**2.0DO))/2.0oo)**2.0oo
375 S6=S3*54*S5
376 S7=DASIN(S6)
377 S8=«BEADH**2.0oo)*SI)/S2
378 S9=«(SI **2.0OO)*(S2**2.0OO))-1.0OO)/2.0OO
379 SlO=-S8*S9
380 AREA2=S7+S 10
381 WRITE (6,*) , AREA2 IS EQUAL TO ' , AREA2*1.0D6
382 RETURN
383 END
384 C
385 SUBROUTINE STAR
386 WRITE (6,*) , *********************************************** '
387 WRITE (6,*) , *********************************************** '
388 RETURN
389 END
390 C
391 SUBROUTINE DIFZ(VTCAP,LAHEAT,Q,V,ZO,TPHEAT ,LAZ,PI)
392 IMPLICIT REAL *8 (A-H,O-$)
393 DOUBLE PRECISION VTCAP,LAHEAT,Q,V,ZO,TPHET,LAZ,PI
394 LAZ=O.ID-4
395 77 Rl=PI*(LAZ**2.0DO)*VA.HEATa.ODO
396 Rl=(0.7DO*Q)-Rl
397 R2= VTCAP*((LAZ+ZO)**2.0DO)*V
398 R3=((RIIR2)*2.0DO)/(pI*EXP(l.0))
399 TFUNC=TPHEAT +R3-1.820D3
400 IF (TFUNC .LT. 0.1) THEN
401 GOTO 199
402 ENDIF
403 R4=-(R2*PIA.Z*VA.HEAT)a.ODO
404 R5=Q-((PI*(LAZ**2.0DO)*VA.HEAT)a.ODO)
405 R6=2.0DO*VTCAP*V*(LAZ+ZO)
406 R7=-R5*R6
407 R8=(VTCAP*V*((LAZ+ZO)**2.0DO))**2.0DO
408 R9=(R4+R7)1R8
409 RTUREV =(2.0DO*R9)/(pI*EXP(l.0))
410 LAZ=LAZ-(TFUNCIRTUREV)
411 GOTO 77
412 199 CONTINUE
413 WRITE (6,*) , MELT DEPTH BY TAKING INTO ACCOUNT THE LATENT HEAT
414 &IS EQUAL TO ' , LAZ*1.0D3
415 RETURN
416 END
417 C *********************************************************
418 SUBROUTINE CRITIC (TPHEAT,VTCAP,MINlM,ZO,PI,RB,THCON,Q)
419 DOUBLE PRECISION RB,THCON,Q
420 DOUBLE PRECISION TPHEAT,VTCAP,MINlM,ZO,PI
421 DOUBLE PRECISION Vl,V2,V3,V4,V5
422 Vl=PI*EXP(1.0)*VTCAP*((0.ID-3+Z0)**2.0DO)
423 V2=2.0*0.7Nl
424 V3=(1.820D3-TPHEAT)*V2
425 MINlM=V3
426 WRITE (6,*) , MINIMUM HEAT INPUT (J/m): ' , MINIM
427 RETURN
428 END
429 C *********************************************************
430 SUBROUTINE DIFf (ZMEL)
431 IMPLICIT REAL *8 (A-H,O-$)
432 DOUBLE PRECISION ZMEL,Y,THDIF
433 DOUBLE PRECISION T12,T13,T14,CBASE,CSURF,DIFCO,CCOMPO
434 DOUBLE PRECISION TIM,PI,Sl,S2,S3
435 DOUBLE PRECISION TEMP
436 INTEGER N
437 COMMON/ONE(ZO,TO,TPHEAT,THDIF,THCON
438 COMMON/fWO/Q,V,PI
439 Y=O.O
440 TIM=O.lDO
441 CBASE=O.lDO
442 CSURF=1.5DO
443 DO 38 N=l, 300
444 Z=ZMEL+(0.lD-6*(N-1))
445 TIM=TIM+(0.5DO*(N-1))
446 S1=Q/(V*2.0DO*PI*THCON*SQRT(TIM*(TIM+ TO)))
447 S2=«(Z+ZO)**2.0DO)/fIM)+(Y**2.0DO)/(TIM+ TO)
448 TEMP=TPHEAT +Sl *EXP(-S2/(4.0DO*THDIF))
449 DIFCO= 1.0D- 5*DEXP( -1.35D5/(8 .314DO*TEMP))
450 T12=SQRT(DIFCO*TIM)
451 T15=0.lD-6*(N-1)
452 T13=T15/(2.0DO*T12)
453 T14=DERFC(T13)
454 CCOMPO=CBASE+«CSURF-CBASE)*T14)
455 WRITE (6,*) T15, CCOMPO
456 IF (CCOMPO .LT. CBASE+0.1D-3) THEN
457 GOTO 888
458 ENDIF
459 38 CONTINUE
460 888 CONTINUE
461 RETURN
462 END
463 %
APPENDIX 5: WELDING TERMINOLOGY
Arc Voltage: The voltage across the welding arc.
Arc Welding: A group of welding processes which produce coalescence
of metals by heating them with an arc, with or without the use of filler metal.
Arc Welding Electrode: A component of the welding circuit through which
current is conducted between the electrode holder and the arc.
As-Welded: The condition of weld metal, welded joints, and weldments after
welding but prior to any subsequent thermal, mechanical, or chemical
treatments.
Automatic Welding: Welding with equipment which performs the welding
operation without adjustment of the controls by a welding operator.
Base Metal: The metal to be welded, brazed, soldered or cut.
Bumoff-Rate (melting rate): The weight or length of electrode melted in
unit time.
Cladding: A relatively thick layer (> Imm) of material applied by surfacing
for the purpose of improved corrosion resistance or other properties.
Coalescence: The growing together or growth into one body of the materials
being welded.
Continuous Wave (CW) C02 Laser: A gas Laser consisting of an optically
transparent tube filled with C02 gas.
Covered Electrode: A composite filler metal electrode consisting of a core of
a bare electrode or metal cored electrode to which a covering sufficient to
provide a slag layer on the weld metal has been applied.
Deposition Efficiency (Arc Efficiency): The ratio of the weigth of deposited
metal to the net weight of filler metal consumed.
Deposition Rate: The weight of material deposited in a unit time.
Depth of Fusion: The distance that fusion extends into the base metal or
previous pass from the surface melted during welding.
Dilution: The change in chemical composition of a welding filler
material caused by the mixture of the base material in the deposited weld
bead. It is normally measured by the percentage of base material or
previously deposited weld material in the weld bead.
Direct current electrode negative (DCEN): The arrangement of direct current
arc welding leads in which the work is the positive pole and the electrode is
the negative pole of the welding arc.
Direct current electrode positive (DCEP): The arrangement of direct current
arc welding in which the work is the negative pole and the electrode is the
positive pole of the welding arc.
Drag Angle (Electrode Angle): The angle that the electrode makes with the
referenced plane or surface of the base metal in a plane perpendicular to the
axis of the weld.
Electrode Stickout (Electrode extension): The length of unmelted
electrode extending beyond the end of the contact tube during welding.
Filler metal: The metal to be added in making a welded, brazed or soldered
joint.
Flux Cored Arc Welding (FCAW): An arc welding process which produces
coalescence of metals by heating them with an arc between a continuous filler
metal (consumable) elctrode and the work. Shielding is provided by a flux
contained within tubular electrode.
Fusion: The melting together of filler metal and base metal, or of base metal
only, which results in coalescence.
Fusion Zone: The area of base metal melted as determined on the cross section
of a weld.
Gas Tungsten Arc Welding (TIG): An arc welding process which produces
coalescence of metals by heating them with an arc between a tungsten
(nonconsumable) electrode and the work. Shielding is obtained from a gas or
gas mixture. Pressure mayor may not be used and filler metal mayor may not
be used.
Hardfacing: A particular form of surfacing in which a coating or cladding
is applied to a substrate for the main purpose of reducing wear or loss of
material by abrasion, impact, erosion, galling and cavitation.
Heat-Affected-Zone (HAZ): That portion of the base metal which has not
been melted, but whose mechanical properties or microstructure have
been altered by the heat of welding, brazing, soldering or cutting.
Inert Gas: A gas which does not normally combine chemically with the base
metal or filler metal.
Interpass Temperature: In a multiple-pass weld, the temperature (minumum or
maximum as specified) of the deposited weld metal before the next pass is
started.
Plasma Arc Welding: An arc welding process which produces coalescence of
metals by heating them with a constricted arc between an electrode and the
workpiece or the electrode and the constricting nozle.
Residual Stress: Stress remaining in a structure or member as a result of
thermal or mechanical treatment or both. Stress arises in fusion welding
primarily because the weld metal contracts on cooling from the solidus to room te:nperature.
Submerged Arc Welding (SAW): An arc welding process which produces
coalescence of metals by heating them with an arc or arcs between a bare metal
electrode or electrodes and the work. The arc and molten metal are shielded by
a blanket of granular. fusible material on the work.
Thermal Spraying (THSP): A group of welding or allied processes in which
finely divided metallic or nonmetallic materials are deposited in a molten or
semi-molten condition to form a coating.
Thermal Stresses: Stresses in weld metal resulting from nonuniform
temperature distributions.
APPENDIX 6: COMPUTER PROGRAM FOR NI-BASED ALLOYS
1 FfVSCLR PROGRAM=%H% DATA=.DATA
2 C THIS PROGRAM ALLOWS TO CALCULATE THE VOLUME FRACTION OF
3 C GAMMA PRIME PRECIPITATES, COMPOSITION OF GAMMA AND GAMMA
4 C PRIME PHASES, LATTICE MISMATCH BETWEEN GAMMA AND GAMMA
5 C PRIME PHASES, AND STRENGTH AS A FUNCTION OF ALLOY
6 C COMPOSITION FOR A GIVEN ALLOY
7 C S(I)=Wt% OF ALLOYING ELEMENTS
8 C K(l)=ATOMIC WEIGHT OF ALLOYING ELEMENTS
9 C A(l)=At% OF ALLOYING ELEMENTS
10 C Y(I)=ATOMIC PERCANTAGE OF ALLOYING ELEMENTS IN GAMMA PRIME
11 C V(I)=ATOMIC PERCANTAGE OF ALLOYING ELEMENTS IN GAMMA
12 C X=AL CONCENTRATION BY GAMMA PRIME SURFACE EQUATION
13 C B=GAMMA PRIME LATTICE PARAMETER
14 C C=GAMMA LATTICE PARAMETER
15 C M=%LATTICE MISFIT
16 C F=VOLUME FRACTION OF GAMMA PRIME
17 C T=EXPANSION COEFFICIENT AT 538 OC (lOE-6/0C
18 DIMENSION A(8), V(8), Y(8),K(8),S(8),P(8),VAC(8)
19 DOUBLE PRECISION F,K,M,T
20 DOUBLE PRECISION OVERS,PS,SSS
21 DOUBLE PRECISION UTS20,UTS650,UTS760,UTS871,UTS982,LATMIS
22 201 READ (5,*,END=200)( S(l),I=I,8)
23 T= 14.378+(0.0123*S(6)+0.0284*S(2)-0.1 012*S(3)-0.0520*S(7)
24 +-0.1280*S(5)-0.0214*S(4)-0.0165*S(8»
25 DATA (P(l),I= 1,8)/0.66,4.66,4.66,7.66,6.66, 1.71,4.66,4.66/
26 C FROM WPERC TO APERC
27 DATA (K(I),I=1,8)/58.71,51.996,95.94,26.9815,47.90,58.9332,
28 +183.85,180.947/
29 DO 10 1=1,8
30 10 A(I)=S(l)IK(I)
31 SUMI=A(l)+A(2)+A(3)+A(4)+A(5)+A(6)+A(7)+A(8)
32 DO 15 1=1,8
33 A(l)=A(l)/SUMI
34 15 A(l)=A(I)*I00
35 F=0.OO3
364 N=1
37 5 Y(2)=A(2)/(F+(1.0-F)*7.3737)
38 Y(3)=A(3)/(F+(1.0-F)*3.9932)
39 Y(4)=A(4)/(F+(1.0-F)*0.2413)
40 Y(5)=A(5)/(F+(1.0-F)*0.1955)
41 Y(6)=A(6)/(F+(1.0-F)*2.652)
42 Y(7)=A(7)/(F+(1.0-F)*1.7615)
43 Y(8)=A(8)/(F+(1.0-F)*0.2049)
44 Y(I)=IQO-(Y(2)+Y(3)+ Y(4)+ Y(5)+ Y(6)+Y(7)+ Y(8»
45 X=24 .0484-(0.5765*Y(2) )-( 1.1096*Y(3) )-(0.90 16*Y(5»-(0.0292 *Y(6»
46 X=X-(1.0567*Y(7»-(1.1123*Y(8»
47 DAL=X- Y(4)
48 IF (ABS(DAL) .LT. 0.(01) GOTO 50
49 IF (N .EQ. 2) GOTO 48
50 DALO=DAL
51 FO=F
52 F=F+O.OOOl
53 N=N+l
54 GOTO 5
55 48 F=F-O.OOOl*DAL/(DAL-DALO)
56 GOTO 4
57 50 V(2)=Y(2)*7.3737
58 V(3)=Y(3)*3.9932 SAI04.APPENDIX(GAMMA) 7 SEP 88 16.40
59 V(4)=Y(4)*0.2413
60 V(5)= Y(5)*0.1955
61 V(6)=Y(6)*2.702
62 V(7)=Y(7)*0.552
63 V(8)=Y(8)*0.261
64 V(I)=IQO-(V(2)+V(3)+V(4)+V(5»
65 B=3.5208+(4.35E-3*Y(3)+ 1.20E-3*Y(2)+ 1.85E-3*Y(4)
66 +3.40E- 3*Y(5)+0.2E-3*Y(6)+4.12E-3*Y(7)+6.3E-3*Y(8»
67 C=3.5240+(4.35E-3*V(3)+ 1.20E-3*V(2)+ 1.85E-3*V(4)
68 +3.40E-3*V (5)+0.2E-3*V(6)+4.12E-3*V(7)+6.3E-3*V(8»
69 SSS=-12.36+2.60*Y(6)-1.42*Y(2)-1.35*Y(3)+2.75*Y(7)
70 OVERS=-106.42+ 1.58*Y(6)+ 1.43*Y(2)+4.70*Y(3)+ 7.45*Y(7)
71 &+5.79*Y(4)+6.76*Y(5)+11.27*Y(8)
72 PS=OVERS-SSS
73 OVERS=9.08*OVERS
74 SSS=9.08*SSS
75 PS=9.08*PS
76 M=((B-C)/B)*I00
77 DO 300 1=1,8
78 VAC(I)=V(I)/l00*Pcn
79 SUMVAC=VAC(1)+VAC(2)+VAC(3)+VAC(4)+VAC(5)+VAC(6)+
80 +VAC(7)+ VAC(8)
81 300 CONTINUE
82 IF (SUMV AC .LE. 2.30) THEN
83 CALL STARS
84 WRITE (6,*) 'E1ec.Vac.Conc. is ' ,SUMVAC, 'Matrix stable'
85 ELSE
86 CALL STARS
87 WRITE (6,*) 'E1ec.Vac.Conc. is ' ,SUMV AC, 'TCP may fonn'
88 ENDIF
89 UTS20=461.9+ 12.91 *S(2)+2.473*S(6)+ 15.85*S(3)+9.621 *S(7)
90 &+26.95*S(8)+34.44*S(4)+32.51 *S(5)
91 UTS650= 148.2+ 11.39*S(2)+4.088*5(6)+ 14.82 *5(3)+ 11.80*5(7)
92 &+29.21 *5(8)+82. 19*5(4)+61.05*5(5)
93 UTS760=96.52+ 12.16*S(2)+ 1.008*5(6)+20.40*5(3)+ 15.19*5(7)
94 &+33.17*5(8)+88.68*5(4)+58.29*5(5)
95 UTS871=56.53+5.184*5(2)+2.559*5(6)+23.87*5(3)+ 12.93*5(7)
96 &+28.21 *5(8)+84.14*5(4)+37.96*5(5)
97 UT5982=37.23-3.992*S(2)-0.0091 *5(6)-0.55*5(3)+6.53*S(7)
98 &+20.05*5(8)+67.91 *5(4)+42.92*5(5)
99 LATMIS=1.216-0.00202*5(l)+3.6970-3*5(2)+1.09D-1 *S(3)
100 &+0.77080-1 *5(4)
101 &-0.40550-1 *S(5)-6.479D-3*5(6)-3.787D-3*S(7)-3.5630-3*5(8)
102 CALL STAR5
103 WRITE (6,99)
104 WRITE (6,119) (Scn,I=1,8)
105 WRITE (6,120) (A(I),I=1,8)
106 WRITE (6,121) (y(I),I=1,8)
107 WRITE (6,122) (V(I),I=1,8)
108 CALL 5TAR5
109 WRITE (6,123) F
110 CALL STAR5
111 WRITE (6,124) B
112 WRITE (6,125) C
113 WRITE (6,126) M
114 CALL STARS
115 CALL STAR5
116 WRITE (6,127) T
117 CALL STARS
118 WRITE (6,89)
119 WRITE(6,899)UTS20,UTS650,UTS760,UTS871,UTS982
120 WRITE(6,8999)LATMIS
121 CALL OUTPUT
122 99 FORMATC NI CR MO AL TI CO
123 +W TA ')
124 119 FORMATC WPERCT: ',8(2X,F5.2))
125 120 FORMATC ALCOMPOS:',8(2X,F5.2))
126 121 FORMATC COMGAMPR:',8(2X,F5.2))
127 122 FORMATC COMPGAMA:',8(2X,F5.2))
128 123 FORMATC VOLFRACT:',F5.3)
129 124 FORMATC GAMPRLAT:' ,F6.4)
130 125 FORMATC GAMALATI:' ,F6.4)
131 126 FORMATC LATMISFT:' ,F8.5)
132 127 FORMATC THERMAL EXPANSION COEFFICIENT AT 538 OC *lOE-6: ' ,F5.2)
133 89 FORMATC UTS20 UTS650 UTS760 UTS871 UTS982 ')
134 899 FORMATC MPA:',5(2X,F7.2))
135 8999 FORMATC REGRESSION ANALYSIS RESULTS LAT MISFIT:',F7.5)
136 GOTO 201
137200 STOP
138 END
139 SUBROUTINE STARS
140 WRITE (6,*) '********"'**"'**"'''''''**'''''''''*'''''''''''''''''''''''''''''''''''''''**''''''***'''***'
141 END
142 SUBROUTINE OUTPUT
143 WRITE (6,*) , ,
144 WRITE (6,*) , ,
145 END
146 %
APPENDIX 7: SCANNING ELECTRON MICROGRAPHS OF HIGH-SI CONTAINING
CASTS
b I 20J.lIIl I
Fig. 1: a) Fe-27.9Cr-15.9Si-3.29C; b) Fe-26.28Cr-20.80Si-3.23C wt%. The primary phase is FeSi
intennetallic compound which has a hardness of ""1600HV.
